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PREFACE 


Diffusion  in  ordered  alloys  and  intermetallic  compounds  has  received  tittle 
attention  in  recent  years,  even  though  it  lies  at  the  heart  of  many  fundamental  and 
practical  problems.  As  opposed  to  diffusion  in  dilute  alloys  or  solid  solutions, 
atom  movements  in  ordered  alloys  are  affected  by  the  state  of  order  in  the 
material.  Conversely,  atom  movements  change  the  state  of  order,  either  locally, 
leading  to  large  diffusional  correlation  factors,  or  globally,  leading  to  order- 
disorder  transformations.  Diffusion  controls  the  sequence  of  compound  formation 
during  the  intermixing  of  pure  elements,  and  affects  properties  such  as  creep, 
hydrogen  embrittlement,  and  stability  against  electromigration.  These  topics  form 
the  scope  of  this  book. 

This  book  originated  with  the  Symposium  on  Diffusion  in  Ordered  Alloys  and 
Intermetallic  Compounds,  held  during  the  1 992  fall  meeting  of  The  Metals, 
Minerals,  and  Materials  Society  (TMS)  in  Chicago.  The  goal  of  this  symposium  was 
to  bring  together  scientists  having  interests  in  basic  and  applied  problems  ranging 
from  diffusional  correlation  factors,  to  effects  of  diffusion  on  microstructural 
evolution  and  on  the  properties  of  ordered  alloys.  The  speakers  and  the  topics 
were  selected  to  match  the  scope  of  the  nascent  book,  and  the  editors,  and 
authors  worked  together  to  ensure  broad  coverage  without  overlap.  The  editors 
thank  the  authors  for  accommodating  the  needs  of  the  book,  and  the  selfless 
referees  for  helping  them  to  do  so. 

One  of  us  (B.F.)  is  indebted  to  Ms.  Pamela  Albertson  for  her  help  in  managing 
manuscripts  and  communications  with  authors.  The  editors  gratefully 
acknowledge  the  support  for  the  Symposium  provided  by  the  Office  of  Naval 
Research  (S.  Fishman)  and  the  Oak  Ridge  National  Laboratory  (C.  T.  Liu). 
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Diffusion  in  Ordered  Binary  Alloys:  A  Microscopic  Approach 


C^ing  C.  Wang  and  Sheikh  A.  Akbar 

Department  of  Materials  Science  and  Engineering 
The  Ohio  State  University 
Columbus,  Ohio  43210  USA 


Abstract 

Diffusion  in  ordered  binary  alloys  has  been  treated  using  the  pair-approodmation  of  the 
Path  Probability  Method  (PPM)  based  on  an  atomistic  model.  The  effect  of  the  atomic 
interaction  on  the  ordering  behavior  and  its  influence  on  transport  properties  have  been 
clarified.  Compositional  dependences  of  both  the  intrinsic  diffusion  and  intetdiffiision 
coefficients,  oonelation  factor,  and  thomodynamic  factor  agree  very  well  with  results  fiom 
Monte  Carlo  simulations.  The  calculated  prt^terties  also  show  qualitative  agreement  with 
dte  experimental  data  on  diffiiavity,  activity,  and  creq>  in  NiAl  systeno. 
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I.  Introduction 


Diffusion  in  otdered  alloys  recently  has  been  the  subject  of  considerable  interest  due 
largely  to  the  increasing  demand  for  the  understanding  of  high  (empenture  behavior  of  the 
OTdeted  intennetallic  compounds.  In  comparison  with  the  disoidered  solid  solution  aU<^ 
theoretical  treatment  of  diffusion  in  ordered  alloys  are  much  more  complicated  because  of 
the  atomic  interactions  between  the  diffusing  species.  In  other  words,  atomic  jump  in  an 
ordered  alloy  strongly  depends  on  the  nature  of  ordering  in  the  immediate  environment  at 
the  mictoscc^ic  level.  Considering  diffusion  via  the  vacancy  mechanism,  when  diffusing 
atoms  exchange  with  vacancies,  they  tend  to  leave  behind  traces  of  disordered  region  and 
locally  deviate  from  thermodynamic  equilibrium.  In  order  to  maintain  thermodynamic 
equilibrium,  the  migration  of  atoms  must  occur  in  a  way  or  sequence  to  conqtensate  or 
minimize  the  increase  of  energy  during  the  diffusion.  As  a  result,  diffusion  in  ordered 
alloys  is  strongly  correlated;  the  degree  of  correlation  (or  order)  is  a  function  of 
conqxrsidon  and  temperature,  and  this  considerably  coa^tikates  the  theoretical  treatment  of 
diffusion. 

Diffusion  in  ordered  alloys  tends  to  be  much  slower  than  in  disordered  alloys,  and  is 
often  characterized  with  the  existence  of  a  sharp  minimum  in  the  diffusion  coefficient 
versus  composition  curve  and  a  sharp  maximum  in  the  activation  energy  versus 
composition  curve  around  the  stoichiometric  composition.  Slow  rates  of  diffusion  bring 
with  them  the  associated  advantage  of  improved  microstructural  stability  and  tnqtroved 
creep  strength  at  elevated  temperatures,  especially  when  creep  is  controlled  by  a  diffusion 
mechanism.  Apart  from  its  technical  importance,  this  problem  of  diffusion  is  also  quite 
challenging  theoretically.  In  the  past  two  decades,  the  theoretical  treatment  of  diffiisioa  in 
ordered  alloys  has  mostly  been  developed  as  an  extension  to  Manning's  random  alloy 
model  in  the  framework  of  the  nearest-neighbor  pair-wise  interactions.  Bakker  [1]  and 
Stolwijk  [2]  have  extended  Manning's  random  alloy  model  to  include  knig-  and  short-range 
order  and  their  results  show  good  agreement  with  the  numerical  simulations  by  the  hfonte 
(^!o  method.  However,  these  approaches  do  not  provide  an  analytical  expression  for  die 
calculation  of  the  thermodynamic  state  of  order  as  a  function  of  composition  and 
tenqierature.  In  the  treatment  of  diffurion  in  ordered  alloys,  one  requires  rirsdy  to  construa 
an  exact  analytical  expressirm  for  the  change  of  the  ffee  energy  of  the  system  to  be 
minimized,  and  secondly  to  derive  the  Onsager  equation.  A  combined  ^iproach  based  on 
the  Path  Probability  Method  [3]  and  the  Ouster  Variation  Method  [4]  offers  a  unique 
oppmtunity  to  treat  these  problems  [3,6]. 

The  Ouster  Variation  Method  (CVM),  a  stadc  version  of  the  Path  Probability  Method 
(PPM),  can  calculate  the  thermodynamic  equilibrium  state  of  order  as  a  function  of 


tempenuuic  ^  composition.  The  PPM,  on  the  other  hand,  can  derive  the  Onsager 
equatio'  for  diffusion  analytically  based  on  atomistic  models  [7.8].  Such  analytical 
expressions  are  quite  helpful  in  identifying  measurable  quantities  (e.g.  diffusion 
coefficient,  ionic  conductivity,  etc.)  in  terms  of  fundamental  microsco{»c  paiaiiMers  such 
as  junq>  fiequendes  and  interatomic  interactions.  If  sufficient  information  is  available  on 
these  quantities,  qwcific  predictions  can  be  made  or.  conversely,  diffusion  experiments  can 
be  used  to  evaiuate  these  atomistic  parameters  for  which  there  is  no  stiaightfmward 
calculation  or  measurement.  It  has  recently  been  demonstrated  [9]  that  by  fftting  the  HPM 
equations  to  dentixing  experimenu  in  oxide  solid  solutions,  it  is  possible  to  self- 
consistently  evaluate  mictosoopic  panmeters. 

Although  some  limitations  have  been  found  to  appear  in  the  original  formalism  of  the 
PPM  as  applied  to  transport  problems  where  the  motion  of  individual  particles  is  at  stake 
(e.g.,  the  calculation  of  the  coneliuioo  fisctor),  significant  improvements  have  recently  been 
nude  by  changing  some  of  the  averaging  [xocesses.  A  full  account  of  this  problem  can  be 
found  in  references  [5.10],  Here,  for  sinqrlicity,  the  original  formalism  will  be  used.  The 
objective  of  this  paper  is  to  show  how  the  PPM  can  be  used  to  treat  diffusion  problems  in 
mdered  alloys  using  the  well  established  pair-approximation.  The  effect  of  atomic 
interactions  on  the  ordering  behavior  and  its  influence  on  transport  properties  will  be 
illustrated  and  compared  with  the  existing  Monte  Carlo  simulations  [11]  and  ejqierimental 
results  in  ordered  intermetallic  compounds  such  as  NiAl.  Compositional  dqiendences  of 
intrinsic  diffusion  and  inteidiffusioo  coefficients  will  be  illustrated  and  their  implication  on 
the  high  tenqteratuie  creep  behavior  (rf  NiAl  will  be  addressed.  Also,  an  attenqit  is  to 
deal  with  diffusion  in  some  ordered  alloys  where  a  maximum  in  diffusivi^  versus 
conqxrsition  curve  is  observed.  This  prqrer  is  primarily  an  extension  our  recent  work  on 
diffusion  in  ordered  alloys  and  intermetallic  conqxwnds  [6],  and  some  results  are  directly 
taken  from  that  reference. 


II.  Theoretical  Background 

A.  Eouilibrium  distribution  of  atniru 

In  this  section,  relevant  results  trf  the  CVM  [4]  are  briefly  reviewed,  as  the  equilibrium 
treatment  of  die  CVM  forms  the  basis  for  the  PPM  calculation  of  transpost  properties.  The 
role  of  the  Ouster  Variation  Method  is  to  calculate  the  equilibrium  state  or  distribution  of 
atoms  of  a  system  using  the  variation  principle  common  to  other  equilibrium  statistical 
mechanics.  The  equilibrium  state  is  represented  by  the  noost  probable  state  qiecified  by  die 
state  variables  (a)  which  make  the  free  energy  F{a)  ^E(a}  -TS{a),  a  minimum,  or  the 
partition  function  Q(a)  «  exp  [•  F(a)/kTl,  a  maximum.  The  choice  the  state  variables 
(a)  or  die  calculation  of  energy  E{a),  and  the  evaluation  of  entropy  S{a}  ate  the  basic 
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ingredients  of  the  CVM.  In  its  general  form,  the  CVM  represents  a  hierarchy  of 
qiptoximations,  and  the  degree  of  qiproximation  can  be  systematically  inqiroved. 

In  a  binary  alloy  AB.  for  exanqtle,  if  atoms  interact  only  with  dieir  nearest  neiglibars, 
the  total  energy  E{a}  of  the  system  can  be  given  by  q>ecifying  the  number  of  atomic  pairs 
such  as  A-A,  A-B  and  B-B.  Ihe  entn^  S{a)  can  be  evaluated  by  counting  the  number  of 
ways  of  rearranging  these  fixed  number  of  pairs  (»  a  given  lattice  (details  can  be  found  in 
Ref.  4).  When  these  pairs  are  taken  as  state  variables,  the  treatment  is  called  the  pair- 
qtproximatioa  (equivalent  to  the  Bedte-qtjsoximation). 

Based  on  the  pair-siqnoximaiion  of  the  CVM,  the  variables  required  to  specify  a  state 
are  xj’s,  which  indicate  the  probability  of  finding  die  ith  qiecies  oo  a  lattice  site,  and  yij’s, 
which  represent  the  equilibrium  values  the  probability  of  finding  i-j  pairs.  For  a  biniuy 
alloy,  the  state  variables  fulfill  the  fdlowing  relations: 


II 

-M 

X 

(1) 

x.=Xy« 

(2) 

i 


where,  i  and  j  »  A,  B,  and  v,  the  vacancy.  With  the  assumption  that  interactions  exist  only 
between  nearest  nei^txHS,  these  state  variables  for  a  given  composition  and  temperature 
are  determined  by  the  pairwise  interaction  energy  ey  (ey  >  0  is  taken  as  attractive).  In  odicr 
words,  die  state  variables  for  a  given  composition  are  determined  as  a  function  of 
temperature  in  tenns  of  Cy  under  the  equilibrium  condition.  For  an  mdered  alloy,  the  state 
variable  yy’s  can  be  expressed  as: 

Xm  =qiqie®''®>K? 

where,  qj  and  Sj  are  determined  by  a  set  of  simultaneous  equations 


*i“qi  5) 

/ 

(4a) 

2«.-l 

(4b) 

These  variables  represent  the  short-range  and  long-range  mder,  respectively. 


(3a) 

(3b) 
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Instead  of  using  values  of  individual  ey,  it  is  mote  convenient  to  introduce  an  effective 
interaction  energy  parameter  e  of  the  form: 


4£  =  2eA«-(eAA  +  eM)  (5) 

Although  interactions  involved  with  vacancies  are  often  assumed  zero  (e^v^ 

0),  these  can  also  be  treated  indirecdy  through  differences  among  ey’s  as  defined  in  Eq. 
(5).  It  is  important  to  note  that  the  value  of  e  can  be  positive  or  negative.  In  the  case  of 
binary  solid  solution,  negative  in  e  conesponds  to  positive  deviation  ftom  the  ideal  sdution 
in  terms  of  thermodynamic  activity,  and  vice  versa.  In  the  present  paper  where  the  case 
with  positive  value  of  e  is  considered,  the  effective  interaction  energy  parameter  e, 
sometime  referred  to  as  "ordering  energy”,  also  gives  the  measure  of  the  critical 
temperature  Tc  of  die  order-disorder  transfcmnation.  In  the  pair-amnoximatioa  of  the  CVM, 
Tc  at  the  stoichiometric  composition  with  a  negligible  vacancy  concentration  is  given  in 
terms  of  the  lattice  coordination  number  (2(0)  as  (12] 

2e/kTc  =  ln[(iV(©.l)]  (6) 

Equation  (6)  serves  to  normalize  the  value  of  e  with  respect  to  icTc.  In  a  bcc  lattice  with  2at 
=  8,  for  example,  e/kTc  has  a  value  of  0.144. 


B.  Atomistic  calculation  of  transport  properties 

The  essence  of  an  atomistic  theory  of  diffusion  within  the  linear  approximation  of  the 
Onsager  formalism  is  to  derive  the  flux  equations  in  a  multicomponent  system.  For  a  binary 
alloy  AB,  at  uniform  temperature,  the  Onsager  equations  derived  by  the  PPM  can  be 
expressed  as 


•Ia  —  ■  Laa  o'a  '  LAsOt’a  (7a) 

Jb  =  ■  I-BAtt'A  *  I-bb®'b  (7b) 

Here,  and  Jb  represent  the  fluxes  of  A  and  B  atoms  respectively,  and  a'i  (i  =  A,  B) 
represents  the  generalized  chemical  potential  gradient  of  the  rth  species  (oq  =  ppi,  where  P 
s  lAcT  and  Pi  is  the  chemical  potential). 

Based  on  the  PPM,  the  Onsager  matrix  coefficients  Ly's  can  be  expressed  in  terms  of 
two  parameters:  the  static  and  kinetic  parameters,  i.e.,  the  interatomic  interactions  (ey),  and 
the  jump  frequencies  of  constituents  (wO.  For  diffusion  by  the  vacancy  mechanism,  Lij's 
are  derived  as 

Laa  *  WAyAvWAfAA  (8a) 
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■’—w 


where 


Lab  =  WxyAvWAfAB 
LgA  =  WayByWafeA 
LgB  =  WByevWofBB 


Wj  =  0  exp(  -  puj) 

Wi  = 

i 

(8b) 

(8c) 

(8d) 

(9) 


(10) 


As  explained  in  the  previous  section,  the  vaiiables  yy*s  represent  the  equilibrium  values 
of  the  probability  of  finding  i-j  pain,  obtained  by  the  pair-approximation  of  the  CVM,  and, 
hence,  yjv  represents  the  probability  of  finding  a  vacancy  near  an  ith  atom.  This  term  is 
conveniently  called  the  •vacancy  availability  factor  (VAF).  Here,  6  is  the  attenqit  frequency 
and  Ui  is  the  activation  energy  of  motion.  It  is  obvious  that  while  Wj  is  the  bare  jump 
frequency,  Wj  represents  the  effect  of  the  suiroundings  on  the  jumping  atom  and  is  called 
the  bond-breaking  factor  (BBF). 

The  quantities  fjj’s,  which  are  directly  related  to  the  appropriate  Ljj  in  Eq.  (8), 
constitute  the  so-called  vacancy-wind  effect  or  the  physical  correlation  factor  f'  (for 
random-walk  motion,  ^  1)  defined  as; 

®  Iaa  “  (ab^a  /  Cb 
(b  ®  Ibb  ~  (ba^b  ! 

where,  concentration  Q  is  defined  as: 

Cj  =t*i(i)  +  *i(2)V2  (11c) 

Hoe,  Xj^i)  and  Xj^)  are  the  values  of  Xj  on  the  two  sublattices  of  the  ordered  system. 

In  general,  although  fjj  and  fij  (i  ^  j)  can  be  directly  obtained  by  the  PPM  [6,13],  the 
physical  intopretation  of  these  functions  are  rather  complicated.  In  the  limit  (rf  iiqpurity 
diffusion,  say,  A  in  the  host  of  B,  fAA  refers  to  the  inqturity  (or  nacer)  conelation  factor.  At 
the  other  limit  of  self  diffusion  (in  pure  crystal),  fAA  is  unity  if  the  vacancy  concentration  b 
very  low.  fjj  (i  *  j),  which  is  related  to  the  cross  terms  of  the  Onsager  matrix  coefficients 
defined  in  (8),  reflects  the  interference  of  the  flux  of  the  y  atoms  on  the  flux  of  the  i 
atoms.  This  interference  arises  indirectly  from  the  competition  of  atoms  for  the  vacancies. 


(lla) 

(llb) 
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Equations  (8  -  10}  show  precisely  how  the  transport  of  an  atom  depends  on  the 
availability  of  a  vacancy  in  its  neighborhood,  and  how  the  mmitui  is  influenced  by  the 
surrounding  atoms.  It  should  be  noted  that  for  an  ordered  system  with  two  distinct 
sublattices,  bcmd-brealdng  factors  can  be  introduced  for  each  sublattice.  However,  the 
product  of  VAF  and  BBF  in  the  system  of  Eq.  (8)  makes  the  Onsager  coefiiciatts  invariant 
of  the  sublattice. 

The  Onsager  matrix  coefficient,  Ljj  can  be  rdated  to  the  more  familiar  intrinsic  diffusion 
coefficients  as 

Du  =  LaaA^a  ■  Lab^  (12a) 

Db  =  ■  Lba/Ca  (i2b) 

From  Eqs.  (8)  and  (12),  the  intrinsic  diffusion  coefficient,  for  example,  Du,  can  be 
expressed  as  [14] 

Du=DAfi,  (13) 

where.  Da  is  a  hypothetical  (or  calculated)  diffusion  coefficient  of  an  A  atom  which  is 
making  random  walk. 

It  is  important  to  note  that  Du  and  Db  (or,  more  precisely.  Da  and  Dg)  implicitly  include 
the  thermodynamic  factor  commonly  recognized  in  the  context  of  chemical  diffusion  in 
non-ideal  miiiticonqxment  systems.  Therefore,  sometimes  it  is  convenient  to  express  I\  in 
the  following  form; 

Dti  =  Df«I>fi'  (14) 

where  <b  accounts  for  deviation  of  the  system  fforo  ideal  solution  behavior  (O  »  1  for  an 
ideal  solution).  The  quantity  Df  is  the  intrinsic  diffusion  coefficient  of  species  <  in  the  ideal 
solution.  This  kind  of  expression  is  especially  helpful  in  the  analysis  of  problem  of 
diffusion  in  multiconqtonent  systems. 

The  thermodynamic  factm  d>  is  usually  defined  as 

«I»  =  pXi[3m/3xi]  (15) 

Using  the  relationship,  Ca  ->■  s  1,  equation  (IS)  can  be  rewritten  as  [1 1] 

<»-PCAC,ia(HA-liB)OCA]  (16) 

which  is  more  convenient  for  numerical  differentiation.  The  chemical  potential  oi  ith 
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species  for  an  ordered  alloy  with  negli^bie  vacancies,  can  be  derived  by  the  CVM  and  is 
expressed  as  [IS] 

|ii  *  P  (2<d  Inqi  -  0.5(2©  - 1)  In  (xioyxicJ)  (17) 

Thus,  the  thennodynamic  factor  O  can  be  calculated  from  equadon  (16)  by  determining  |1a- 
Pb  as  a  function  of  composition  and  performing  a  numerical  differentiation.  Furthermcne. 
by  taking  the  pure  conqxment  as  the  standard  state,  the  activity  as  a  function  of  conqxisitioo 
within  the  ordered  phase  region  can  be  calculated  by 


ai  =  exp[P(m-Poi)] 


(18) 


where  Poi  is  the  chemical  potential  of  pure  i. 

The  PPM  calculations  will  be  divided  into  two  parts  for  two  difrerent  types  of  lattice. 
First,  the  simple  cubic  lattice  will  be  employed  so  that  our  results  can  be  directly  cmrqrared 
with  those  obtained  by  Monte  Carlo  simulations.  Then,  in  txder  to  compare  with  the 
experimental  results  of  diffusion  coefficients  in  NiAl  (CsCl-type  bcc  structure),  the 
calculations  will  be  extended  to  the  bcc  lattice.  In  both  cases,  interactions  only  between 
neatest  neightxxs  will  be  assumed  and  designated  as  Caa.  Cbi*  Gab-  Further,  interactions 
involved  with  vacancies  v  are  assumed  to  be  zero. 

In  the  treatment  of  diffusion,  in  which  the  relative  easiness  of  breaking  bonds  with  its 
neatest  neighbor  atoms  is  to  be  considered,  the  difference  of  Caa  and  Ebb  has  to  be  taken 
into  account  Therefore,  an  extra  parameter  U  is  defined  as 

U  =  (eAA-ei»y(4e)  (19) 

This  parameter  is  a  measure  of  whether  A-A  or  B-B  bond  is  easier  to  break,  and  can  be 
estimated  from  the  energy  of  formation  of  vacancies. 

From  equations  (8)  and  (12),  the  intrinsic  diffusion  coefficients  can  be  expressed  in  the 
following  form; 


^  "  ^XyAV  [fAA  -  CAfAB/Cal/CA 

(20a) 

Db  =  WgYgv  [fBB  -  Cgfaji/C/J/Ct 

(20b) 

w,  =  w,W, 

(20c) 

The  vacancy  availability  factors  yAv  and  yBv  are  functions  of  temperature  and 
composition,  and  can  be  evaluated  by  the  CVM.  However,  in  order  not  to  introduce  extra 
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conq>lications  and  confonn  to  the  approach  taken  by  Zhang  et  aL  [1 1]  in  their  hfonte  Carlo 
computations,  nonnalized  intrinsic  diffusion  coefficioits  are  defined  as 

Du  »D^/[C^Wj]  (21a) 

Dib=D^C^w,]  (21b) 

and  are  called  intrinsic  diffusion  coefficients  per  unit  vacancy  concentration.  The 
interdiffiision  coefficient  of  Darken ’s  fcmn  [16],  D,  can  be  calculated  directly  from 
and  D,b: 

D=C,D,^+C,,Db  (22) 

and  similar  to  Eq.  (14),  the  interdiffusion  coefficient  can  be  expressed  in  terms  of  the 
thermodynamic  and  correlation  fftctors  in  the  following  form 

D  =  (C,D5;f;+C^DSfi)<I»  (23) 

For  a  given  set  of  e,  U  and  temperature  (or  a  nonnalized  temperature  in  terms  of  ^Tc), 
both  the  intrinsic  diffusion  and  interdiffiision  coefficients  can  be  calculamd  as  a  ffinction  of 
composition.  It  is  important  to  note  that  the  composition-dependence  of  die  diffiisivity  in  an 
ordered  alloy  is  decided  by  the  competition  between  die  coneladon  and  the  thermodynamic 
factors  (Eqs.  (14)  and  (23)]. 


III.  Results  and  Discussion 

A.  Comparison  Between  the  PPM  and  Monte  Carlo  Simulations 

As  in  the  case  of  Monte  Gulo  (MQ  simulations  of  Zhang  et  al.  [11],  the  first  part  of 
our  calculation  was  also  carried  out  for  a  simple  cubic  (sc)  lattice  with  U  =  0,  i.e.,  Caa  = 
Eag.  From  equation  (6),  the  normalized  critical  temperature  for  die  sc  lattice  is  calculated  to 
be  e/kTc  ==  0.203.  Note  that  in  comparison  with  Zhang  et  al.[ll],  our  deffnidon  of  the 
mdoing  energy  differs  firom  theirs  by  a  factor  of  4.  Being  symmetrical,  only  the  results  for 
the  A  cmnponent  are  shown  here;  those  for  the  B  component  can  be  obtained  sinqily  by 
subsdtudng  B  for  A  in  the  figures. 

Figure  la  shows  the  composidon  dependence  of  the  thermodynamic  factor  O  at  various 
values  of  e/kT.  Note  that  lower  temperature  corresponds  to  higher  c/kT.  For  e/kT  ^  0.203, 
the  ordered  phase  appears  with  the  minima  in  O,  corresponding  to  the  order-disorder  phase 
boundaries,  and  with  the  peaks  or  maxima  at  the  stoichiometric  composition.  These  results 
i^tee  very  well  with  diat  the  MC  sinulation  [11],  as  shown  in  Fig.  lb. 
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Figure  2a  shows  the  results  of  the  intrinsic  diffusion  coefficient  various  values 
of  e/kT  as  defined  in  equation  (21).  For  tfltV  greater  than  0.203.  a  minimum  develops  in 
the  ordered  region  as  expected.  Again,  these  results  agree  very  well  with  that  of  MC 
simulation,  as  shown  in  Fig.  2b.  There  are  minor  differences,  though,  especially  in  the 
region  where  Ca  approaches  1. 

With  the  results  of  D,a  ^  ^ib>  ^  interdiffiision  coefficient  D  can  be  obtained  using 
Eq.  (22),  and  the  results  are  shown  in  Fig.  3a.  Similar  results  obtained  by  MC  siimilation 
are  shown  in  Fig.  3b.  Despite  the  maximum  in  the  thermodynamic  factor,  a  minimum  in  D 
develc^  in  die  ordered  region,  suggesting  diat  other  factms  may  dominate  in  the  diffusion 
process.  Figure  4  shows  the  composition-dependence  of  the  physical  correlation  factor 
at  various  values  of  e/kT.  In  all  cases,  the  decrease  of  to  a  minimum  indicates  the 
increase  in  ordering  as  Ca  approaching  the  stoichiometric  cmnposition,  or,  in  odier  words, 
the  tendency  of  atoms  to  reverse  jumps  becomes  stronger  in  (Hder  to  preserve  local  mder. 
Fot  e/kT  >  0.203,  a  deep  cusp  manifests  the  so  called  physical  correlation  effects,  which  is 
reflected  in  the  slowing  down  of  atomic  migration  due  m  preservation  of  local  mder  as  can 
be  seen  in  Rgs.  3.  The  effect  of  correlation  factor,  therefore,  overshadows  that  of  thermo¬ 
dynamic  factor  and,  hence,  dominates  the  interdiffiision  processes  in  the  ordered  region. 

B.  Comparison  with  the  Experimental  Data  on  NlAl  System 

It  is  known  that  NiAl  is  an  ordered  compound  with  CsQ-type  structure  and  exits  over  a 
wide  range  of  compositions  [17].  The  stoichiometric  alloy  retains  its  structure  up  to  its 
melting  point  of  ItiSS^C.  From  equation  (6),  the  ordering  energy  e  can  be  estimated  to  be 
0.S5  kcal/mol.  For  simplicity,  the  ratio  of  bare  jump  frequencies  (wsi/wm)  is  set  to  be 
unity.  The  calculations  were  carried  out  by  choosing  different  values  of  C|«.n/Eai.ai  or  U. 
Here,  the  ratio  of  efe.fB/e/u./u  were  estimated  to  be  l.S  Bom  the  cohesive  energies  of  Ni  and 
A1  [18].  It  should  be  noted  that  our  fitting  of  parameters  or  curves  are  not  meant  to  be 
exact,  since  the  present  tindel  does  not  take  into  account  the  variation  of  lattice  parameters 
and  the  vacancy  concentration  (therefore,  interatomic  interactions)  as  a  function  of 
composition.  Also,  the  pair-tqiptoxitnation  of  the  CVM  does  not  accurately  predict  phase 
boundaries  in  intenneiallic  alloys;  it  is  necessary  to  use  higher-order  approxinoations. 

Figure  5  shows  the  conqiarison  of  the  calculated  activity  of  Ni  with  the  experimental 
data  for  NiAl  at  1000°C,  in  the  range  of  Qg  =  0.4  -  0.6.  The  thin-solid  curve  represents  the 
activity  of  Ni  obtained  by  Hanneman  and  Seybolt  [19],  converted  from  experimental 
activity  of  A1  [20]  by  Gibbs-Duhem  integrations.  In  light  of  the  fact  that  this  calculation  is 
carried  out  using  the  pair-tq>proximation  widi  nearest  neighbor  interactions,  the  agreement 
is  quite  satisfactory.  For  the  purpose  of  coii^arison,  activity  of  Ni  calculated  with  e  -  0.80 
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t/kT«0.05 


Fig.  4.  Composition'dcpcndence  of  the  physical  ctxrelation  factor  f^  at  various  values  of 
e/kT  calculated  by  the  PPM. 


Fig.  S.  Comparison  of  the  calculated  activity  of  Ni  with  the  experimental  data  for  NiAl  at 
1000°C  in  the  range  of  Cm  =  0.4  -  0.6  [15].  The  diick-solid  line  is  calculated  with  e  ^  0.55 
kcal/mol,  while  the  dotted  line  with  e  ^  0.80  kcal/mol.  I 
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Fig.  6.  Composition-depeiidence  of  the  intrinsic  diffusion  coefficient  Ni,  D^,  in  NiAl 
at  various  ten^eratures,  calculated  with  U  =  0.73. 

kcal/mol  is  also  plotted  as  the  dotted  curve.  It  can  be  seen  that  the  agreement  with 
experimental  data  is  better  fOT  higher  e,  suggesting  that  the  actual  ordering  energy  may  be 
higher  than  that  estimated  by  the  pair-approximation  [Eq.  (6)]. 

Figure  6  shows  the  composition-dependence  of  the  intrinsic  diffusion  coefficient  of  Ni 
calculated  with  U  =  0.73  at  various  temperatures  as  indicated.  Note  that  minima  are 
observed  near  the  stoichiometric  ctunposition  for  all  temperatures  below  1638'’C,  which 
qualitatively  agree  with  expeiimental  results  [21]  shown  in  Fig.  7.  It  should  also  be  noted 
that  the  minimum  occurred  is  not  centered  at  the  stoichiometric  composition,  a  behavior 
also  observed  in  the  ordered  AuCd  [22].  Traditionally,  the  interpretation  of  this  off- 
stoichiometric  behavior  is  based  on  the  argument  of  the  change  of  defect  structure  across 
the  stoichiometric  composition.  Our  calculations  suggest  that  both  the  magnitude  and  the 
sign  of  U  play  a  signiHcant  role  in  determining  the  locatio:!  of  the  minimum.  In  our 
calculations,  the  positive  value  of  U  means  tiiat  vacancies  tend  to  distribute  in  the  Ni-rich 
region  which  makes  the  imnimum  off-stoichiometric. 

An  important  implication  of  the  present  results  is  the  high  tenqxrature  creq>  behavior  of 
ordered  alloys  where  diffusion  mechanism  is  iterative.  It  has  been  found  in  NiAl  that  the 
activation  energy  for  steady-state  creep  as  a  function  of  composition  exhiints  a  in«Ti»niiin  at 
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Fig.  7. 

Coaq>ositk»-d^>eiidence  die 
intrinsic  diffusion  codlideat  erf 
Ni  measured  at  various 
ten^ietatures  [20]. 


elevated  tetqieratures  [23^].  Also,  Shankar  and  Siegle  [25]  have  found  that  dw  activatiao 
energy  for  intenliffusion  shows  similar  compositimi-dependence,  a  behavior  predicted  by 
both  the  PPM  and  Monte  Carlo  simulation.  The  similarity  between  the  composition- 
dependence  of  the  activation  energy  for  diffusion  and  steady-state  creep  at  high 
temperatures  implies  the  diffusional  nature  of  the  high-temperature  creep  in  the  ordered 
NiAl. 

In  some  ordered  binary  alloys,  a  maximum  in  the  diffusion  coefficient  vs.  composition 
curve  is  exhibited.  In  H-Al  system,  for  example,  inierdiffusion  coefficient  vs.  composition 
curves  exhibit  maxima  in  both  the  UsAl  and  TiAl  phases  [26].  According  to  Eq.  (23),  it  is 
suspected  chat,  unlike  in  the  case  of  NiAl  where  dmninates  the  diffusion  process,  O  may 
become  dominant  in  systems  such  as  71- AL  In  order  to  verify  this  latter  crajectuie,  further 
calculations  in  composition-dependenoe  of  the  interdiffusioa  coefficient  was  carried  out  in  a 
hypothetical  ordered  alloy  AB  with  bcc-type  lattice  at  various  values  of  0,  as  shown  in 
Fig.8.  Note  that  only  the  contribution  of  6  was  considered  in  the  calculation  because:  (i) 
composition-dependence  of  die  thermodynamic  factor  O  in  an  ordered  alloy  always  exhibit 
a  maximum,  and  (ii)  <b  is  fixed  by  e  for  a  given  temperature  and  is  independent  of  0.  It  can 
be  seen  that  minima  in  composition-dependence  of  the  diffusion  coefficient  persist  for  0  in 
the  range  of  lO-^  and  1(P.  In  other  words,  based  on  the  present  model,  it  is  suggested  tiiat 
significant  difference  in  jump  fiequencies  of  the  constituent  conqionents  may  not  result  in 
a  maximum  in  composition-dependence  of  diffusion  coefficient  observed  in  some  oideied 
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Fig.  8.  Composition-dependence  of  the  inteidiffusion  coefficient  for  a  binary  alloy  AB 
with  an  ordered  bcc  lattice  calculated  at  a  normalized  temperature  e/kT  =  0.4  (e/kTc  = 
0.144)  at  various  values  of  6. 

alloys.  The  enhanced  diffusion  around  the  stoichiomeinc  conqjosidon  may  arise  htom  some 
other  factors,  which  affect  the  thermodynamic  and/cv  conelation  factors.  Note  that  since  in 
the  present  model  interactions  involved  with  vacancies  are  assumed  zero  (e^v  =  Cbv  =  Ew = 
0),  further  work  on  the  diffusion  in  ordered  alloys  may  need  to  include  non-zero  Eiv .  At 
this  stage,  however,  our  conclusion  is  that  either  there  exist  some  other  factors  which  affect 
the  thermodynamic  and/or  correlation  factors,  or  the  pair-approximation  of  the  PPM  is  not 
capable  of  predicting  this  behavior. 

IV.  Conclusion 

The  treatment  of  diffusion  in  ordered  alloys  based  on  the  Path  Probability  Method  gives 
insights  at  an  atomic  level.  The  atomic  interaction  is  shown  to  have  significant  influence  on 
transport  properties  and  its  derived  phenomena  such  as  the  high-temperature  creep  in 
ordered  alloys.  Although  an  exact  quantitative  fitting  or  assessment  of  parameters  is  not 
given  in  the  present  approach,  the  comparisons  with  the  Monte  Carlo  simulation  and 
experimental  results  serve  to  show  how  the  PPM  can  be  used  to  deal  with  the  complex 
phenomenon  of  diffusion  in  ordered  alloys.  The  composition-dependence  of  the  diffiisivity 
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is  shown  to  be  decided  by  the  competition  between  the  thennodynamic  and  the  ctxielation 
factors.  Within  the  pair-approximation  of  die  PPM,  such  a  competition  leads  to  a  minimum 
behavior  in  the  diffusivity  in  agreement  with  some  binary  alloys,  but  fails  to  predict  die 
reverse  behavior  observed  in  others. 
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Abstract 

Atomistic  approach  to  diffusion  processes  in  ordered  systems  by  means  of  the  pair 
approximation  of  the  Path  Probability  method  (PPM)  of  irreversible  statistical  mechanics  is 
critically  reviewed  in  the  light  of  recent  progress  in  the  understanding  of  the  treatment  The 
treatment  of  diffusion  even  by  means  of  the  pair  approximation  of  the  original  PPM  eventually 
leads  to  results  correspo-'ding  to  the  point  (mean  field)  approximation.  This  is  traced  to  the  fact 
that,  in  the  PPM,  the  averaged  motion  of  an  assembly  of  particles  is  treated  as  flow.  The 
troubles  can  thus  be  removed  by  changing  the  formalism  of  the  PPM  into  that  of  dealing  with 
the  motion  of  a  single  particle  in  the  assembly  of  particles.  The  characteristic  change  of  the 
diffusion  coefficient  with  composition  is  due  to  a  drastic  decrease  in  the  physical  correlation 
factor  (the  percolation  efficiency)  in  the  ordered  region,  in  addition  to  the  increase  in  the 
activation  energy.  In  the  original  PPM,  the  percolation  efficiency  is  determined  only  by  the 
development  of  the  long  range  order,  while,  after  conversion,  it  is  shown  that  the  change  of  the 
short  range  order  is  responsible  for  the  change  of  the  percolation  efficiency. 
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I.  Introduction 


Earlier,  Kikuchi  and  Sato  derived  expressions  for  the  tracer  diffusion  coefficients  in  binary 
ordered  systems  composed  of  A  and  B  atoms  by  means  of  the  pair  approximation  of  the  PPM 
[1,2],  and  showed  that  the  tracer  diffusion  coefficient  of  B,  Dg,  is  expressed  by  means  of  the 
harmonic  mean  of  two  components,  Dg ,  and  Dg  g ,  as 


where  Dgj  (Dg  g)  may  be  interpreted  as  a  component  of  the  diffusion  coefficient  when  a  B* 
(tracer  of  B)  atom  jumps  from  a  I  sublattice  into  a  II  sublattice  (from  a  11  into  a  I)  site  and  the 
smaller  one  practically  determines  Dg .  This  is  a  convenient  concept  and  has  been  widely 
quoted.  However,  it  has  been  found  that  a  systematic  deviation  of  the  calculated  values  of 
tracer  correlation  factor  from  those  obtained  by  Monte  Carlo  simulation  method  in  the 
disordered  region  exists,  but  the  agreement  has  been  found  to  be  restored  when  the  long  range 
order  develops  [3,4],  Here,  we  examine  the  cause  of  such  discrepancies  with  the  results  of  the 
Monte  Carlo  simulation  in  the  light  of  recent  progress  in  the  understanding  of  the  treatments. 

Phenomenological  approaches  which  agree  well  with  results  of  the  Monte  Carlo  simulation 
method  were  developed  later  [3,4].  We  prefer,  however,  the  treatment  by  means  of  the  PPM  in 
examining  the  discrepancies,  because  the  treatment  of  the  PPM  does  not  include  any  further  ad 
hoc  assumptions  other  than  those  models  initially  assigned,  or  any  further  approximations 
other  than  those  inherent  in  the  treatment,  and  all  the  derivations  are  made  analytically. 
Therefore,  the  cause  of  improper  results,  if  any,  can  be  traced  in  a  straightforward  fashion.  The 
PPM  is  an  extension  of  the  Cluster  Variation  Method  (CVM)  of  equilibrium  statistical 
mechanics  to  include  time,  t,  in  the  treatment.  The  nature  of  approximation  and  the  validity  of 
the  CVM  in  dealing  with  equilibrium  properties  are  well  known. 

In  the  following,  we  show,  step  by  step,  why  the  discrepancies  between  the  PPM  and  the 
Monte  Carlo  simulation  in  the  treatment  of  flow  should  arise,  and  how  these  troubles  can  be 
removed  in  the  pair  approximation  by  a  change  of  the  averaging  process  which  has  been  called 
the  conversion  processes  [S-9]. 

n.  Treatment  of  Difliision  in  Ordered  S^tems  by  Means  of  the  Original  PPM 
in  the  Pair  Approximation 

Here,  we  adopt  a  so-called  lattice  gas  model.  This  corresponds  to  the  vacancy  model  of 
diffusion  commonly  adopted.  Two  species  of  atoms,  A  and  B,  occupy  the  lattice  sites. 
Unoccupied  lattice  sites  are  "vacancies,"  and  an  atom  can  jump  into  a  nearest  neighboring 
unoccupied  site.  We  assume  nearest  neighbor  pairwise  interactions,  e„  and  e^,  with 
4E  =  2e^ -(B;^ +eBg),  but  no  interactions  between  those  associated  with  vacancies,  or 
E^v  =  Egv  =  Eyv  =  0.  Here,  we  deflne  that  A  and  B  are  attractive  if  E  >  0.  These  are  called  the 
static  parameters  which  determine  the  distribution  of  atoms  under  equilibrium  conditions.  In 


addition,  we  need  to  assume  basic  jump  frequencies  for  A  and  B  atoms  which  determine  the 
probabilities  of  jumps  of  atoms  into  nearest  neighboring  vacant  sites,  w^^  and  Wg,  as 

Wa  =  Wg  =  00  exp(- where  B^andSg  represent  the  attempt 

frequencies,  u^  and  u,  represent  the  activation  energy  characteristic  of  A  and  B  atoms, 
respectively.  The  effect  of  surroundings  due  to  the  interaction  with  neatest  neighboring  atoms 
(which  we  call  the  bond  breaking  factor)  is  to  be  accounted  for  in  addition  to  u^^  and  u,  (see 
below).  These  are  called  the  kinetic  parameters.  In  kinetics,  a  jump  of  an  atom  into  a  neatest 
neighboring  vacancy  corresponds  to  an  interaction  with  its  nearest  neighboring  atom  in  statics. 
No  mote  assumptions  than  these  are  required.  The  flow  is  calculated  as  the  difference  in  the 
number  of  particles  jumping  across  the  reference  plane  between  those  in  the  plus  direction  and 
the  minus  direction  towards  the  driving  force.  In  the  derivation,  no  further  ad  hoc  assumptions 
are  introduced  other  than  the  pair  approximation  of  the  PPM.  Interactions  introduce  a  certain 
equilibrium  distribution  among  A  and  B  atoms  at  a  specifled  temperature.  In  the  CVM-PPM 
formalism  in  deriving  flow,  this  distribution  is  calculated  by  the  (pair  approximation  of)  CVM. 
Jumps  of  atoms  under  the  driving  force  which  do  not  change  the  equilibrium  distribution  of 
atoms  are  calculated  by  the  PPM.  The  Onsager  equation  thus  derived  corresponds  to  the 
parallel  displacement  of  an  equilibrium  distribution  (the  motion  of  a  certain  cross  section  of 
the  specimen)  under  the  driving  force.  Details  of  the  treatment  are  given  elsewhere  [1,2], 


Fig.  1.  Effect  of  bond  breaking  as  an  Fig.  2.  Definition  of  Z  in  terms  of 
atom  of  the  ith  species  jumps  P,  and  P,  [7]. 

into  a  vacancy.  Thick  lines 
indicate  the  bonds  [  7]. 


The  change  in  the  distribution  causes  the  change  in  the  local  activation  energy  because  an 
atom  should  break  interactions  (bonds)  with  the  nearest  neighboring  atoms  when  it  jumps  into 
a  vacancy  (Fig.  1).  This  term  is  introduced  as  the  bond  breaking  factor.  The  average  of  the 
activation  energy  thus  depends  on  the  distribution  and  composition,  and  this  is  calculated  by 
the  CVM.  In  addition,  the  introduction  of  the  bond  breaking  factor  creates  the  fluctuation  of 
the  activation  energy  from  place  to  place  because  of  the  fluctuation  in  the  distribution  and 
makes  the  motion  of  a  particle  deviate  from  that  of  random  walk.  This  creates  the  correlated 
motion  of  particles  and  the  associated  correlation  factor,  f,  (physical  correlation  factor  or  die 
percolation  efliciency)  becomes  small  compared  to  one  even  in  the  disordered  state.  This  term. 
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however,  has  not  been  taken  into  account  by  the  PPM.  A  sharp  drop  in  the  percolation 
efHciency  in  the  well  ordered  region  where  atomic  sites  are  divided  into  two  makes  the 
diffusion  coefficient  in  the  ordered  system  extremely  small,  although  the  increase  in  the 
average  activation  energy  in  the  ordered  region  also  contributes  to  the  decrease  in  the  diffusion 
coefficient 

The  distribution  of  vacancies  affects  the  diffusion  process  [1,2].  Although 
^Av  =  egv  =  Ew  =  0  ^  assumed,  due  to  the  difference  in  and  egg,  vacancies  prefer  to  stay 
next  to  A  or  B  depending  on 


A  finite,  non-zero  value  of  U  thus  makes  the  behavior  asymmetric*  with  respect  to  the 
equiatomic  composition  [1,2].  We,  however,  often  assume  U  to  be  zero  in  order  to  make  the 
calculations  simpler  [10,11].  Under  this  assumption,  the  distribution  of  vacancies  becomes 
homogeneous. 

By  means  of  the  pair  approximation  of  the  PPM,  the  tracer  diffusion  coefficient  of  B,  D,, 
and  the  two  components,  Dg  j  and  Dg j, ,  defined  in  Eq.(l)  are  expressed  as 

DB=4w,V3WBf 

Dgj  =  ^WjVjjWgjf  I 
Db.b  ~  4w jVgjjWgjjf 0 

with 

Wb  W0,  W0.0 

l/f=|(l/f,  +  l/f„) 

Vb  =  {*b.i^bj  *Bji^B.n)  /  (2 

where,  Vg,  Wg  and  f  are  the  vacancy  availability  factor,  effective  jump  frequency  factor,  and 
the  (physical)  correlation  factor  [2].  Here,  Wg^,  and  Wg  g  represent  the  bond  breaking  factor 
for  a  B*  on  the  I  and  n  sublattices  on  the  average,  respectively,  f,  and  fg  are  (physical) 
correlation  factors  for  diffusion  in  the  I  and  the  II  sublattices,  respectively.  Vgj ,  for  example, 
corresponds  to  the  probability  of  finding  vacancies  at  the  nearest  neighbor  of  a  B*  atom  on  the 
I  sublattice.  The  composition  of  B  on  the  I  (II)  sublattice  is  specified  by  x,j  (Xgji),  and  Xg  is 
the  average  concentration  of  the  species  B 

*B  “  (*»j  *Bji) !  2  (8) 

*If  UaOand  0^  »6|,  and  31  a,  can  be  assumed,  andD,  become  symmetric  with  lespect  to  each  other 

at  the  equiatomic  comnositioo. 


If  the  sublattice  I  corresponds  to  the  B  sublattice,  Wgj  is  small  (the  bond  breaking  factor 
becomes  significant)  and,  based  on  Eq.  (1),  is  practically  represented  by  Dgj.  At  the  same 
time,  under  the  same  condition  in  the  well  ordered  state,  f,«fg,  so  that  f  is  practically 
represented  by  f^.  Therefore,  the  diffusion  coefHcient  in  the  ordered  system  can  be  estimated 
from  the  dependence  of  W, ,  on  composition  with  the  scaling  factor  f,  which  depends  only  on 
the  long  range  order  even  without  a  complicated  calculation  by  means  of  the  PPM. 

It  is  to  be  noted  that  the  pair  approximation  works  only  for  crystal  lattices  which  can  be 
divided  into  two  equivalent  sublattices  such  as  the  two  dimensional  honeycomb  lattice  (2Dbc) 
(201  =3,  where  2(0  corresponds  to  the  coordination  number),  the  two  dimensional  square 
lattice  (2Dsq,  201=4)  and  the  body  centered  cubic  lattice  (bcc,  2o}=8),  etc.  The  face  centered 
cubic  lattice  (fee,  2<o=12),  for  example,  is  divided  into  four  equivalent  sublattices  and 
conclusions  obtained  by  the  pair  approximation  are  not  readily  applicable.  Indeed,  the 
tetrahedron  approximation  is  required  for  treatments  with  approximation  higher  than  the  point 
approximation  here.  Treatments  for  diffusion  using  approximations  higher  than  the  pair 
approximation  are  very  complicated  to  handle  in  the  PPM  (The  triangle  ^proximation  of  the 
PPM  which  is  applicable  to  problem  of  flow  has  been  completed  [12])  while  the  point 
approximation  tends  to  give  physically  incorrect  results  as  is  well  known  in  the  calculation  of 
phase  diagrams.  Because  of  this  situation,  systematic  calculations  of  diffusion  coefficients  in 
binary  systems  by  means  of  the  PPM  have  been  limited  to  the  treatment  by  the  pair 
approximation. 

The  fact  that  the  diffusion  process  can  be  considered  as  two  parallel  circuits  as  shown  in 
Eq.  (1)  is  essentially  based  on  the  concept  of  microscopic  reversibility  under  the  equilibrium 
condition.  In  the  CVM-PPM  formalism,  diffusion  is  treated  to  take  place  always  under  the 
equilibrium  condition,  and  this  concept  of  the  transposed  lattice  can  be  readily  proved  [2]. 

Expressions  of  Eq.  (4)  indicate  that  the  diffusion  coefficients,  Dg  j ,  etc.,  are  determined  by 
two  factors  of  different  nature,  Wg,,  etc.  and  f,,  etc.  The  factors  Wgj,  etc.,  representing  the 
average  bond  breaking  factors,  indicate  the  increase  in  the  (intrinsic)  activation  energy  in  the 
ordered  state  and  are  calculated  essentially  by  the  pair  approximation  of  the  CVM.  These 
factors  are  determined  by  the  distribution  of  atoms  and  the  space  correlation  of  the  distribution 
is  represented  by  that  of  the  pair  approximation.  On  the  other  hand,  the  correlation  factors,  f,, 
etc.,  represent  the  character  of  flow  and  are  determined  by  the  PPM  part  of  the  theory.  In 
Eq.  (6),  f,,  etc.,  depend  only  on  the  long  range  order  and  are  insensitive  to  the  short  range 
order.  In  other  words,  the  degree  of  approximation  in  calculating  the  time  correlation  by  the 
PPM  is  reduced  to  that  of  the  point  approximation.  It  is  to  be  reminded  here  that  the 
temperature  dependence  of  the  correlation  factor  affects  the  Arrhenius  plot  In  other  words,  the 
temperature  dependence  of  the  correlation  factor.  3lnf/3(l/T),  also  contributes  to  the 
apparent  activation  energy. 

The  fundamental  equation  of  flow  in  the  PPM,  which  depends  linearly  on  the  driving  force, 
has  the  form 
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'<'i  =  -ai+XQjVji 

i 

=  -d  -  ZQjVji '  «i)“i  =  -fitti  (9) 

i 

Here,  4*1  is  a  normalized  flow  (the  flow  under  the  driving  force  divided  by  the  flow  in  one 
direction  under  the  equilibrium  condition)  of  an  assembly  of  the  ith  species,  Qj  indicates  the 
disuibution  of  atoms  which  surround  a  tagged  species  of  i  atoms,  titj,  indicates  the  deviation 
from  equilibrium  with  respect  to  the  j-i  pairs  in  the  direction  of  the  driving  force,  a,  is  the 
generalized  chemical  potential  divided  by  kT,  d,  indicates  the  driving  force  for  the  ith  species 
and  f,  deflnes  the  correlation  factor.  Therefore,  the  term  ZQjti/j,  /d,  represents  a  strain  in  the 

distribution  created  by  an  external  force  d,  and  this  strain  makes  the  correlation  factor  f, 
smaller  than  one.  Equation  (9)  indicates  that  the  flow  corresponds  to  the  parallel  displacemec; 
of  a  plane  with  particles  in  the  equilibrium  distribution  under  the  driving  force.  In  such  a  case, 
the  time  correlation  of  the  motion  of  particles  corresponds  to  that  of  the  average,  and  hence  to 
that  of  the  point  approximation.  This  is  the  reason  that  the  time  correlation  treated  by  the  PPM 
is  reduced  to  that  of  the  point  approximation  irrespective  of  the  degree  of  approximation  used 
to  treat  the  problem  of  flow.  It  is  noted  that  this  difficulty  is  not  limited  to  the  PPM,  but  is 
found  to  be  common  to  treatments  of  flow  for  an  assembly  of  particles  and  is  due  to  the 
procedure  in  which  the  averaged  flow  (by  means  of  the  ensemble  averaging)  of  an  assembly  is 
handled  [6]. 

Equation  (9)  further  leads  to 


where 


..  (2o)-l)Z, 

‘~2  +  (2(j)-3)Zi 


i  Wi+Wj 


(10) 

(11) 


and  Wj,  etc.  means  the  jump  frequency  of  the  ith  species  with  the  bond  breaking  factor 
(w,  =  w,  -W,),  etc.  In  terms  of  Z,  the  physical  situation  of  deriving  the  correlation  factor 
becomes  especially  clear.  In  Fig.  2,  a  situation  which  represents  Z,  is  shown  when  a  tagged 
atom  B*  at  the  central  site  has  just  replaced  the  position  with  a  vacancy  and  is  ready  to  jump 
back  into  the  vacancy  it  has  left  behind.  Then  the  probability  for  a  jump  back  is  denoted  by  P,, 
and  a  jump  of  an  atom  at  a  surrounding  into  the  vacancy  represents  the  escape  probability.  P,, 
of  the  vacancy  as  noted  in  Fig.  2.  Based  on  Eq.  (1 1), 

P,=l-Z, 

P^=(2(o-l)Z,  (12) 


and  f,  is  connected  to  Z,  as  Eq.  (10).  The  larger  is  the  normalized  jump  back  probability,  t, 
which  is  ^fined  as 
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the  smaller  is  the  correlation  factor,  which  is  represented  based  on  Eq.  (10)  in  terms  of  x  as 
f  =  (1  -  x)  /  (1  +  x).  In  ordered  systems,  because  of  the  microscopic  reversibility,  Eq.  (9)  can  be 
represented  by  flows  in  two  parallel  circuits  as 

4'.(I)  =  -d.+XQj(n)¥ji(I) 

j 

'F,(n)=-d,+XQj(i)Vii(n)  (14) 

i 

Here,  ^,(1)  and  'Fi(n)  represent  the  flow  through  the  I  sublattice  and  that  through  the  II 
sublatdce  respectively,  and  Qj(II)  and  Qj(I)  represent  the  probability  of  finding  the  jth  species 

of  atoms  on  the  II  and  I  sublattices,  respectively.  Each  equation  in  Eq.  (14)  is  equivalent  to  that 
in  Eq.  (9)  in  the  disordered  state,  and  similar  arguments  as  Eqs.  (10)-(13)  follow.  If  the  central 
site  in  Fig.  2  represents  the  I  site  and  the  surrounding  sites  the  II  sites,  the  B*  atom  which 
jumped  out  tends  to  go  back  to  the  I  site  immediately.  This  makes  the  value  of  fg ,  and  hence 
fg  small.  In  this  way,  it  is  understood  that  the  composition  dependence  of  f,  is  enhanced  in 
the  region  where  the  long  range  order  exists. 

DL  Conversion  Process 

In  Section  2,  the  reason  that  the  degree  of  approximation  in  the  time  correlation  is  reduced 
to  the  point  approximation  is  stated  to  be  due  to  the  fact  that  the  averaged  motion  of  an 
assembly  of  particles  is  treated.  In  order  to  remove  the  trouble,  therefore,  it  is  necessary  to 
convert  the  treatment  of  flow  from  that  of  dealing  with  the  averaged  motion  of  an  assembly  of 
particles  to  that  of  following  the  motion  of  a  single  particle  in  the  assembly. 

In  the  pair  approximation  of  the  PPM,  the  conversion  process  mentioned  in  Section  1  can 
be  performed  by  replacing  some  of  the  results  of  the  ensemble  averaging  process  in  the  PPM 
by  those  of  the  time  averaging  process.  This  procedure  consists  of  tv’c  processes,  the 
instantaneous  distribution  conversion  process  [8,9]  and  the  time  conversion  process  [7].  The 
former  deals  mth  the  eHect  of  the  local  fluctuation  of  the  distribution  of  particles  around  the 
tagged  particle,  and  the  latter  deals  with  the  approach  to  the  equilibrium  after  the  tagged  atom 
replaces  its  position  with  a  vacancy.  In  this  form,  it  is  clear  that,  when  a  particle  replaces  its 
position  with  a  vacancy,  the  particle  is  not  in  equilibrium  with  the  rest  of  the  system,  and  the 
local  equilibrium  concept  does  not  strictly  apply.  In  the  CVM-PPM  formalism,  however,  it  is 
considered  that  the  equilibrium  is  maintained  (as  a  result  of  the  ensemble  averaging  process 
and  thus  the  local  equilibrium  concept  holds)  and  this  leads  the  time  correlation  to  the  point 
approximation  [12].  After  the  application  of  the  instantaneous  distribution  conversion  process, 
the  equation  of  flow  corresponding  to  Eq.  (14)  is  obtained  as  [9] 


^,(a)  =  -d,  +XQj(P)  Vji(a) 

j 

4',{P)=-d,+2;Q/(«)¥jiO) 


Here,  i  represents  a  single,  tagged  tracer  atom  i,  Q(^)  and  Q(a)  represents  species  of  atoms  of 
the  surrounding  of  an  A  atom  (piefetied  by  B  atoms)  and  that  of  a  B  atom  (preferred  by  A 
atoms)  respectively  in  distribution  with  the  short  range  order,  and  the  relation  is  represented  by 
the  Bethe  short  range  order  in  lieu  of  the  sublattices  1  and  n.  However,  the  two  sites  are  not 
equivalent  [9].  The  separation  in  two  parallel  circuits  similar  to  Eq.  (14)  is  in  accordance  with 
the  microscopic  reversibility.  The  correspondence  of  4',(o),  Vji(ot)  and  QjO)  to  'i',(I), 
t(/ji(I)  and  Qj(II),  and  of  'Fi(P),  YaCP)  and  Qj(a)  to  'J'i(n),  v^jiD)  and  Qj(I)  is  clear. 
The  time  conversion  process  indicates  how  the  information  from  distant  atoms  can  be 
accumulated  with  time  for  a  jumped  atom  to  reestablish  the  equilibrium  with  the  surroundings 
(t  increases  with  time  and  then  saturates  [13]).  This  process  improves  the  degree  of 
approximation  of  the  time  correlation  from  that  of  the  point  approximation  (the  jump  back 
probability  z  is  independent  of  time  t)  to  that  of  the  pair  approximation  [13]  (The  conversion 
process  in  the  approximation  higher  than  the  pair  has  not  been  carried  out).  After  the 
conversion  process,  the  expression  for  f  in  terms  of  the  long  range  order  in  the  original  PPM  is 
now  expressed  in  terms  of  the  short  range  order  with  a  proper  degree  of  approximation  for  the 
time  correlation.  Diffusion  coefficients  are  no  longer  separated  into  two  components  in  terms 
of  I  and  II  sublattices,  but  into  two  components  in  terms  of  two  virtual  sublattices  with  their 
sites  surrounded  by  two  kinds  of  surroundings  of  the  short  range  order,  as  pointed  out  above. 
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Fig.  3  The  composition  dependence  of  f^.  for  an  ideally  disordered  alloy  of  bcc 
lattice  as  a  function  of  w,  /  w^  (a)  Calculation  based  on  original  PPM,  (b) 
after  the  time  conversion  [7], 

Details  of  the  conversion  process  are  given  in  References  [5-9]  (also  see  Appendix).  Here, 
only  some  results  of  the  conversion  process  are  shown.  Since  the  conversion  process  deals 
with  the  motion  of  a  single  particle,  the  calculation  is  directly  related  to  that  of  the  tracer 
correlation  factor  or  the  diffusion  coefficient  of  a  tracer  particle.  In  Hg.  3,  we  show  how  the 
percolation  limit  appears  by  applying  the  time  conversion  process  [7].  Here,  results  of  the 
calculation  of  the  tracer  correlation  factor  of  B,  or  f^.,  as  a  function  of  composition  for 
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different  values  of  w,  /  by  the  original  PPM  with  and  without  the  time  conversion  process 
are  compared,  assuming  that  the  binary  system  A-B  is  an  ideal  solution  (no  interactions  among 
constituents  exists,  and,  hence,  no  instantaneous  distribution  conversion  process  is  required). 
The  (time)  conversion  process  converts  the  value  of  the  tracer  correlation  factor  for  self 
diffusion  from  (2<B-l)/(2a)+l)  to  (2m-2)/2<o.  The  most  remarkable  difference  is  the 
appearance  of  the  percolation  limit  of  the  motion  of  B  (f^.  becomes  zero)  at  the  composition 

Xg  =  1  /  (2o)  - 1)  in  the  system  where  only  B  can  move  (in  the  limit  /  w^  -» <»).  The  value 
of  the  percolation  limit  coincides  with  the  calculation  by  the  pair  approximation  of  the 
CVM  [14]  and  this  indicates  that,  by  the  conversion  process,  the  degree  of  approximation  for 
the  calculation  of  the  time  conelation  improves  to  that  of  the  pair  approximation  [7], 


Fig.  4  The  composition  dependence  of  f,.  in  the  ordered  binary  alloy  of  bcc  lattice  at 
T  /  T,  =  0.5  calculated  by  the  pair  approximation  of  (a)  original  PPM  and  (b) 
PPM  after  the  conversion  process  [  9]. 


Fig.  S  The  composition  dependence  of  f in  an  ordered  binary  alloy  of  2Dhc  lattice  at 
T/  T,  =  0.5  calculated  by  the  pair  approximation  of  (a)  original  PPM  and  (b) 

PPM  after  the  conversion  process  [9]. 

On  the  other  hand,  for  systems  with  fluctuations  in  the  distribution  such  as  the  existence  of 

short  range  order,  the  instantaneous  distribution  conversion  process  plays  an  important  role 

[9].  In  Rgs.  4  and  5,  calculated  results  of  the  composition  dependence  of  f,  for  bcc  and  2Dbc 

with  and  without  the  conversion  process  are  shown.  Here,  U=0  is  assumed  and  the  temperature  i 

j 

i 
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T  is  normalized  with  respect  to  of  the  order-disorder  transition  at  the  equiatomic 
composition,  which  is  given  by 

2e/kTe  *  log  [a /(©-I)]  (16) 

Interaction  parameters  are  normalized  with  respect  to  T,,  and  6^  =6b>  Ua 
assumed  for  simplicity.  The  curves  O  and  D  refer  to  two  different  cases  based  on  the  different 
values  of  the  short  range  order  calculated.  O  indicates  the  normal  case  where  the  development 
of  the  short  range  order  with  T  accompanies  that  of  the  long  range  order.  The  curve  D  refers  to 
the  case  for  the  development  of  short  range  order  only,  calculated  by  keeping  the  degree  of  the 
long  range  order  at  zero.  For  bcc,  the  results  of  the  original  PPM  and  those  after  the  conversion 
processes  are  not  very  different.  On  the  other  hand,  for  2Dhc,  a  remarkable  change  is  observed. 
This  difference  is  due  to  the  fact  that,  in  a  low  dimensional  case  like  2Dhc,  the  development  of 
the  short  range  order  outside  the  range  of  the  long  range  order  is  significant.  This  shows  how 
results  after  the  conversion  process  are  sensitive  to  the  short  range  order.  In  Fig.  6,  we  show 
the  results  of  the  Monte  Carlo  simulations  made  by  Murch  for  corresponding  cases  [9].  The 
results  agree  reasonably  well  with  those  of  the  PPM  with  conversion  and  justify  the 
correctness  of  the  interpretation  given  above.  The  systematic  deviation  of  the  results  of  the 
original  PPM  from  those  by  the  Monte  Carlo  simulation  [3,4]  is  almost  completely  removed. 
As  in  the  case  of  the  CVM,  the  pair  approximation  gives  good  qualitative  results  also  in  the 
PPM. 


Fig.  6.  The  composition  dependence  of  f,.  in  the  ordered  alloys  of  (a)  bcc  and  (b) 
2Dhc  at  T  /  T,  =  O.S  calculated  by  the  Monte  Carlo  simulation  method  [9]. 
Arrows  in  (a)  indicate  the  phase  boundaries. 

The  expression  obtained  by  the  conversion  process  indicates  that  the  behavior  of  diffusion 
can  be  estimated  roughly  by  means  of  the  calculation  of  the  short  range  order  (di^buticm  of 
atoms  which  surround  a  B)  by  the  CVM  in  such  cases  where  the  application  of  the  pair 
approximation  of  the  PIM  is  not  feasible  as  the  face  centered  cubic  lattice. 
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It  should  be  pointed  out  that  this  type  of  trouble  in  dealing  with  the  time  correlation  in  the 
PPM  does  not  explicitly  appear  in  applications  in  which  the  system  is  considered  to  be 
homogeneous  so  that  all  the  particles  can  be  considered  to  behave  in  the  same  fashion 
[10,11,15,16]  (or  the  indistinguishability  among  particles  can  be  applied  [3]).  However,  the 
trouble  appears  explicitly  in  the  treatment  of  flow,  where  a  flow  is  defined  in  terms  of  the  time 
correlation  of  the  motion  of  a  single  particle. 

IV.  Onsager  Matrix 

The  conversion  process  is  related  to  the  motion  of  a  single  particle  in  the  assembly. 
However,  the  Onsager  matrix  is  for  an  assembly  of  particles.  In  order  to  calculate  the  Onsager 
matrix  elements,  therefore,  it  is  necessary  to  convert  the  results  of  conversion  again  into  those 
of  an  assembly  without  losing  the  effect  of  conversion. 

The  Onsager  equation  derived  by  the  original  PPM  for  assemblies  of  particles  represents  a 
parallel  displacement  of  a  plane  of  particles  with  the  equilibrium  distribution  by  the  driving 
force.  Under  such  a  situation,  the  flow  represents  an  assembly  of  several  independent  parallel 
stationary  flows.  Therefore,  for  particles  inside  these  individual  flows,  the  instantaneous 
distribution  and  the  time  conversion  processes  are  applied  individually.  These  independent 
flows  include  a  number  of  the  same  species  of  particles.  The  indistinguishability  among 
particles  of  the  same  species  in  these  independent  flows  makes  the  time  conversion  process 
among  these  particles  ineffective[17].  Therefore,  the  time  conversion  process  is  eliminated  for 
these  particles.  By  following  these  processes,  the  Onsager  matrix  for  an  assembly  of  atoms  can 
be  calculated  without  reducing  the  degree  of  approximation  to  the  point  ^proximation,  and 
the  Haven  ratio  can  be  calculated  with  the  pair  approximation.  The  ionic  conductivity  of  the 
binary  system  for  the  assembly  of  ions  has  thus  been  calculated  successfully  [11]. 
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Appendix 

For  ordered  systems.  Ref.  9  should  be  referred  to.  There  are  some  mistakes  there.  For  the 
present  purpose,  Eqs.  (47)  and  (52b)  in  Ref.  9  should  be  replaced  by 


J_ 


•  — “  4* '  \ 


(47) 


w,.(a)  =  eBe‘^*|^^ 
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Abstract 


Based  on  the  simple  pair  model  analytical  expressions  for  the  kinetics  of  first  and  second 
shell  short  range  order  formation  in  binary  alloys  have  been  derived  for  three  cubic  lattices 
(sc,  bcc  and  fee).  Comparison  to  Monte-Carlo  simulations  demonstrated  that  the  ordering 
kinetics  is  strongly  influenced  by  the  correlation  of  the  successive  vacancy  jumps  and  allo¬ 
wed  the  determination  of  the  corresponding  corrriation  factors  [1].  It  was  further  shown  that 
in  all  three  lattices  the  establishment  of  the  first  pair  variable  during  isothermal  annea¬ 
ling  after  a  small  temperature  change  obeys  an  exponential  time  law,  indqiendent  of  the 
second  shell  interaction.  The  evaluated  relaxation  time  given  by  r-wjnix  yidds  a  ample 
relationship  too:  the  efficiency  constant  iRj  depends  only  on  the  mobility  ratio  Vfjvx  of  the 
two  components.  The  development  of  the  second  pair  variable  however,  follows  a 
more  complex  kinetics  which  dqrends  on  the  relevant  parameters. 


OMbaton  In  Oidmd  AQoyf 
MM  by  B.  Fukz,  R.W.  Crfn,  aid  D.  C^ili 
n«  Mincrah,  KMih  a  MMariah  SocMy,  1993 
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1.  Introduction 


Order  and  disorder  occur  wherever  there  are  materials.  The  kinetics  of  ordering  and 
disordering  processes  becomes  ever  more  interesting  for  studying  and  controlling  the  proper¬ 
ties  of  systems  far  from  the  equilibrium  produced  by  the  modem  material  processing  me¬ 
thods  tl-4]. 

In  the  recent  paper  of  the  present  authors  [1]  (hereafter  denoted  as  Ref.I),  the  kinetics 
of  the  short  range  order  (SRO)  formation  by  the  motion  of  vacancies  in  binary  fee  alloys  had 
been  studied  by  using  the  nearest  neighbour  (NN)  interaction  pair  model.  Two  methods  were 
used:  (i)  By  modi^g  and  extending  the  analytical  treatment  described  mainly  by  Radelaar 
[5],  the  rate  equations  for  the  atom  ordering  and  the  vacancy  re-distribution  and  the  solutions 
of  these  equations  could  be  derived  explicitely,  and  Oi)  by  applying  Monte-Carlo  siitinlatinnc 
^CSs)  the  correlation  effects  of  vacancy  migration  with  respect  to  the  ordering  could  be 
introduced  into  the  analytical  treatment.  These  investigation  revealed  that  the  SRO  formation 
during  isothermal  annealing  after  a  small  temperature  change  foUows  first  order  kinetics  and 
that,  due  to  the  correlation  effect,  the  relaxation  times  happen  to  be  a  simple  function  of  the 
mobility  ratio  of  the  ^o  components.  It  vras  further  shown  that  the  treatment  for  the  high 
temperature  range  which  is  known  to  yield  a  good  aj^roximation  for  the  pair  model  may  be 
extended  to  the  low  temperature  range  and  that  this  linear  behavior  exists  nearly  over  the 
whole  temperature  range  where  SRO  occurs. 

In  this  paper  again  the  kinetics  of  SRO  formation  is  discussed.  Compared  to  Ref.I,  two 
important  extensions  ate  made:  '  ’ 

~  ^alytical  treatments  similar  to  those  in  Ref.I  as  well  as  the  corresponding  MCSs  are 
earned  out  for  the  other  kinds  of  cubic  lattices;  this  appears  to  be  helpful  especially  for 
understanding  the  general  existence  of  the  correlation  effect  in  all  diffusional  phenomena. 

—  The  next  nearest  ndghbour  (NNN)  interaction  is  considered  both  in  the  analysis  and  in 
the  MCSs  for  the  binary  fee  aUoys,  so  that  the  Umitation  of  the  pair  model  and  the  vaUdity 
of  its  results  can  more  thoroughly  be  discussed.  But  here  only  some  main  results  are  given. 
Further  details  of  the  analytical  derivations  and  the  MCSs  results  are  published  elsewhere  in 
Ref.  [6], 
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2.  Analytical  treatment  of  SRO  formation 


In  the  following  the  derivation  of  the  kinetics  of  the  SRO  formation  in  fee  lattices  as 
given  in  detail  in  Ref.I  is  extended  to  goieial  lattices.  The  pair  variable  B  or 

V  for  vacancy),  i.e.  the  concentration  of  A-B  bonds,  is  defined  as  with  z  being 

the  coordination  number  of  the  first  shell  (z=12  for  fee  lattices).  N  and  N„  denote  the  total 
number  of  the  lattice  sites  and  that  of  the  X-T  bonds,  respectively.  Considering  Cy<1  we 
have  PxA'^PxB+Piv^Cg-PxA'^Pxt  with  C,  being  the  concentration  of  the  component  X. 

The  successive  jumps  of  vacancies  are  considered  to  be  the  elementary  process  of  orde¬ 
ring.  The  jump  frequency  of  an  atom  is  written  as 


vz=v$exp(-^) 


where  i*,*  is  the  attack  frequency  of  the  X  atom  and  denotes  the  energy  barrier  in  the 
special  configuration  identified  by  {g}.  In  Ref.I  is  set  equal  to  the  difference  Vf^*-  V 
of  the  configurational  energy  in  the  saddle  point  position  and  in  the  initial  lattice  site  posi¬ 
tion.  For  calculating  V  by  using  the  NN  interaction  pair  model,  the  lattice  sites  which 
surround  the  site  exchange  pair,  the  jumping  atom  and  the  vacancy,  must  be  divided  into  3 
groups;  a  sites  being  adjacent  to  only 

the  jumping  atom,  0  sites  adjacent  to  rs 

only  the  vacancy  and  y  sites  adjacent 
to  both.  Calling  the  number  of  or  or 
sites  q,  the  number  of  y  sites  is 

given  by  r-z-q-1.  For  the  2-dimen-  (K^CK)  (KumT 

sional  hexagonal  lattice  (sec  Fig.l) 

one  has  Z—6,  q—3  and  r—2.  If  the  initial  state  saddle  point  position 

jumping  atom  is  an  2f  atom  and  the 

tt,  and  Y  sites  are  occupied  by  i,J  ^  jumping  atom 

and  k  X  atoms,  respectively,  ^  ^ 

obtain  for  the  difference  of  the  w  “  ^  ^  ^ 

configurational  energy  between  saddle 

point  position  and  ground  state  -  ,  amun,  mi 


saddle  point  position 


jumping  atom 


fig.  I  Three  groupz  cf  different  NN  sites  around 
the  exchange  pair 
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A 


T^pe 

Coordi- 

Number 

Number 

Correlation 

Efficiency 

Correlation 

of 

nation- 

of  a,  fi 

of  y 

factor  for 

constant 

fitetor  for 

lattice 

numbers 

sites  9 

site  r 

diffusion /d 

tl 

II 

2D  square  4 

3 

0 

0.47 

• 

2D  hmcagonal  6 

3 

2 

0.56 

- 

- 

sc 

6 

5 

0 

0.65 

1.54 

0.39 

boc 

8 

7 

0 

0.73 

1.33 

0.43 

fee 

12 

7 

4 

0.78 

1.26 

0.68 

Table  1  Oiaractertstlc  parameters  Jbr  dfjBptrent  kinds  of  lattices.  The  corrdation 
factors  for  seff-^ffuslonfo  are  taken  from  [15]  and  the  correlation  factors 
for  ordering  fi  are  evaluated  from  die  present  simulation  by  using  fi=s/(2qm). 


fjr  is  the  interaction  energy  of  the  bond  X-V  and  E„*  is  that  between  an  X  atom  in  saddle 
point  position  and  a  Y  atom  in  the  y  sites.  In  the  case  r=0,  the  configurational  enmgy  at  the 
saddle  point  position  is  indqiendent  of  the  oivironment,  and  we  have  the  alternative 
expression 

<2a) 


As  in  Ref.I  the  interaction  between  vacancies  and  atoms  is  n^lected. 

The  avera^g  of  over  all  I,  ^  and  k  gives  the  mean  jump  frequency 

mi  probability  of  the  occurence  of  the  configuration  fX,  (flc).  As  shown 

in  Ref.I  this  will  lead  to 


where 


^s' 


‘'X 


r,;-^ .  .  V>‘^c.--1) 


(4) 


k,T  '  "*  kj  ’ 


Cx 


I 


36 


are  abbreviations  and  9^  i^nesents  the  jump  firequency  of  the  X  atom  in  die  pure  metal  X 
indreeodent  <rf  the  individual  oonfiguotkan.  We  have  geneesBy 

and  for  the  case  of  9jf-vJeap{K*-l)^-*5/Vl  *  ^  <iw»%  «  drfined  in 

Table  2  as  the  probability  of  having  a  Y  atom  at  a  t  site  near  an  A-V  pair.  It  rqnesents  a 
three-body  probability  which,  as  in  Ref.I,  is  iqijKOximated  by  pair  proi»bilities.  It  is  to  be 
noted  that  we  may  write  i’z‘=Ct#x  with  bdng  the  jump  frequem^  of  a  vacancy  to  an  X 
atom.  The  exact  value  of  pz  dqiends  on  the  state  of  ord«  and  is  given  for  high  tmnpeiatures 
in  Ref.I. 

For  the  configuratiai  (X,i/k}  each  successful  jump  of  an  X  atom  will  change  the  number 
of  the  A-B  bonds  by  the  value  i-J.  This  gives  d»  average  rate  of  change  due  to  jump  of 
X  atoms 

Here  instead  of  the  product  fwffrmj  is  introduced.  >z  denotes  dius  die  correlation  factor 
which  describes  the  different  effidencies  of  die  various  atom  jumps  for  ordering.  Further 
evaluation  and  considering  relationships  like 


A  A 

"*■  1n~‘  “ 

finally  yields  a  set  of  completed  non-linear  rate  equations 


(7) 

(8) 

with  the  abbreviatimis 

(9a) 

J  ^/a'>a-C/b'*m 

C/a'»a*C/b^b 

(9b) 

*C/gy^ 

(9c) 

C/b'>b  _  C/gyg  j 

(9d) 

s 
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As  discussed  in  Ref.I  the  term  in  Eq.(7)  is  negligably  small  because  of  Cv<i  and 
can  be  omitted.  Furthermore,  for  high  temperatures  one  has  and  hr*I,  so  that  as  an 
i^roximation  for  high  temperature  an  uncoupled  linear  rate  equation  is  obtained 


p  - 


AP^^- 


AJ*. 


(10) 


AF^«F^r)-P^  denotes  the  deviation  of  from  its  equilibrium  value 

P>C^C,{1+ - ^  (11) 

n  +/l  -♦CjCj^l-e"*’’'*"'^!* 


which  fbUows  from  Eq.(7)  by  setting  •  'The  values  for  z  and  9  for  various  lattices 

are  ^ven  in  Tab.l.  The  redistribution  rate  of  vacancies  p^^  will  be  considered  in  [6]. 


2.2-MN  and  WWN  interaction  In  fee  hittkw 

In  the  following  treatment  the  fee  lattice  is  considered  as  an  example.  But,  as  in  the  case 
of  only  NN  interaction  treated  in  Sec.2,  the  method  can  easily  be  extended  to  the  other  lands 
of  lattices. 

In  the  case  of  taking  into  account  only  NN  interactions,  3  groups  of  lattice  sites  (or,  fi  and 
7)  are  to  be  distingushed.  If  also  the  NNN  interaction  is  taken  into  account,  one  has  to 
consider  seven  different  kinds  Q  to  vii)  of  positions  among  all  NN  and  NNN  sites  of  the  ex¬ 
change  pair,  the  jumping  X  atom  and  the  vacancy,  for  the  fee  lattice  (which  increases  to 
eight  for  general  lattices).  This  is  illustrated  in  Fig.2  and  explained  in  Table  2.  In  Fig.2  the 
juminng  atom  (1)  and  the  vacancy  (2)  are  each  po&tioned  in  the  centre  of  a  cube  in  such  a 
way  that  thdr  NNs  are  situated  on  the  middle  of  the  edge  of  the  cube.  Then  NNNs  are  on 
the  lines  through  the  centre  parallel  to  the  edge,  hi  Tstble  2  the  probabilities  of  finding  a  Y 
atom  for  all  7  groups  are  listed.  Obviously  Py^rt  Qm  ^  Pm  present  three-body-probabili¬ 
ties  (Jmo. 

The  jump  frequency  of  an  X  atom  in  the  ^tecial  configuration  having  xt  X  atoms  at  the 
/-th  position  is  obtained  by  using  Eq.(l).  Compared  to  Eq.(2)  we  have  here 


-(X5*X«)i^-[«-(Xs*X«)J^,ua 


(12) 


r 
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H  j.  2  Different  positions  around  a  site  exchange  pair  in 
an  fee  lattice  as  listed  in  Tab.  2:  Each  site  situated  at  the 
edge  of  a  cube  is  a  NN  and  situated  at  the  end  of  the 
dashed  line  is  a  NNN of  the  site  I  or  2,  respectively.  Cube 
and  NN  positions  around  site  I  are  emph^ed. 


Type 

of 

position 

Number  of 
the  »te 
in  Fig.2 

Relation 
to  the 
Jfatom 

Relation 
to  the 
vacancy 

Prob^ility 
of  having 
a  Y  atom 

X  atom 

1 

vacancy 

2 

i(T) 

3,4, 6, 7 

NN 

NN 

Fvx/Pyx 

ii(«) 

8,9,11,12,13 

NN 

>NNN 

PxflCx 

iu(jj) 

14,15,16,18,19 

>NNN 

NN 

P y/^v 

iv(«) 

5,10 

NN 

NNN 

Qn/Pvx 

y(fi) 

17,20 

NNN 

NN 

PyxrlPyx 

vi 

21,22,23,24 

NNN 

>NNN 

PxrJC^ 

vii 

25,26,27,28 

>NNN 

NNN 

P 

Table  2  Seven  groins  of  the  NN  and  NNN  sites  around  the  exchange  pair  X-V 


! 
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The  additional  subscript  2  indicates  the  conesponding  quantity  wiUi  re^wct  to  the  second 
shell,  e.g.,  Egff  denotes  the  interaction  energy  of  an  X  atom  with  Y  atom  on  a  NNN  site. 
Also  here  the  interaction  between  vacancies  and  atoms  is  assumed  to  be  so  small  that  it  is 
negligible  even  compared  to  the  sectmd  shell  atonuc  interaction.  Instead  of  Eq.(4)  we  have 
for  the  mean  jump  fiequency  of  the  JIT  atom 

v,=12-^«  [1  (13) 

“vx  “n  ^vx 

with  the  probability  variables  bong  listed  in  Table  2  and  the  abbreviations 


_  *.  _t.^AX2,,nr 

^ij* — -1) 


Cx 


Each  jump  of  an  AT  atom  in  the  configuration  {xj  causes  the  change  of  by  the  value 
(X)+XrXrX^  as  well  as  the  change  of  by  the  value  fxr+XrXrxJ-  This  gives  us  the 
rate  of  change  of  A-B  NN  as  well  as  A-B  NNN  bonds  due  to  tiie  jump  of  an  X  atom 

*,)  ^a'*'Xs~X4“X5)^(Xj^Vjj^j  (14) 


and 


J^io-WnEtx.^)(X5*X«-X4-X7V’(x*,,v,^^,  (15) 

where  /„  denotes  the  correlation  factor  for  jumps  of  X  atoms  with  respect  to  the  second 
shell  ordering.  Thai,  in  analogy  to  the  treatments  in  Sec.2.1,  rate  equations  are  obtained. 
These  as  well  as  solutions  of  them  will  be  analytically  derived  in  [ti]. 


3.  Monte  Carlo  Simulation 


Stl-Mrthffd 

The  principal  method  and  the  algorithm  of  tiie  jnesent  MC  simulation  of  tiie  SRO  kinetics 
is  described  in  detail  in  [7-9].  In  tiie  present  paper  tiiree  ciriiic  lattices  are  considered.  The 
rigid  computer  crystal  for  the  simulation  is  composed  of  60xt0x60  elementary  cdls,  i.e. 
N^lltOOO  for  sc,  N»432()00  for  bcc  and  N»864000  fat  fcc  tespectivdy.  These  sites  are 
occupied  by  and  IV,  R  atoms  according  to  the  given  composition  Only  a  single  site 
remains  vacant  {Ny^l  and  Cy- 10^,  and  the  movement  of  atoms  occurs  by  tiie  migration 
of  this  vacancy.  The  periodical  boundary  cmdition  is  used. 
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For  each  attempted  jump  two  random  numbers  are  lequiied;  i.e.,  dm  first  serves  for  the 
detmnination  of  the  jump  direction  among  aU  z  possibilities  and  the  second  for  diedong  the 
success  of  die  jump.  The  attempted  jump  actually  lakes  place  if  die  wirmalized  fiequeocy 
in  the  diiecdon  selected  by  die  first  random  number  is  larger  than  the  second  num¬ 
ber  between  0  ami  1  is  the  largest  of  the  values  For  calciiladng  we  have  ftom 

Eq.(2)  for  cases  without  consideration  cf  die  NNM  inteiacdon 

In  diis  case  we  have  to  only  count  the  number  I  and  k.  For  the  case  with  NNN  intencdrai 
in  fee  lattices  we  obtain  ftom  Eq.(ll) 

iexp[-ai-Xi-Xj-X4)^i-(4-t5-Xs)ni2H4-x,)ti5  (17) 

Here  three  numbers  Xi>  (Xj+xJ  and  (xs+xj  must  be  determined. 

Each  simulation  run  is  designed  as  an  isothermal  annealing  at  a  selected  temperature 
T>s(E^+Egg-2EjtJ/(2illtJ  after  quenching  firom  r«eo.  The  dqiendence  of  die  ordering 
kinetics  on  the  energy  parameters  i(x  and  iij*  has  been  discussed  in  Ref.I  and  [10].  In  this 
paper  they  are  set  constant  and  ^^*^^,*=^0.3.  By  varing  and  the  ratio 

9J^g,aa  well  as  %  (uting  %’=tu=in),  the  different  sets  of  simulations  hve  been  carried 
out,  so  that  the  dqiendence  of  the  ordering  kinetics  on  die  concentration  and  the  mobility 
ratio  as  well  as  the  influence  of  the  NNN  interactimi  can  be  dealt  with.  To 

demonstrate  the  ordering  Idnqics  more  illusbativdy  die  jump  number  per  A  atom  or  n, 
per  B  atom  is  used  for  the  time  scale  and  die  normaliaed  quantities 

for  the  relative  change  of  the  SRO  parameters. 


The  rimulations  lead  for  to  final  plateau  values  indqiendent  of  which  show  they 
are  equilibrium  values  Fig.3  gives  an  example.  As  can  be  seen  from  Rg.4  where 
Pm*  vs  f  for  foe  lattices  is  plotted,  die  pair  model  is  a  good  approximation  for  fee  lattice 
only  at  high  temperatures,  but  the  tetrahedron  models,  either  that  by  using  cluster  variation 
(C\7  method  [11]  or  dial  based  on  quasi-dimnical  theoiy  [12],  yield  a  sati^Kitoty  agreement 
with  die  present  simulations.  The  application  of  die  pair  modd  to  low  temperature  range  will 
be  discussed  in  detail  in  [10]. 
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Fig.  3  SRO  parameter  Fj^vethe  atmeatiag  time  for  vatyhig  4  In  fee  lattleet 


Fig.  4  Dtpemleiice  cf  riie  eqalObriam  vober  for  F„  on  the 
energy  parameter  g  in  fix  lattioa 


Considering  die  kinetics,  for  all  cases  of  only  NN  interaction  investigated  in  this  work,  a 
first  order  reactitm 

(18) 

t  iHjf  mg 

is  observed  as  a  very  good  i^iptoxiniation.  Here  we  obviously  haive 
This  simple  exponential  rule  is  demonstrated  by  the  examples  of  Figs.5a  to  Sc  where  for  sc, 
bcc  and  foe  lattices  tiie  plots  vs  *4  for  Cg»9.25  and  varying  4  yidd  the  straight  tines. 
The  deviations  from  the  straight  tines  at  large  *4  are  not  of  principal  nature  but  only  due 
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to  insuffident  averaging,  here  gives  the  number  of  jumps  pu  A  atom  required  for  redu- 
dng  the  deviation  of  from  the  equilibrium  value  by  a  frctw  1/e  and  die  strain 
lines  indicate  that  it  is  constant,  and  the  corresponding  which  will  thus  be  denoted 
as  efrideiKy  constants,  are  then  determined  by  frtdng  the  rfej  curves  by  an  exponential. 

The  relationship  between  the  resulting  values  and  the  relevant  parameters  is  illustrated 
in  Hgs.6  for  sc,  bcc  and  fee  alloys.  The  solid  curves  are  ^ven  by  die  equation 

Xx)-;^Il*6exp(-c(fl))]  (19) 

l+x  X 

with  a-2.33,  b^-9.41  and  e=0.I2  which  is  obtained  by  fitting  the  results  from  MCSs  in 
fee  lattices  in  Kef.I.  Figs.6  show  the  ratha  astonshingly  nmple  result  diat  for  all  three  cubic 
lattices  and  all  applied  values  of  the  parameters  e,  str  determining  the  SRO  kinetics. 
The  effrdency  constant  approximately  follows  an  universal  function /Tdt)  in  quite  good 
approximation. 


Jump  liumb«r  m 
(•) 


4vmp  Kamb«r  ag 

(b) 


nc  : 


lamp  Nombar  og 


Fig.  5  SRO  FomuRon  at  thorn  by 
the  piott  log(i)  vt  ^4 

a)  for  tc  cRoyt 

b) forbcceOoyt 
cfforfoc^oyt 


Fig.  6  The  relahtmMp  baween  the  ^Ideney  OMStmt  ntj^  and  the  mdbfttty 
ratio  b,  coHceHtrattoH  Cj^  and  die  energy  parameter  %  The  soUd  aayes  are 
ctdadatedjrom  Eq.(J9). 

aiJbrsctUoys  b)fi>rb<x  tdlays  c)  and  d)Jbrftc  aUoys 


3.3  SRO  khictlca  nnder  consideratton  of  NNN  interacffon 

Some  results  of  the  simulations  for  the  fee  lattice  considering  also  NNN  interaction  are 
demonstrated  in  ngs.7a  to  7d  by  plotting  and  against  *4  for  varying  Cw  4  and 
It  can  be  seen  that  the  final  values  as  well  as  are  indqiendent  of  However, 
l**4a}  considerably  decreases  with  the  decreasing  %  whereas  the  finai  values  ^*44  only 
slightly  increase.  It  is  to  be  mentioned  Aat  PAm  dianges  also  in  the  case  of  and 
reaches  the  plateau  after  about  the  same  time  witti  varying  %. 

The  change  of  ^44  fellows  a  first  order  kinetics  also  in  the  presence  of  NNN  interactioa, 
as  illustrated  in  ng.8  by  plotting  logfij  vs  *4  fbr  €4*0.25  and  Mmeover,  the 

resulting  effidency  constant  IR4  is  hardly  changed  by  foe  NNN  interaction:  As  to  be  seen 
ftom  Fig.9,  foe  values  fi*0,  -0.15a  sod  lend  fo  the  same  The  devdopment 

of  Pjog  shows  a  more  complex  course  and  in  general  is  non-exponential  as  will  be  discussed 
in  [6]. 
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Fig,  7  Change  cfihe  pair  vartaNes  and  Fj^  during  annealing  for  ^^0.15 
a)forCj^^0.50and4^d.0  b)fi)r  Cjt»O.SO  and  ^^20.0 
c)  for  C4-9.35  and  *~2.0  d)for  C4-0.25  and  0^10.0 


5.  Discussion 


The  main  results  of  die  present  MC  ninulatimu  of  diree  cubic  lattices  are  ^  that  the 
development  ofP^g  follows  the  first  order  Idnedcs  for  small  temperature  dumges,  and  Gi) 
that  the  efficiency  constant  is  a  function  only  of  ^  and  not  of  or  The  first  of  these 
results  follows  already  from  the  analytical  treatment  leading  to  Eq.(lO),  but  the  second  result 
is  only  obtained  if  in  Eq.(l(0  the  relatimiship 

/a''a*'/a''a*'’aa 

is  also  fulfilled.  As  discussed  in  Ref.I  it  is  tiiis  Eq.(31)  that  reveals  the  severe  effects  of  the 
correlation  of  the  successive  vacancy  jumps  for  the  ordering  and  yields  die  essential  insight 
into  the  mechanism  of  the  ordering. 

The  concqit  of  a  correlation  factirr  for  processes  due  to  the  successive  vacancy  jumps 
originates  from  the  consideration  of  the  self-diffiision  via  vacancy  migration  [13].  There  die 
correlation  leads  to  a  more  than  random  probability  for  back  jumping  of  die  vacancies  by 
which  part  of  the  prior  diqilacement  of  die  atom  will  be  canceled.  This  can  be  expressed  by 
a  ‘correlation  factor’  fo  for  diffimon  by  which,  compared  to  the  random  frequency,  die 
actual  jump  frequency  of  the  atoms  is  reduced.  Since  such  a  cancellation  of  prior  atom 
jumps  takes  place  generally  in  the  case  of  vacancy  controlled  atom  motion,  correlation 
efiects  occur  and  strongly  influence  the  kinetics  of  all  such  diffimonal  processes;  e.g.,  for 
the  sdf-diffiition  in  ideal  supmlattices,  a  rdationship/,‘'r43:/i>*rf  very  similar  to  Eq.(31) 
must  be  obeyed  [14]. 

But  there  is  an  essential  difference  between  diffusion  and  ordering:  In  the  ordering  the 
A  (or  B)  atoms  are  not  distinguishable,  so  that  as  can  directly  be  seen,  vacancy  motion  by 
a  chain  of  jumps  of  A  (or  B)  atoms  does  not  bring  a  change  in  the  degree  of  CHder.  This 
shows  that  the  correlation  effect  must  play  a  much  mote  severe  role  in  ordering  than  in 
(tracer)  diffusion.  In  Table  1  both  the  corrdation  frctors  for  self-diffusion  in  pure  metal 
[IS]  and  the  correlation  frctors  for  ordering/^ff »/)  evaluated  from  the  present  simulation 
are  listed.  We  recognize considerably  smaller  in  all  three  cubic  lattices. 

Since  ordering  ultimately  consists  only  in  the  site  exchange  of  an  A  and  a  B  atom,  both 
participants  of  ordering  have  to  make  die  same  contribution  to  the  rate  of  ordering,  no  mat¬ 
ter  how  much  thdr  mobilities  differ.  Thus,  it  is  not  or  but  the  quantity  whidi 
determines  the  rate  of  ordering  and  which  thus  will  be  denoted  as  ordering  frequency.  This 
makes  h  clear,  that  in  the  case  of  a  large  mobility  difference  of  the  two  components,  the 
SRO  kinetics  is  governed  mainly  by  tiie  diffusion  of  the  slower  component. 

Introducing  the  expression  Eq.(31)  into  Eq.(l(l)  yields  for  the  relaxation  time 
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4; 


(32) 

t  j-”-*  1“  I 

This  equation  has  the  fonn  which  would  also  (Stained  for  the  direct  ate  exchange 
mechanism  and  illustrates  the  similarity  of  the  two  mechanisms.  Both  mechanisnu  consist  of 
an  interehange  of  A  and  0  atoms.  In  the  case  of  direct  interchange  the  exchange  of  sites 
occurs  simultaneously  by  two  ndghbouring  atoms,  whereas  in  the  vacancy  medtanism  the 
site  exchange  may  be  realized  after  a  number  of  jumps  of  vacandes. 

The  applicability  of  the  NN  interaction  pair  model  is  discussed  in  two  other  articies  of 
the  present  authors  in  two  aspects:  In  [10]  the  treatment  has  been  extended  to  include  the 
low  temperature  range  and  in  [6]  to  include  the  NNN  interaction.  In  both  cases,  the  analy¬ 
tical  treatments  as  well  as  the  simulations,  were  found  to  yield  a  first  order  kinetics  of  SRO 
formation  aftn  small  temperature  changes  with  a  relaxation  time  obeying  Bq.(32).  This 
means  that  for  small  temperature  change,  Eqs.(lO)  and  (30)  and  thus  are  gene¬ 

rally  valid,  for  different  lands  of  lattices,  for  different  concentrations,  for  cases  including  or 
excluding  NNN  interaction,  and  for  the  whole  temperature  range  in  which  SRO  exists.  The 
reason  why  a  non-zero  NNN  interaction  does  not  influence  die  relaxation  time  (Fig.7) 
although  it  slightly  changes  the  rirst  shell  equilibrium  order,  will  be  discussed  in  [6]  in 
comparison  to  the  detailed  analytical  derivations. 


Finally  it  shall  be  estimated  which  temperature  changes  are  permitted  without  destroying 
the  tirst  order  kinetics.  In  the  present  rimulation  (as  in  [IQJ  for  the  low  temperature  range), 
a  temperature  change  of  |  Ay  |  =0.15  is  found  to  still  yield  first  order  kinetics.  From  tiie 
defintion  of  y  we  can  immediatdy  write 


Setting  the  transition  temperature  r|,<r  and  *•1.1  [16],  we 

easily  find  that  e.g.,  for  T„^300  K  tiie  condition  |  Ay  |  :£0.i5  is  fulfilled  for  the  whole 
existence  range  of  SRO  whenever  |  A  T  |  ^  60K  is  satisfied.  Most  experiments  on  the 
SRO  kinetics  by  means  of  the  measurement  of  the  SRO  induced  resistivity  during  the  iso¬ 
thermal  aimealing  after  quenching  [2,3],  have  been  carried  out  within  this  temperature 
interval,  typically  one  has  |  A  r|  a;  30K  [2,3].  The  present  results  thus  deliver  the 
fundamentals  for  the  interpretation  for  these  kinds  of  measurements. 


The  quantitative  evaluation  of  clearly  shows  that  /y«  varies  strcmgly  with  ^ 

and  only  for  A=1  has  the  order  of  1.  This  indicates  thus  that  the  traditional  statement 
that  generally  m,,  is  nearly  constant  and  about  1  is  severely  misleading  and  totally  ignraed 
the  essential  difference  between  an  alloy  and  pure  metals.  It  is  just  this  ignorance  which  has 
led  to  fitlse  interpretations  of  experiments  and  has  made  tire  method  of  studying  diffurion 
behaviors  by  measuring  SRO  kinetics  diqnited  and  hardly  practicable.  Nevertheless,  the  me- 
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thod  of  the  measurement  of  the  change  of  the  SRO  induced  resistivity  is  especially  valuable 
because,  by  different  heat  treatments,  we  may  gain  the  infomation  !d>out  the  annealing-out 
of  the  quenched-in  vacancies  which  occurs  simultaneously  during  the  SRO  formation  and  di¬ 
rectly  influences  the  rate  of  ordering.  If  the  mechanisms  of  both  SRO  formation  and  vacancy 
annihilation  are  cleared,  the  complete  diffusion  data  can  be  obtained  from  such 
measurements  [4]. 
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Abstract 

Self-diffusion  of  titanium  in  the  intermetsillic  compound  7-TiAI  v/as  investigated  using 
the  radiotracer  method.  The  temperature  dependence  of  the  diifusivity  is  described  by 
a  pre-exponential  factor  of  1.53  •  10“'*  m*s"*  and  an  activation  enthalpy  of  291  kJmol“*. 
These  values  indicate  that  self-diffusion  in  7-TiAl  occurs  via  thermal  vacancies.  The 
radiotracer  data  are  discussed  together  with  available  positron  annihilation  data,  density 
measurements,  and  multiphase  diffusion  data  for  the  Ti-Al  system. 

Solid  state  diffusion  reaction  in  diffusion  couples  of  Co  and  Nb  has  been  studied  using 
opticed  metallography  and  electron  microprobe  iinaiysis.  Parabolic  growth  constants  for 
two  of  the  three  intermetaiiic  compounds  of  the  Co-Nb  system  have  been  determined. 
Interdiffusion  coefficients  for  the  cubic  Laves  phase  CojNb  have  been  evaluated  using  the 
Boltzmann-Matano  method.  They  are  discussed  together  with  density  measurements  in 
the  Co-Nb  system  and  with  the  scarce  information  on  diffusion  in  other  Laves  phases 
available  in  the  literature. 
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1  Introduction 

Diffusion  in  intermetsUic  compounds  -  despite  of  the  progress  achieved  in  recent  years  (for 
recent  reviews  and  data  collections  see,  e.g.,  [1-6])  -  is  an  area  which  urg«itly  needs  fur¬ 
ther  experimental  efforts  especially  in  view  of  the  increasing  importance  of  intermetallics 
as  materials  of  advanced  technology  [7-11].  The  present  paper  consists  of  two  main  parts; 

In  Section  2  we  review  avulable  information  on  diffusion  and  defect  structure  on  y-Ti  A1 
including  a  recent  radiotracer  diffurion  study  from  our  laboratory.  Titanium-aluminides 
are  considered  as  highly  promising  light-wright  alloys  for  structural  applications  at  high 
temperatures.  Their  high-temperature  strength  is  controlled  by  creep  processes  for  which 
diffusion  is  a  key  property  [12].  We  report  results  of  a  study  of  self-diffusion  of  titanium 
in  the  single-phase  intermetallic  compound  y-TiAl,  which  has  been  published  in  more 
details  elsewhere  [14].  According  to  our  knowledge  this  is  the  first  radiotracer  diffusion 
study  performed  on  an  intermetallic  compound  of  the  Ti-Al  system.  Furthermore,  we 
discuss  our  tracer  results  in  connection  with  a  multiphase  diffusion  study  available  in  the 
literature  [15]  and  with  information  on  the  defect  structure  from  positron  annihilation 
and  density  measurements  for  this  material. 

In  Section  3  we  review  results  of  a  multiphase  diffusion  study  in  diffusion  couples  of 
Co  and  Nb  from  our  laboratory,  which  have  been  partly  published  recently  [17].  When 
diffusion  couples  of  Co/Nb  are  annealed  at  high  temperatures  the  formation  and  growth 
of  three  intermetallic  phases  can  be  observed.  The  growth  kinetics  of  two  of  these  phases, 
CojNb  and  CorNb],  has  been  studied.  Growth  of  the  CoNb-ph2ise  also  occurs.  It  is, 
however,  so  slow  that  its  growth  kinetics  could  not  be  determined  by  optical  means.  One 
of  these  phases  is  the  cubic  Laves  phase  with  the  approximate  composition  CojNb.  Laves 
phases  are  by  far  the  largest  class  of  intermetallic  compounds.  Some  properties  of  Laves 
phases,  wd  of  2dloys  containing  Laves  phases  have  been  recently  reviewed  by  Livingston 
with  an  eye  to  their  potentird  as  high-temperature  structural  materials  [13].  We  will 
also  report  results  about  interdiffusion  in  the  cubic  Laves  phase  CojNb  and  discuss  these 
results  in  combination  with  the  very  scarce  information  aviulable  about  diffusion  and 
defect  structure  in  Laves  phase  compounds. 

2  Titanium  self-diffusion,  interdiffusion,  and  defect  structure 
in  the  intermetallic  compound  y-TiAl 

2.1  The  Ti-Al  system 

A  recent  version  of  the  Ti-Al  phase  diagram  [18]  is  shown  in  figure  1.  Three  intermetal- 
lic  compounds  are  well-established  in  the  Ti-Al  system:  a  hexagonal  compound  TisAl 
with  DOis-structure  (also  denoted  as  Qj)  which  crm  accomodate  several  atom  percent 
off-stoichiometry,  a  tetragonal  compound  (y-TiAl)  with  Llo-structure  (also  denoted  as 
CuAu(I)-structuFe)  which  can  'dso  accommodate  several  atom  percent  off-stoichiometry 
especially  on  the  Al-rich  side,  and  a  stoichiometric  compound  TiAls  with  tetragonal  D0»- 
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Figure  1:  Phase  diagram  of  the  system  'H-Al  according  to  [18] 


structure.  With  respect  to  their  potential  for  structural  applications,  intennetallic  alloys 
with  two-phase  microstructure  based  on  y-TiAl  and  TisAl  have  advantages  over  single¬ 
phase  7-TiAl  alloys  because  they  exhibit  some  macroscopic  ductility.  On  the  other  hand, 
for  a  better  understanding  of  the  diflusionai  properties  of  the  system  difiiision  data  for 
the  single-phase  intermetallics  are  needed. 

In  our  laboratory  we  have  started  diffusion  work  on  the  Ti-Al  system.  Here  we  report 
results  for  7-TiAl.  7-TiAl  can  be  considered  as  a  slightly  distorted  face-centered  (fee) 
lattice  with  CuAu  type  order.  The  ratio  between  lattice  parameters  in  the  direction  of 
the  tetragonal  axis  and  perpendicular  to  it  has  a  value  of  about  1.02  [19]. 

2.2  Experimental  procedure 

Details  of  the  experimental  procedure  have  been  already  published  elsewhere  (14|.  There¬ 
fore,  we  only  highlight  the  main  steps;  Polycrystalline  material  of  the  compound  7-TiAI 
was  prepared  by  a  skull  melting  technique  from  Ti  sponge  and  an  AI  electrode  at  the 
Max- Planck- Institut  fur  Eisenforschung  in  Dusseldorf.  According  to  chemical  and  elec¬ 
tron  microprobe  analyses  the  composition  was  46  at.%  Ti  and  54  at.%  Al  (see  arrow  in 
figure  1).  In  agreement  with  the  phase  diagram  of  figure  1,  optical  metallography  and 
X-ray  diffractometry  indicated  that  the  material  was  indeed  single  phase.  The  average 
grun  size  of  the  polycrystals  was  about  150  pm. 

The  diffusion  experiments  were  performed  with  the  tracer  method  utilizing  the  ra¬ 
dioisotope  ^Ti,  which  was  produced  by  irradiating  a  Sc-fml  with  protons  in  the  compact 
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cyclotron  of  the  Kemforschungszentrwn  Karltruhe.  The  aqueous  solution  of  '*^Ti  fluoride 
obtained  after  some  radiochemistry  was  dropped  onto  the  polished  surface  of  the  disk¬ 
shaped  specimens  and  then  dried  by  an  infrared  lamp.  The  diffusion  anneals  were  carried 
out  in  ultra  high  vacuum  at  specified  temperatures  measured  mther  by  a  thermocouple 
or  by  a  pyrometer.  Serial  sectioning  was  accomplished  with  the  help  of  a  grinding  device, 
which  had  been  developed  in  our  laboratory  for  the  sectioning  of  brittle  samples.  The 
section  thicknesses  were  determined  from  the  sample  diameters,  the  section  weights,  and 
the  macroscopic  density  (3.70  g/cm^)  which  was  determined  by  the  Archimedean  method. 
The  ^Ti  activities  were  measured  using  a  well-type  intrinsic  Ge  detector. 

2.3  Results  of  diffusion 

The  diffusion  condition  is  equivalent  to  a  thin  layer  source,  diffusing  into  a  semi-infinite 
cylinder.  The  near-surface  ranges  of  the  penetration  profiles  shown  in  figure  2  can  be 
described  by  the  thin  film  solution  of  the  diffusion  equation. 


where  c(x,  t)  is  the  tracer  concentration  at  a  depth  x  after  a  diffusicm  anneal  of  duration  t. 
D"  is  the  tracer  diffusion  coefficient  and  M  the  initial  amount  of  the  tracer  at  the  surface. 
For  deeper  penetrations,  not  shown  in  figure  2,  deviations  are  observed  which  can  be 
attributed  to  diffusion  along  grain  boundaries.  For  further  details  the  reader  is  referred 
to  (14]. 

The  temperature  dependence  of  the  diffusion  coefficient  is  shown  in  figure  3.  The  stfiid 
line  represents  the  following  Arrhenius  fit  to  the  ^Ti-data  (triangles): 

r,.  ,  .o  .0-4  f  “291  kJmor*  \  , 

Dj-i  =  1.53  •  10  *  exp  I - - j  m*8  .  (2) 

The  dashed  lines  represent  interdiffusion  coefficients  [15]  and  will  be  discussed  later. 

2.4  Discussion  of  diffusion  and  defect  structure  in  7-TiAl 

According  to  our  knowledge  the  present  study  is  the  first  radiotracer  self-diffusion  ex¬ 
periment  for  a  titanium  aluminide.  In  addition  there  is  only  very  8C^uce  information  on 
diffusion  in  other  compounds  of  Llo  type  (CuAu  type)  structure  (see,  e.g.,  [3,  4]).  In 
the  binary  Fe-Pt  alloy  system  at  about  equiatomic  compositimi  an  ordered  Llo-structure 
exists  below  1573  K.  The  diffusion  of  '*^Pt  in  this  alloy  was  studied  by  Kucera  et  al.  (16). 
Figure  4  shows  in  a  homologovs  temperature  scale  a  comparison  of  the  present  data  with 
Pt  self-diffusion  in  the  isotypic  FewPtio-alloy.  (Melting  temperatures,  Tm,  have  beoi  used 
to  normalize  the  temperature  scale.  For  7-TiAl  instead  the  well-defined  tempera¬ 
ture  of  the  peritectic  decomposition  (1708  K)  has  been  used,  which  according  to  figure  1 
is  very  close  to  the  Uquidus  temperature  anyway.)  Also  shown  in  figure  4  are  self-diffusion 
data  for  several  fee  metak  and  for  indium  parallel  and  perpendicular  to  its  tetragmial 
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Figure  2:  Concentration-depth  profiles  of 
^■‘Ti  in  polycrystals  of  7-TiAl 


Figure  3:  Arrhenius  diagram  of  diffusion  in 
7-TiAI 


axis.  References  of  the  self-diffusion  data  can  be  found,  e.g.,  in  [4]. 

Figure  4  shows  the  following: 

•  Titanium  self-diffusion  in  7-TiAl  is  similar  to  platinum  self-diffusion  in  the  isotypic 
FesoPtso  structure. 

•  Titanium  self-diffusion  in  7-TiAl  lies  within  the  ‘diffusion  spectrum’  of  fee  metals. 

•  Tittmium  self-diffusion  in  7-TiAl  is  also  similar  to  self-diffusion  in  both  principal 
directions  of  indium. 

These  findings  provide  evidence  that  diffusion  in  7-TiAl  occurs  via  thermal  vacancies.  If 
the  off-stoichiometry  of  the  investigated  material  TI^sAIm  were  2u:comodated  by  struc¬ 
tural  (also  denoted  as  constitutional)  vacancies  as  many  as  4  percent  of  these  defects 
would  be  necessary  and  then  should  be  available  as  diffusion  vehicles.  The  values  of  the 
pre-exponential  factor  and  the  activation  enthalpy  for  Ti  diffusion  in  equation  (2)  as  well 
as  the  similarity  of  the  diffusion  behaviour  to  materials  where  thermrd  vacancies  are  well- 
established  vehicles  of  diffusion  (see  figure  4)  plead  for  a  thermal  vacucy  mechanism  and 
against  significant  contributions  from  structural  vacancies. 

Very  recently  Schaefer  and  coworkers  [20]  have  studied  the  formation  of  thermal  vacan¬ 
cies  in  Ti^gAlsi  using  positron  lifetime  spectroscopy.  An  effective  value  for  the  formation 
enthalpy  of  vacancies  of  1.38  eV  (133  kJmoI”*)  was  deduced.  Together  with  a  normal 
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Figure  4:  Self-diftision  in  7-TiA]  and  other 
materials  in  a  homologous  temperature  scale 
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Figure  5:  Interdlffunon  coefficients  deter¬ 
mined  from  pure  Ti  and  7-Ti46Als4  diffusion 
couples  by  Hirano  and  Iijima(15];  (Diffusion 
data  for  the  phase  have  been  omitted) 


value  for  the  formation  entropy  the  positron  measurements  suggest  a  vacancy  concen¬ 
tration  of  about  1.6  ■  10~^  at.  fraction  near  the  peritectic  decomposition  temperature  of 
7-TiAl.  This  value  is  similar  to  typical  vacancy  concentrations  near  the  melting  temper¬ 
atures  in  fee  metals  (see,  e.g.,  [24]). 

Shirai  and  Yamaguchi  [21]  have  reported  a  positron  lifetime  spectroscopy  study  on 
TisiAUs,  Ti48AU2  and  Ti^^Alss  compounds  after  electron  irradiation,  proton  irradiation, 
and  after  deformation  in  compression.  It  is  well-known  that  electron  irradiation  essentially 
generates  vacancies  and  interstitials.  In  contrast  to  interstitials,  vacancies  can  act  as 
traps  for  positrons.  After  electron  irradiation  new  positron  lifetime  components  with 
lifetimes  around  200  ps  for  Ti44Al$6  and  around  195  ps  for  TisiAlw  were  observed,  which 
are  distinctly  different  from  the  value  of  152  ps  observed  in  fully  annealed  compounds. 
The  authors  ascribe  the  higher  lifetimes  to  positrons  annihilating  in  radiation  induced 
vacancies.  The  authors  also  conclude  that  there  are  no  constitutional  vacancies  on  either 
side  of  the  stoichiometric  composition  in  7'TiAi  because  otherwise  all  positrons  would 
be  trapped  in  constitutional  vacancies.  The  small  fraction  of  vacancies  introduced  by 
electron  irradiation  (about  10"'*)  could  then  cause  no  further  change  in  positron  lifetime. 
This  conclusion  is  strongly  supported  by  the  above  mentioned  positron  study  of  vac2mcies 
in  thermal  equilibrium  and  by  practically  the  same  value  of  about  200  ps  deduced  for  the 
lifetime  of  positrons  trapped  in  thermal  vacancies  [20]. 
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Already  in  1954  Elliot  and  Rostocker  (22]  bad  published  a  quantitative  study  of  in¬ 
tensities  of  (220)  and  (110)  X-ray  diffraction  lines  from  Al-rich  off-stoichiometric  7-TiAl. 
They  concluded  that  excess  A1  atoms  replace  Ti  atoms  but  otherwise  preserve  long  range 
Llo  order.  Recently,  Vujic  et  al.  [23]  have  determined  lattice  parameters  a  and  c  in  7-TiAl 
between  50  and  58  at.%  Al  bom  X-ray  measurements.  FVom  the  lattice  parameter  data 
they  calculated  X-ray  doisities  assuming  eitha  constitutional  vacancies  on  Ti  sites  or  Al 
antisite  atoms  on  Ti  sites.  FVom  a  comparison  of  gravimetric  densities  measured  by  the 
Archimedean  method  and  the  calculated  X-ray  densities  they  confirmed  that  no  structural 
vacancies  are  present  and  that  Al  antisite  atoms  are  the  predominant  structural  defects. 

Multiphase  interdiffusion  in  the  Ti-Al  system  especially  on  the  Ti-rich  side,  has  been 
studied  by  Hirano  and  lijima  [15]  on  diffusion  couples  of  piue  Ti  and  7-TL46AIM  using 
electron  probe  microanalysis  and  the  Boltzmann-Matano  method.  Figure  5  shows  inter¬ 
diffusion  coefficients  from  the  work  of  Hirano  and  lijima  [15].  In  the  7-TiAI  phase,  the 
interdiffusion  coefficient  increases  with  increasing  Al  content.  In  figure  3  the  interdiffusion 
coefficients  from  figure  5  pertaining  to  the  lowest  and  highest  Al  content  of  7-TiAl  investi¬ 
gated  in  [IS]  have  been  plotted  as  dashed  lines.  The  upper  line  corresponds  to  practically 
the  same  composition  investigated  in  our  laboratory  by  the  radiotracer  technique. 

The  interdiffusion  coefficient,  D,  is  related  to  the  tracer  self-diffusion  coefficients, 
and  Db  of  the  components  of  a  homogenous  A-B  alloy,  through  Manning’s  generalization 
of  Darken ’s  equation  [25] 

D  =  (XADh+XBD-^)^r.  (3) 

Here  Xx  and  Xb  denote  molar  fractions  of  the  components,  ♦  is  the  thermodynamic 
factor,  and  r  is  the  so-called  vacancy  wind  factor  which  usually  is  of  the  order  of  unity. 
Using  a  classical  result  from  thermodynamics  of  binary  alloys  the  thermodynamic  factor 
can  be  written  as 

^  _  XxXb  d»C7 


where  G  denotes  Gibbs  free  energy.  The  thermodynamic  factor  is  larger  than  unity  for 
phases  with  negative  deviations  from  ideality  {AG  <  1),  and  smaller  than  unity  in  the 
opposite  case. 


Unfortunately  the  thermodynamic  factor  for  7-TiAl  is  not  known  to  us.  However, 
thermodynamic  factors  in  intermetallic  compounds  are  often  larger,  sometimes  even  con¬ 
siderably  larger  than  unity  due  to  the  attractive  interaction  between  the  constituents. 
As  a  consequence  interdiffusion  coefficients  are  often  larger  than  tracer  diffusivities  and 
activation  enthalpies  of  interdiffusion  are  often  smaller  than  for  tracer  diffusion. 
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Figure  6:  Phase  diagram  of  the  system  Co-Nb  according  to  [26] 


In  diffusion  couples  of  pure  Ti  and  7'Ti  Al  Kirkendall  marker  shifts  towards  the  Ti-rich 
side  of  the  couple  have  also  been  observed  [15).  la  a  single-phase  diffusion  couple  such  an 
observation  would  indicate  that  Ti  atoms  diffuse  faster  than  Al  atoms.  However,  for  mul¬ 
tiphase  diffusion  couples  such  a  conclusion  is  not  justified.  The  behaviour  of  Kirkendall 
markers  in  multiphase  diffusion  couples  is  more  complicated  than  in  single-phase  couples 
especially  due  to  the  influence  of  interfaces,  which,  e.g.,  am  act  as  sources  and  sinks  for 
vacancies. 


3  Solid  state  diffusion  reaction  in  the  Co-Nb  system 
3.1  The  Co-Nb  system 

A  recent  version  of  the  phase  diagram  of  the  Co-Nb  system  according  to  [26]  is  shown 
in  figure  6.  Three  intermetallic  compounds  exist  in  the  Co-Nb  system  down  to  room 
temperature:  an  almost  equiatomic  phase  CoNb  with  WeFer-structure  (also  denoted  as 
p-phase),  a  cubic  phase  denoted  as  CojNb  with  CujMg-structure  (cubic  Laves  phase), 
which,  however,  can  accommodate  several  percent  off-stoichiometry  on  the  Co  rich  side, 
and  an  almost  stoichiometric  compound  CorNbj. 
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Figure  7:  Growth  kinetics  of  Co^Nb  in 
Co/Nb  diffusion  couples 
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Figure  8:  Growth  constants  for  CojNb-  and 
CorNbj-layers  in  Co/Nb  diffusion  couples 


3.2  Experimental  procedure 

Solid  state  diffusion  reaction  (multiphase  diffusion)  has  been  studied  in  diffusion  couples 
of  pure  cobalt  and  pure  niobium  in  the  temperature  range  1173  K  to  1473  K.  After  each 
diffusion  anneal  the  samples  were  polished  perpendicular  to  the  diffusion  zone.  The  sur¬ 
face  was  etched  and  the  layer  thicknesses  of  the  intermetallic  phases  were  measured  with 
an  optical  microscope.  The  growth  kinetics  of  those  phases  that  grew  fast  enough,  to  be 
studied  by  optical  means,  were  investigated  for  various  temperatures.  Concentration- 
depth  profiles  across  the  diffusion  zones  were  determined  using  an  electron  microprobe 
analyzer  operated  in  the  point  counting  mode.  Interdiffusion  coefficients  for  the  cubic 
Laves  phase  CojNb  have  been  evaluated  using  the  Boltzmann-Matano-  and  Sauer-FVeise 
methods.  For  further  details  about  the  experimental  procedure  and  about  results  con¬ 
cerning  the  phase  equilibria  the  reader  is  referred  to  a  forthcoming  paper  (17). 

3.3  Growth  kinetics  of  intermetallic  compounds  in  the  Co-Nb 
system 

In  the  diffusion  zone  of  Co/Nb  diffusion  couples  annealed  below  1350  K  in  addidtion  the 
two  primary  solid  solutions  three  intermetallic  phase  layers  CoNb,  Co^Nb,  and  CorNba 
separated  by  four  interfaces  are  observed.  In  diffusion  couples  annealed  above  1323  K 
only  layers  of  CoNb  and  CojNb  and  three  interfaces  are  present.  This  observation  is  in 
agreement  with  the  Co-Nb  phase  diagram  shown  in  figure  6,  but  at  variance  with  the 
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phase  diagram  which  C2m  be  found  in  [18].  Additionally  the  homogeneity  range  of  the 
CojNb  phase  broadens  from  68.5-73  at%  Co  at  1173  K  towards  67-77  at%  Co  (the 
maximum  range)  at  1413  K. 


Figure  7  shows  plots  of  the  layer  thickness  Ax  of  the  Co^Nb  phase  versus  the  square 
root  of  diffusion  time  t  according  to 


A**  =  2kit. 


(5) 


ki  denotes  the  growth  constant  of  the  phase  t.  Parabolic  growth  of  the  CojNb  phase 
without  significant  incubation  time  is  indeed  observed.  Similar  bdiaviour  is  found  fui 
CorNbj.  Parabolic  growth  implies  that  the  growth  kinetics  is  diffusion  controlled.  Slow 
growth  of  the  CoNb  compound  also  occurs,  however,  the  growth  kinetics  could  not  be 
investigated  since  the  layer  thickness  never  exceeded  a  few  pm. 


Figure  8  shows  the  temperature  dependences  for  the  growth  constants  of  the  Co^Nb 
and  CorNb]  layers.  The  growth  constant  of  CojNb  increases  with  temperature,  T,  ac¬ 
cording  to  an  Arrhenius  law 


it  =  7.4  •  10"^  exp 


/  — 211kJmol~’'\ 

I  ^  j 


(6) 


where  R  denotes  the  gas  constant.  The  growth  constant  of  CorNba  has  a  maximum  near 
1300  K.  It  is  always  smaller  than  the  growth  constant  of  CojNb.  As  already  mentioned 
at  diffusion  temperatures  above  1323  K  the  CorNbs  phase  diappears. 

Kidson  [27]  has  shown  that  growth  constants  for  completely  diffusion  controlled  growth 
have  the  following  me^uung 


UDK),i-{DK)i,] 

\(DK)ii-{DK)iA 

CTk-CVi 

CVi-CJ! 

denotes  the  equilibrium  composition  on  the  i-side  of  an  i/j  interface.  Ay  the  inter¬ 
diffusion  coefficient  in  the  i-phase  near  the  ijj  -interface,  and  Kij  is  determined  by  the 
concentration  gradient  in  the  t-phase  near  the  i/j-interface.  In  the  derivation  of  equa¬ 
tion  (7)  any  influence  of  interface  processes  like  phase  nucleation,  atomic  transfer  across 
the  interface,  and  the  creation  and/or  annihilation  of  point  defects  at  the  interfaces  has 
been  already  disregarded,  which  is  only  justified  for  long  enough  diffusion  times  when 
the  growth  process  is  completely  diffusion  controlled  [28,  29].  Even  for  this  simple  case 
growth  constants  have  a  complex  meaning  because  they  depend  on  diffusivities  in  all  the 
layers  present  in  the  diffusion  zone,  on  the  concentration  gradients  on  both  sides  of  the 
interfaces,  and  on  the  (sometimes  temperature  dependent)  solubility  limits  of  the  phases. 
If  one  deduces  an  activation  enthalpy  for  the  growth  process,  which  in  our  case  is  possible 
for  CosNb,  it  still  may  have  a  complex  meaning.  Its  value  is  usually  not  identical  with 


Figure  9:  Concentration  penetration  plot  for  a  Co/Nb  couple  annealed  for  330  h  at  1373  K 

the  activation  enthalpy  of  interdiffusion  in  the  pertaining  layer.  In  the  case  of  CorNb}  the 
temperature  dependence  of  the  growth  constant  cannot  even  be  described  by  an  Arrhenius 
relation. 


3.4  Interdiffusion  in  the  cubic  Laves  phase  CojNb 

A  typical  concentration  penetration  plot  obtained  by  electron  probe  microanalysis  for  a 
couple  annealed  at  1373  K  for  330  h  is  shown  in  figure  9.  The  Co2Nb  layer  with  some  stoi¬ 
chiometry  range  on  the  Co  rich  side  between  about  69  and  76  at.%  Co  is  clearly  observed. 
The  CoNb  phase  is  visible  in  optical  micrographs  (see  [17]).  However,  its  thickness  is  so 
small  that  it  can  be  easily  overlooked  in  electron  microprobe  analysis. 

Boltzmann-Matano  analysis  has  been  used  to  evaluate  interdiffusion  coefficients  for 
CojNb  as  a  function  of  composition  from  experimental  concentration-depth  profiles.  If 
the  variation  of  the  molar  volume  with  concentration  reported  in  [30]  is  taken  into  account 
by  applying  the  modification  of  the  Boltzmann-Matano  analysis  introduced  by  Sauer  and 
I’Veise  and  den  Breeder  [31,  32]  very  similar  results  are  obtained  [34]. 

Figure  10  shows  the  results  using  the  molar  tcactiona  of  Co  as  the  concentration  units 
for  Matano’s  analysis.  The  interdiffusion  coefficients  have  a  significant  compositional 
dependence  with  a  maximum  between  73  and  74  at.%  Co.  Arrhenius  plots  of  the  inter¬ 
diffusion  coefficients  in  the  CojNb-phaae  for  various  compositions  are  shown  in  figure  11. 
The  activation  enthalpy  of  interdiffusion  decreases  slightly  with  increasing  Co  concentra¬ 
tion  from  173  kJmol"*  for  70  at%  Co  to  157  kJmol"*  for  73  at%  Co.  The  pre-exponential 
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Figure  10:  Concentration  dependence  of  the  Figure  11:  Interdiffusion  coefficients  in 
interdiffusion  coefficients  in  Co^Nb  Co2NI>-phase  for  various  compositions 

factor  4  •  10~*  m^s~*  is  almost  independent  of  composition.  The  activation  enthalpy  of 
interdiffusion  is  not  much  different  from  the  activation  enthalpy  observed  for  the  growth 
constant  of  the  CoaNb  phase  indicating  that  the  growth  kinetics  of  this  phase  in  Co/Nb 
diffusion  couples  is  largely  controlled  by  bulk  diffusion  through  this  phase. 

3.5  Some  remarks  on  diffusion  and  defect  structure  in  Laves 
phases 

Laves  phase  compounds  crystallize  with  the  cubic  MgCu2  (also  denoted  as  C-15),  the 
hexagonal  MgNij  (C-36),  and  the  hexagonal  MgZnj  (C-14)  structures.  The  three  struc¬ 
tures  are  all  densely  packed  with  averaged  coordination  numbers  larger  than  12.  Only 
atoms  from  one  species  are  in  contact  to  each  other.  At  present  there  are  only  very  few 
diffusion  studies  and  even  less  defect  studies,  although  -  as  already  mentioned  -  Laves 
phases  represent  the  largest  group  of  intermetallic  compounds. 

According  to  our  knowledge  the  data  of  figure  10  and  11  represent  the  first  set 
diffusion  data  for  the  cubic  Laves  phase  Co^Nb.  As  already  mentioned  in  the  previous 
section  interdiffusion  coefficients  pertain  to  diffusion  in  a  compound  with  a  composition 
gradient.  According  to  equation  (3),  apart  from  the  component  diffiisivities  of  Co  and  Nb, 
the  interdiffusion  coefficient  contains  the  thermodynamic  factor  of  CojNb.  Presumably 
the  maximum  in  the  interdiffusion  codScient  is  due  to  a  maximum  in  the  thermodynamic 
factor. 
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Figure  12:  Diffusion  processes  in  CojNb  and  Figure  13:  Diffusion  processes  in  Oo]Nb  and 
other  Laves  compounds  in  a  homologous  tem-  other  materials  in  a  homologous  t '  jperature 
perature  scale  scale 


Saito  and  Beck  [33]  have  performed  a  comparison  of  the  X-ray  density  with  gravi- 
metrically  measured  densities  for  the  Co-rich  compounds  of  the  Co-Nb  system.  Their 
measurements  show  that  the  variable  stoichiometry  of  the  Co^Nb  Laves  phase  is  the  re¬ 
sult  of  the  progressive  occupation  of  Nb  sites  by  Co  atoms,  and  not  the  result  of  structural 
vacancies  in  the  Nb  sublattice.  It  is  well-known  that  in  intermetallic  compounds  with  B2 
order  (CsCl  stucture)  of  varying  stoichiometry  the  diffusion  coefficient  shows  a  minimum 
near  the  stoichiometric  composition  because  for  off-stoichiometric  compositions  structural 
vacancies  can  act  as  additional  diffusion  vehicles  {3j.  In  contrast  to  structural  vacancies 
antisite  atoms  will  not  act  as  additional  diffusion  vehicles. 

Figure  12  shows  in  a  homologous  temperature  scale  an  Arrhenius  diagram  of  all  dif¬ 
fusion  data  for  Laves  phase  compounds  known  to  us.  Gunzel  et  al.  [40]  reported  tracer 
diffusion  of  *®Zn  in  ZnjMg,  which  is  a  hexagonal  (C-14)  Laves  compound.  Tracer  diffu¬ 
sion  of  *®Fe  in  FejTi  -  another  hexagonal  C-14  compound  -  was  studied  by  Shinjaev  [42]. 
Finally,  interdiffusion  coefficients  in  the  Laves  phase  CojTi  from  the  work  of  van  der 
Straten  et  al.  [41]  are  displayed  in  figure  12.  Obviously  for  homologeous  temperatures  the 
diffusion  properties  of  the  cubic  Laves  phase  CojNb  and  of  the  hexagonal  Laves  phase 
ZnjMg  are  similar. 

Figure  13  shows  a  comparison  of  interdiffusion  in  Co^Nb  (composition  70  at.%  Co) 
with  self-diffusion  processes  in  pure  Co  [4,  35]  and  pure  Nb  [4,  36).  Also  shown  in  fig- 
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ure  13  as  full  circles  axe  interdiffusion  coefficients  which  originate  from  our  concentration- 
depth  profiles  in  the  range  of  the  very  Co  rich  solid  solution  (see  figure  9).  These  data 
essentially  represent  Nb  diffusion  in  Co.  Impurity  diffusion  of  Co  in  Nb  [37,  4]  is  a  diffu¬ 
sion  process  which  is  clearly  faster  than  diffusion  in  CojNb.  Very  likely  it  occurs  by  an 
interstitial-substitutional  exchange  mechanism  [38]  where  the  exchange  is  mediated  by  va¬ 
cancies  similar  to  well-established  cases  of  fast  diffusing  foreign  atoms  in  germanium  (see, 
e.g.,  [39]).  Processes  like  self-diffusion  in  Nb  and  in  fee  Co  and  Nb  diffusion  in  Co,  which 
occur  by  thermal  vacancies,  are  somewhat  slower  than  interdiffusion  in  CojNb.  However, 
one  should  keep  in  mind  that  interdiffusion  coefficients  in  intermetallic  compounds  due  to 
the  influence  of  the  thermodynamic  factor  (see  equation  (2))  are  often  larger  than  tracer 
diffusivities  and  activation  enthalpies  often  smaller  than  in  tracer  diffusion  experiments 
on  the  same  material. 

The  already  mentioned  findings  of  Saito  and  Beck  [33] ,  the  values  of  the  pre-exponential 
factor  and  the  activation  enthalpy  for  interdiffusion  as  well  as  the  similarity  of  the  diffusion 
behaviour  to  materials  where  thermal  vacancies  are  well-established  vehicles  of  diffusion 
(see  figure  13)  plead  for  a  thermal  vacancy  mechanism  in  CojNb  as  well. 

4  Summary  and  conclusions 

Tracer  diffusion  studies  in  the  Ti-Al  system  in  our  laboratory  have  been  started  with 
experiments  of  titanium  diffusion  in  single-phase  7-TiAl.  In  the  Co-Nb  system  phase 
equilibria,  growth  of  intermetallic  compounds,  and  interdiffusion  in  the  cubic  Laves  phase 
CojNb  have  been  investigated.  Our  diffusion  results  are  discussed  together  with  infor¬ 
mation  on  diffusion  and  defect  structure  in  7-TiAl,  on  the  Co-Nb  system,  and  on  other 
Laves  phase  compounds. 

The  salient  points  obtsuned  for  7-TiAl  are  the  following: 

1.  Titanium  self-diffusion  occurs  via  thermal  vacancies. 

2.  The  difference  between  our  tracer  diffusion  data  and  interdiffusion  data  from  liter¬ 
ature  [15]  is  largely  attributed  to  the  thermodynamic  factor. 

3.  Deviations  from  stoichiometry  aie  compensated  by  antisite  atoms. 

4.  A  significant  contribution  of  structural  vacancies  to  diffusion  in  off-stoichiometric 
material  is  unlikely. 

5.  Conclusions  1),  3),  and  4)  are  strongly  supported  by  positron  annihilation  stud¬ 
ies  [20,  21]  and  by  density  measurements  [23]. 

The  salient  points  obtained  for  Co-Nb  are  the  following: 

1.  All  intermetallic  compounds  (CoNb,  CojNb,  and  CorNb])  which  could  be  expected 
on  the  basis  of  the  ‘Smithells’  version  [26]  of  the  Co-Nb  phase  diagram  are  present 
in  the  diffusion  zones  of  Co/Nb  diffusion  couples. 


64 


2.  Parabolic  growth  was  observed  for  CojNb  and  CorNbi,  whereas  growth  of  CoNb 
was  too  slow  to  be  determined  by  optical  means. 

3.  The  temperature  dependence  of  the  growth  constant  of  CojNb  can  be  described 
by  an  activation  enthalpy  of  211  kJmol~*.  The  growth  constant  of  CorNbj  passes 
through  a  maximum  near  1300  K. 

4.  Interdiffusion  coefiBcients  in  the  cubic  Laves  phase  Co^Nb  show  a  maximum  as  a 
function  of  composition,  which  is  tentatively  attributed  to  the  thermodynamic  fac¬ 
tor. 

5.  The  interdiffusion  coefficients  obey  Arrhenius  laws  for  fixed  compositions  of  Co^Nb. 
The  activation  enthalpies  vary  from  173  kJmol~^  to  157  kJmol~*  for  70  at%  Co 
to  73  at%  Co.  The  pre-exponential  factor  is  4  •  10~‘  m^s~*  almost  independent  of 
composition. 

6.  Deviations  from  stoichiometry  according  to  density  measurements  are  compensated 
by  Co  antisite  atoms  on  the  Nb  sublattice  (33]. 

7.  Conclusion  6)  together  with  similarities  of  the  diffusion  behaviour  of  CojNb  with 
well-established  cases  of  thermal  vacancy  diffusion  plead  for  thermal  vacancies  as 
dominating  diffusion  vehicles  in  CojNb. 
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Abstract 

The  diffusivities  of  two  off-stcnchiometric  NiAi  alloys  containing  chromium  have  been  measured 
by  a  diffusion  couple  technique  that  employs  concentration  differences  of  a  few  atomic  percent. 
The  concentration  profiles  were  measured  by  EPMA  and  then  evaluated  u^g  the  square  root 
diffusivity  analyss.  When  substituting  the  diffusivities  into  error  function  solutions, 
concentration  profiles  were  obtained  that  woe  within  ±0.2  at%  of  EPMA  data.  It  was  found 
that  adding  chromium  to  Nij  2sAl,72  hsd  the  effect  of  decreasing  increasing  D^)r,. 

DcrAi>  ^  ^CiCr*  decrease  in  was  about  one  fifth  of  that  obtained  when  adding  die 
same  amount  of  aluminum. 
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L  Tjutroductioii 


Hw  B2  niclsl  altuninide  (^GA1)  is  an  inCermetatlic  compound  that  is  important  as  a  high 
temperature  coating  and  potentially  as  a  high  temperature  structural  material.  In  order  to 
model  its  interdiffuskm  behavior  at  high  tonperatuies,  it  is  necessary  to  know  the  difiiisivity 
for  a  range  ot  compositions. 

Since  the  diffiisivity  of  intermetallic  conpounds  is  subject  to  large  variations  with 
composition,  its  measurement  tm  multicomponent  alloys  poses  pedal  problems.  The 
Boltzmann-Matano  analysis  is  not  affected  by  the  variations,  but  it  has  other  limitatioHS.  Fbr 
ternary  alloys  it  cannot  give  the  diffiisivity  tor  a  predetermined  composition;  and  for 
quatemary  and  higher  order  alloys  it  does  not  p|dy  (1). 

An  alternative  to  the  Bdtzmann-Matano  analyas  is  one  of  several  analyses  that  were 
derived  by  assuming  that  the  diffosivity  is  ctmstant  (2,3),  a  useful  pproximation  vriien 
concentration  differences  are  small.  Recent  w«k  (4)  has  shown  that  one  analysis,  die  *  square 
root  diffosivity  analyas,"  has  validity  even  when  the  diffosivity  varies  linearly  with 
concentration,  fo  the  present  work  it  was  pplied  to  measuring  the  diffosivity  of  NiAl  alloys 
that  contain  less  dian  the  stoichiometric  amount  of  AI,  pprozimately  36XA1,  and  up  to  7.S 
at%  Cr.  The  effect  of  Cr  on  diffosion  was  then  compared  with  previous  work  on  binary 
NiAl  alloys. 


n.  Background 

Shankar  and  Sdgle  (S)  showed  that  the  diffosivity  of  binary  NiAl  varies  by  several 
orders  of  magnitude  across  the  singfe  phase  beta  fiehl  of  the  phase  diagram.  In  a  plot  of 
diffosivity  vs.  Al  ooncentratioo  the  diffoavity  has  a  deep  minimum  at  48-49  at%  Al  (D  <• 
1x10*^^  cmVsec).  Presumably  die  fmnation  of  vacancies  in  alloys  with  mote  than 
strnchiometric  Al  (6)  and  a  reduction  in  long  range  mda  in  alloys  contaimng  less  than  the 
stoidiionietric  amount  are  primarily  reponable  for  diese  changes. 

The  "square  root  diffosivity  analysis*  has  been  applied  already  to  measuring  die 
diffosivity  of  gamma  phase,  (Q-Cr-Al  (7)  and  fn-Cr-Al-Mo  (8)  alloys.  For  ternary  alloys  the 
results  were  within  10%  of  those  obtained  by  die  Boltzmann-Matano  analysis  0.e.  they  were 
within  the  experimental  error).  Hie  current  woric  is  the  first  time  the  square  root  diffosivity 
analysis  has  been  pplied  to  an  intermetallic  conpound. 

The  analysis  yidds  the  "square  root  diffosivity*  which  is  a  kinetic  ptopmty  matrix,  [r], 
that  is  related  to  the  diffosivity  matrix  [D]  by  the  relationshp  (9): 

PI  -  WW 
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The  basis  for  die  analysis  appitied  to  tonaiy  alloys  is  the  equation  (10): 


S|  -  — (r^ACf  r^C^ 


in  whidi  t  is  time,  Sj  is  the  amount  of  solute  i  crossing  the  initial  inter&ce  from  left  to  right, 
ry  is  an  element  of  the  square  root  difliisivity  matrix,  and  ACj**  is  die  initial  concentration 
diffoence  between  all(^  on  the  right  and  the  left  sides  of  die  given  diffiiaon  cotqde: 

AC,'-  C*  -  C,*  ® 

Two  diffusion  couples  are  required  to  sdve  Eq.  [2]  for  the  ry’s.  The  diriusion  coi^les  must 
have  the  same  average  cmnpoation  and  the  diffusivity  obduned  is  for  an  alloy  with  the 
average  composition.  Additional  details  of  the  analysis  method  are  given  in  several  recent 
publications  (1,7,8). 

nL  Kqiaimeiital  Frocedure 

The  diffusivity  of  two  aluminide  alloys  were  obtained  by  making  measurements  on  four 
diffusion  couples.  To  make  the  couples,  six  alloys  which  differed  by  relatively  small 
concentration  differences  woe  prqiaied  from  high  purity  Ni^.99%),  Cr(99.99%)  and 
Al(99.99%)  starting  materials  by  rqieated  arc  melting  in  a  hi^  purity  argon  atmoqihere. 
The  composition  of  each  alloy  prior  to  arc  melting  is  given  in  Table  1.  Arc  mdted  buttons 
were  drop  cast  into  a  6  mm  diam^  cylindrical  mold.  The  alloy  rods  were  dien 
homogenized  by  sealing  them  in  nickel  tubes  mid  then  annealing  for  50  hours  at  120(fC.  The 
rods  woe  then  machined  to  5  mm  diameter  rods  and  sectioned  into  2.S  mm  thick  disks  and 
polished.  Because  of  the  nature  of  MAI,  the  alloys  were  brittle  and  individual  grains  often 
dropped  out  of  the  disks,  especially  in  alloys  diat  contained  die  smallest  amount  of  Cr. 

Table  I.  Conqiosition  of  Alloys  Prior  to  Arc  Melting 


Alloy# 

Ni 

Cr 

A1 

aumdc  % 

64.0 


34.0 

36.0 

34.0 


The  diffusion  couples  were  made  by  assembling  a  series  of  disks  in  stainless  sted 
holden.  For  example,  one  series  contained  the  alloys:  1/4/S/3/2/6.  The  holders  apfdied 
hydrostatic  stress  to  the  alloys  and  pfx>tected  them  from  oxidation.  The  holder  was  protected 
bom  excesave  oxidation  by  vacuum  enctqjsulating  in  quartz  tubing.  The  assemblies  were 
heated  for  40  hours  at  120(FC±2*^.  Then  foe  quartz  tube  was  removed  from  foe  furnace 
and  quendied  in  ice  brine.  The  diffodon  cou]de  assembly  was  sectfoned  longitudinally  by 
a  diamond'inq»egnated  saw  to  expost  foces  peipendicular  to  the  initial  inteifaces  of  foe 
diffusion  couples.  The  samfdes  wme  foen  ground  and  pdished. 

Composition  profiles  were  measured  from  foe  diffusion  coq^  by  dectron  probe 
microanalysis  (EPMA).  A  Cameca  MBX  dectron  probe  microanalyzer  was  used,  operating 
at  IS  kV  and  a  beam  current  of  about  20  nA.  The  analytical  qntial  resdution  was 
aqnoximatdy  1  pm  and  foe  takeoff  angle  of  foe  X-rays  was  40  deg.  Measurements  were 
made  at  distance  increments  of  10  ^m.  The  X-rays  that  were  collected  were  automatically 
corrected  for  atomic  number  effects,  absorption,  and  flu(»escence  by  an  ZAF  correction 
program  and  then  were  converted  into  composition  data.  The  composition  values  are  accurate 
to  better  than  ±2  pet  relative,  as  ddmrmined  by  X-ray  counting  statistics. 


IV.  Results 

Five  measurements  woe  made  on  eadi  profile  in  order  to  determine  [r].  These  were 
foe  initial  alkiy  concentrations,  C-^  and  C|*;  the  location  of  foe  intofoce  at  foe  average 
composition,  iq;  and  the  change  in  solute  on  eadi  side  of  x^,  and  S-^.  The  values  of  x^ 
differed  somewhat  for  Cr  and  A1  due  to  experimental  scatter  (7,8). 

The  initial  alloy  concentrations  were  measured  by  averaging  25  pmnts  outnde  tiie 
reaction  zone.  These  values  and  the  standard  deviations  are  summarized  in  Table  n. 

Table  n.  EPMA  Measurements  of  die  Initial 
Concentrations  of  Diffusion  Coqde  Alloys 


AUoy# 

Coqde 

at«0 

at%  A1 

1 

4fl 

9.5  ±  0.2 

33.5  ±  0.7 

2 

2/6 

7.0 

34.7 

3n 

7.5 

36.0 

3 

3/2 

7.2 

32.2 

4 

4/1 

5.7 

33.5 

5/4 

5.7 

33.5 

3 

5/4 

3.7 

35.5 

6 

2/6 

1.9 

34.4 

The  position  of  the  interface  at  the  average  composition  (C^+C^)/2  was  then  detomined 
gn^diically  from  the  concentration  profiles. 

The  ammint  of  solute  Sj  was  as  an  average  of  the  two  areas  determiimd  gr^hically 

on  side  of  (7,8),  while  the  ACi***s  were  determined  from  the  initial  alloy  compositions 
by  Eq.  [3].  In  cmiple  2/6  the  A1  profile^oes  not  have  a  clear  Cj^  because  of  imblems  with 
the  sample  homogeneity.  In  this  case  S^i  was  taken  as  S^,  the  amount  of  solute  entering 
alloy  2.  The  average  concentration  vras  taken  as  the  average  of  the  extrema  concentrations. 
A  similar  procedure  was  used  for  the  Cr  profile  of  Co(q>le  3/2.  The  and  ACj*  for  each 
profile  of  each  diffusion  couple  are  listed  in  Table  m. 


Table  m.  Measuronents  from  Concentration  Profiles 


Couple# 

AC*c, 

at% 

AC'ai 

at% 

at%ftm 

Sai 

2/6 

-5.1 

-0.3 

621 

337 

3/2 

0.4 

3.8 

-131 

-463 

4/1 

3.8 

-0.1 

■492 

-239 

5/4 

2.0 

-2.0 

-219 

270 

From  Eq.  [2]  four  equations  can  be  written  for  each  of  two  diffusion  couples  that  had 
the  same  average  composition  (i.e.  4/1  and  3/2  as  well  as  2/6  and  4/5).  By  solving  these 
equations  simultaneously  [r]  was  obtained  for  an  alloy  having  die  avoage  composition. 
Finally,  [D]  was  obtained  from  Eq.  [1].  Both  die  ry  co^dents  and  die  Dy  coefficients  are 
listed  in  Table  IV. 


Table  IV.  Square  Root  Diflusivity  and  Diffiisivity  Coeffidents 


Avoage 

Composition 

CrCr 

CrAl 

AlCr 

AlAl 

4.8  at%  Cr 

5.6 

5.6 

2.5 

8.7 

34.6  at%  A1 

Dii 

33 

8.0 

37 

77 

7.5  atX  Cr 

6.1 

1.7 

3.0 

7.7 

33.5  at%  A1 

42 

23 

42 

64 

Units:  ry:  lOr^  cm-sec' 

•1/2  . 

Dy  :  10"*®  cm 

2-sec-» 

T 


V.  Discussicm 

In  order  to  test  the  validity  of  the  measured  difliisivities,  diey  were  substituted  into  ema 
function  snliirinns  iiswl  to  Calculate  concentration  profiles  for  diffusion  couples.  The 
^irailariniM  were  made  by  software  named  PROFILER  (available  from  one  of  die  authors, 
JEKf) .  The  calculated  profiles  along  with  the  EPMA  data  are  shown  for  each  diffusion  coiqde 


Figure  1:  Concentration  profiles  in  the  four  diffusion  couples.  Markers  are  EPMA  data 
while  lines  woe  calculated  by  substituting  the  measured  diffusivities  into  the  oror  function 
solution  of  the  diffusion  equation. 


in  Fig.  1.  The  standard  deviation  between  the  data  and  the  error  function  profiles  is  on  the 
order  of  ±0.1  at%  for  Cr  and  ±0.2  at%  for  Al.  The  agreement  here  suggests  that  any 
constant  diffiisivity  analysis  could  have  been  used  to  obtain  a  reasonable  diffiisivity  matrix 
and  that  higher  order  systems  could  have  been  treated,  too. 

The  effect  of  adding  Cr  to  Nii^Al,72  is  compared  in  Fig.  2  to  that  of  adding  Al  to  the 
same  alloy.  From  the  data  of  Shankar  and  Seigle  (5)  it  can  be  seen  that  adding  7.5  atX  Al 
has  the  effect  of  reducing  by  nearly  a  factor  of  ten  while  a  similar  addition  of  Cr 
reduces  by  a  &ctor  of  two.  The  decrease  caused  by  adding  Al  is  likely  due  to  an 
increase  in  long  range  order,  however  the  decrease  caused  by  adding  Cr  was  likely  due  to 
other  reasons,  for  example,  duuiges  in  the  thermodynamic  factor  (11). 

Adding  Cr  to  Nij  ^sAl.T}  not  tmly  decreases  Dygy^  but  also  increases  and 

DciCr  ^  shown  in  Fig.  3.  The  increase  in  ^  miuiied  by  theny  because  D^Aimust 
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VI.  Concbisioiis 


It  has  been  shown  that  tihe  square  root  diffiisivity  analysis  can  be  applied  to  measuring 
the  diffiisivity  of  multicomponent  intermetaUic  compounds.  Even  diough  it  was  jqifriied  here 
to  ternary  alloys,  the  results  suggest  that  it  could  be  qiplied  to  quaternary  and  hi^ier  order 
alloys.  For  the  case  of  NiAl  that  omtains  less  than  the  stmdiiometric  amount  of  Al,  it  was 
shown  diat  adifing  Cr  toids  to  reduce  Daui*  Adding  Al  has  a  siinilar,  but  larger  ^ect. 
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Abstract 

The  Path  Probability  Method  is  employed  to  study  ordering  kinetics  and  phase  sta¬ 
bility  under  thermal  cycles  for  Llg  ordered  phase  of  a  spin  system  at  1:1  stoichiometry. 
Characteristic  features  of  two  types  of  ordering  mechanism,  Nucleation-Growth  ordering 
and  Spinodal  ordering,  are  examined  from  the  kinetic  point  of  view.  It  is  confirmed  that 
an  infinitesimal  amount  of  fluctuation  drives  the  Spinodal  ordering  while  a  critical  amount 
of  fluctuation  is  necessary  for  the  Nucleation-Growth  ordering.  A  steady  state  kinetic  path 
under  cyclic  temperature  variation  is  obtained  in  a  thermodynamic  configuration  space. 
The  steady  state  path  deviates  significantly  from  the  equilibrium  path  in  the  high  temper¬ 
ature  region,  which  is  explained  based  on  the  topological  feature  of  the  free  energy  contour 
surface.  The  extension  of  the  present  study  of  a  spin  system  to  an  alloy  system  with  the 
vacancy  mechanism  is  discussed. 


Dlffwlon  In  Oidcrad  Mloy> 
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tba  Mirmt^  Matab  h  MaMtiab  Sodaty,  1SS3 


79 


I.  Introduction 


The  Cluster  Variation  Method  (hereafter  CVM)  [1]  of  statistical  mechanics  has  been 
widely  employed  to  study  alloy  thermodynamics.  The  advantage  of  the  CVM  is  the  fact 
that  a  wide  range  of  atomic  correlations,  which  play  a  crucial  role  in  the  phase  transition, 
are  explicitly  incorporated  in  the  free  energy  functional.  Thereby  accurate  information 
about  relevant  thermodynamic  quantities  can  be  derived.  Recently,  by  including  electronic 
structure  calculations,  a  first-principles  approach  to  alloy  thermodynamics  has  been  carried 
out  for  various  alloy  systems  (2,3,’. 

Although  equilibrium  thermodynamics  is  a  fundamental  tool  for  understanding  phase 
stability  of  a  given  alloy  system,  less  information  can  be  derived  for  kinetic  aspects,  which 
are  particularly  important  in  understanding  the  behavior  of  a  metastable  state  brought 
about  by  various  non-equilibrium  processes.  In  fact,  fascinating  features  of  functional 
properties,  owing  in  many  cases  to  metastable  properties  and  time  dependent  phase  sta¬ 
bility,  is  the  central  concern  in  designing  an  advanced  material.  Development  of  a  reliable 
kinetic  theory  is  an  urgent  goal  in  materials  science. 

Kikuchi’s  Path  Probability  Method  (hereafter  PPM)  [4,5,6],  which  was  proposed  about 
a  decade  after  CVM  was  devised,  is  the  natural  extension  of  the  CVM  to  time  domain, 
therefore  various  useful  features  are  inherited  from  the  CVM.  An  advantage  of  the  PPM 
is  that  a  calculated  quantity  in  the  long  time  limit  correctly  converges  to  the  equilibrium 
one  independently  obtained  by  the  CVM.  Hence,  the  combination  of  the  CVM  and  PPM 
enables  one  to  perform  a  systematic  study  in  synthesizing  equilibrium  and  non-equilibrium 
aspects  of  the  phase  stability  of  a  given  material.  The  major  stumbling  block  against  a 
wide  applicability  of  the  PPM,  however,  is  the  fact  that  the  PPM  generally  demands  an 
enormous  amount  of  variational  parameters.  Although  the  tetrahedron  approximation  is 
the  common  practice  for  the  CVM  study  on  an  fcc-based  eilloy  system,  the  formulation  as 
well  as  the  computation  of  the  PPM  within  this  approximation  is  quite  complicated  [7,8]. 
M">st  of  the  PPM  studies  have  been  limited  to  the  bcc-based  alloy  system  for  which  the 
pair  approximation  provides  feiirly  accurate  results  [9]. 

In  the  description  of  an  equilibrium  state,  both  spin  and  alloy  systems  are  equivalent. 
However,  the  essential  difference  between  the  two  should  be  noted  for  the  description  of 
kinetics.  The  spin  system  is  characterized  by  a  flipping  mechanism  which  does  not  neces¬ 
sarily  conserve  the  concentration  of  up  (and  down)  spins.  While  the  exchange  mechanism, 
either  direct  or  through  a  vacancy,  for  an  alloy  system  strictly  conserves  the  composition. 
It  has  been  recognized  that  the  spin  flipping  mechanism  for  both  the  formulation  and  com¬ 
putation  of  the  PPM  demands  less  labor  due  to  the  restricted  freedom  of  the  evolution 
path,  which  makes  the  tetrahedron  approximation  tractable.  In  order  to  study  the  kinetic 
behavior  of  an  fcc-based  system  by  the  PPM,  the  spin  kinetics  has  been  adopted  by  the 
author’s  group.  Also,  these  studies  are  limited  to  1:1  stoichiometric  composition  for  which 
the  composition  is  conserved  without  additional  constraints.  Thereby,  the  conserved  na¬ 
ture  of  an  alloy  system  is  simulated  to  some  extent.  In  the  present  report,  two  examples  of 
the  PPM  studies  performed  by  the  authors’  group  [10,11,12],  for  an  fcc-based  Llo  ordered 
phase  are  demonstrated.  These  are  (1)  ordering  kinetics  [10,11]  and  (2)  phase  stability 
under  cyclic  temperature  variation  [12]. 

It  has  been  well  known  that  the  ordering  reaction  is  driven  by  either  Nucleation-Growth 
(hereafter  NG)  or  Spinodal  ordering  (hereafter  SP)  [13,14]  mechanisms.  Most  of  the  kinetic 
studies  are,  however,  centred  around  the  former  mechanism.  We  attempted  to  clarify  the 
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kinetic  features  of  the  SP  by  examining  both  reactions  based  on  the  PPM  calculations. 
In  fact,  one  prominent  feature  of  the  PPM  is  that  the  time  evolution  of  short  range  order 
pwameters  in  addition  to  a  long  range  order  parameter  ajre  systematically  derived,  which 
is  expected  to  provide  more  detailed  information  on  the  ordering  kinetics.  Such  is  the 
purpose  of  the  first  example,  i.e.,  the  study  of  ordering  kinetics. 

The  main  emphasis  of  the  present  report  is  placed  on  the  second  example  which  is 
motivated  by  the  following  observation.  The  phase  stability  of  an  intermetallic  compound 
has  been  attracting  broad  attention.  And  the  major  theoretical  efforts  have  been  directed 
towards  a  better  understanding  of  the  stability  at  both  the  ground  state  and  finite  tem¬ 
peratures.  The  former  is  well  investigated  by  electronic  structure  calculations,  while  the 
latter  is  investigated  by  a  statistical  mechanics  method  such  as  CVM  or  Monte  Carlo 
method.  However,  the  stability  of  the  intermetallic  ordered  phase  is  not  fully  characterized 
by  these  two  aspects  only.  For  instance,  the  stability  under  cyclic  temperature  Vciriation 
which  is  an  indispensable  component  in  designing  a  heat  resistant  intermetallic  compound 
is  basically  a  subject  of  kinetics.  Such  dynamical  stability  is  controlled  by  various  kinetic 
factors.  Among  them,  the  most  prominent  one  is  the  diffusivity  of  component  elements. 
The  interplay  between  diffusion  which  drives  a  system  towards  the  equilibrium  state  and 
external  cooling  (and  heating)  rates  eventually  induces  a  steady  state  which  may  be  well 
characterized  by  a  kinetic  path  traced  in  a  thermodynamic  configuration  space.  Since  the 
PPM  provides  the  time  evolution  of  various  configuration  variables  it  is  expected  that  the 
steady  state  behavior  is  well  clarified  by  the  PPM. 

The  organization  of  the  present  report  is  as  follows.  In  the  next  section,  a  brief  outline 
of  the  theoretical  background  of  the  PPM  is  described.  The  major  results  are  demonstrated 
and  discussed  in  the  third  section.  As  was  described  above,  the  present  report  is  devoted 
to  a  spin  system.  The  discussion  of  the  alloy  kinetics  requires  a  detailed  picture  of  the 
atomistic  exchange  mechanism.  Such  an  effort  has  been  recently  initiated  [7,8].  In  the 
final  section,  a  brief  discussion  of  the  extension  of  the  present  study  to  an  alloy  system  is 
provided. 


II.  Theoretical  background  of  the  Pi'M 
Phaag  equilibria  and  stability  analyzed  bv  the  CVM 

Within  the  tetrahedron  approximation  of  the  CVM,  four  independent  variables  (corre¬ 
lation  functions)  are  suflicient  to  describe  a  disordered  phase.  For  the  Llo  ordered  phase, 
on  the  other  hand,  the  number  of  the  independent  variables  increases  to  eight  due  to  the 
removal  of  the  degeneracy  among  subiattices  by  a  breaking  of  symmetry.  Shown  in  Fig.  1 
is  the  disorder-Llo  phase  diagram  in  the  vicinity  of  50  at.%.  The  transition  tempera¬ 
ture  determined  in  the  present  study  at  1:1  stoichiometry  is  feBT/ui.j  =  1.89  where  V2.1 
is  the  nearest  neighbor  pair  interaction  energy.  Note  that  the  temperature  is,  hereafter, 
normalized  by  the  nearest  neighbor  pair  interaction  energy. 

The  broken  line  in  the  phase  diagram  is  the  Spinodal  ordering  (SP)  temperature.  Math¬ 
ematically,  the  SP  temperature  is  defined  as  the  temperature  at  which  the  second  order 
derivative  of  the  free  energy  matrix  with  respect  to  the  conelation  functions  vanishes  [14]. 
Since  the  second  order  derivative  of  the  bee  energy  provides  a  measure  of  the  stability  of  a 
system,  the  SP  temperature  can  be  regarded  as  a  stability  locus.  It  should  be  noted  that 
unlike  the  case  of  spinodal  decomposition  in  which  concentration  fluctuations  lerul  to  the 
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Figure  1:  Disorder-Llo  phase  diagram  in  the  vicinity  of  1;1  stoichiometry.  The  broken  line 
indicates  the  (100)  Spinodal  ordering  locus.  The  temperature  axis  is  normalized  by  the 
nearest  neighbor  pair  interaction  energy  uj,!-  The  arrow  indicates  the  range  of  the  cyclic 
variation  of  the  temperature. 

decomposition  reaction,  SP  is  driven  by  the  fluctuations  of  order  parameters.  Below  the 
SP  temperature,  ordering  fluctuations  trigger  the  transition  which  is  a  barrierless  phase 
transition,  whereas  the  Nucleation-Growth  (NG)  mechanism  is  expected  above  the  SP  tem¬ 
perature.  The  SP  temperature  determined  in  the  present  calculation  at  1:1  stoichiometry 
is  1.63. 

Although,  as  was  described  above,  the  number  of  the  independent  variables  needed  to 
describe  the  LIq  ordered  phase  within  the  tetrahedron  approximation  is  eight,  only  five  of 
them  are  independent  for  a  fixed  composition  at  1:1  stoichiometry  due  to  the  symmetry. 
These  are  the  point  correlation  (f  (=-{f),  the  pair  correlations  fj" 
triangle  correlation  and  the  tetrahedron  correlation  ,where  a  and  p 

denote  sublattices.  Among  these,  (f  (=-^f )  describes  the  long  range  order  which  is  related 
to  C%,  the  concentration  of  up  spins  (or  A  atoms)  on  the  a-sublattice,  by  CJ  =  |(1  —  (f), 
whereas  the  rest  of  the  variables  are  short  range  order  parameters.  Shown  in  Fig.  2  (11] 
are  the  free  energy  contour  lines  at  1:1  stoichiometry  in  temperature-^"  space.  This  is 
obtained  by  minimizing  the  free  energy  functional  for  a  fixed  value  of  with  respect  to 
the  remaining  variables  at  each  temperature.  Hence,  this  is  regarded  as  a  constrained 
phase  equilibrium.  The  vanishing  of  the  long  range  order  parameter  (("=0)  indicates  the 
disordered  phase  while  a  finite  value  corresponds  to  an  ordered  state.  One  can  confirm  that 
the  free  energy  of  the  disordered  phase  and  ordered  phase  becomes  equivalent  at  around 
1.89,  which  indicates  the  order-disorder  transition.  Also  an  inflection  point  of  the  free 
energy  curve  vanishes  at  around  1.63,  which  indicates  the  SP  temperature. 
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Figure  2:  Free  energy  contour  at  1:1  stoichiometric  composition.  The  vertical  axis  is  the 
temperature  and  the  horizontal  axis  is  . 

Path  Probability  Method 

Most  of  the  existing  kinetic  theories  describe  processes  starting  with  the  state  variable 
and  their  time  derivatives.  On  the  contrary,  the  variational  parameters  appearing  in  the 
PPM  are  path  variables  which  describe  transitions  among  state  variables.  The  main  feature 
of  the  PPM  may  be  well  grasped  by  comparing  with  the  CVM  as  follows. 


In  the  CVM,  the  central  quantity  is  the  free  energy  functional  which  is  described  in 
terms  of  a  set  of  correlation  functions  or  cluster  probabilities.  An  equilibrium  state  is 
defined  as  a  minimum  of  the  free  energy  functional  with  respect  to  the  correlation  functions. 
The  counterpart  of  the  grand  potential  of  the  CVM  is  the  Path  Probability  Function, 
P(t-,  t  +  At)  (hereafter  PPF),  which  is  an  explicit  function  of  time.  Likewise,  corresponding 
to  the  cluster  probabilities  are  the  path  variables  by  which  the  PPF  is  maximized  to  yield 
the  most  probable  path  of  time  evolution  of  a  given  system.  The  PPF  P  is  written  as  the 
product  of  the  following  three  terms. 

Pi  =  (tf (I  -  »>  ,  (1) 
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where  N  is  the  total  number  of  lattice  points,  6  is  the  spin  flip  probability  per  unit  time, 
Xij,  Yijj:i  and  Wijti^„ncp  are  the  path  variables  for  the  flipping  from  one  spin  configuration 
to  another  designated  by  subscript  (up  spin  or  down  spin)  before  and  after  the  comma  sign, 
on  a  point,  pair  and  tetrahedron  cluster,  respectively,  AE  is  the  change  of  the  internal 
energy  before  and  after  a  flipping  event.  The  first  term  Pi  describes  a  statistical  average 
of  non-correlated  spin  flip  events  over  the  entire  lattice,  and  the  second  term  is  the 
conventional  thermal  activation  factor.  Hence,  the  product  of  Pi  and  Pj  corresponds  to 
the  Boltzmann  factor  in  the  firee  energy  and  specifies  the  probability  that  one  of  the  paths 
specified  by  a  set  of  cluster  probabilities  occurs.  The  third  term  P3  characterizes  the  PPM. 
One  may  see  the  similarity  with  the  configurational  entropy  term  of  the  CVM,  which  gives 
the  multiplicity,  i.e.,  the  number  of  equivalent  states.  In  a  similar  sense,  P3  can  be  viewed 
as  the  number  of  equivalent  paths,  i.e.,  the  degrees  of  freedom  of  the  microscopic  evolution 
from  one  state  to  another. 

Then,  by  maximizing  the  PPF,  P,  with  respect  to  the  path  variables  for  each  time  step 
At,  an  optimized  set  of  the  path  variables  is  obtained.  Since  a  set  of  path  variables  relates 
cluster  probabilities  at  time  t  and  t  +  At,  the  repetition  of  this  procedure  yields  the  time 
evolution  of  the  cluster  probabilities  for  a  specified  set  of  initial  cluster  probabilities. 


III.  Results  and  Discussions 
Kinetics  of  ordering  transition 

As  is  demonstrated  in  the  previous  section,  two  types  of  ordering  transitions,  NG 
and  SP,  are  predicted  by  the  stability  analysis.  However,  conventional  stability  analyses 
including  the  one  described  above  are  based  on  the  ]>erturbation  analysis.  It  is,  therefore, 
anticipated  that  the  time  evolution  of  a  system  from  a  state  that  is  far  from  equilibrium 
is  not  properly  analyzed.  An  ordering  process  is  the  subject  of  kinetics.  In  order  to  reveal 
the  distinction  between  the  two  ordering  processes  from  the  kinetic  point  of  view,  the 
PPM  is  employed  to  study  the  time  evolution  behavior  of  the  system  at  isothermal  aging 
temperatures  1.70  and  1.60,  which  are  above  and  below  the  SP  temperature,  respectively. 
In  each  case,  the  system  is  initially  maintained  at  temperature  2.5  which  is  in  the  disordered 
state. 

Shown  in  Fig.  3a  [10,11]  are  the  time  evolution  of  C%  and  Cf  which  serve  as  long  range 
order  parameters  and  the  free  energy  of  the  system  during  the  isothermal  aging  process 
at  temperature  1.7.  Note  that  the  time  axis  throughout  this  study  is  normalized  by  the 
spin  flip  probability  0  and  is  in  a  logarithmic  scale.  In  order  to  trigger  the  transition, 
the  fluctuation  of  the  long  range  order  parameters  is  imposed  at  temperature  2.5,  which 
is  indicated  by  the  initial  separation  of  and  C^.  One  can  see  that  the  fluctuation  is 
amplified  and  and  Cf  eventually  reach  steady  state  values  which  are  confirmed  to  be 
the  equilibrium  ones  for  the  Llo  ordered  phase  at  temperature  1.7  independently  calculated 
by  the  CVM.  However,  for  the  small  fluctuation  shown  in  Fig.  3b  (10,11),  the  imposed 
fluctuation  fades  away  and  eventually  the  system  returns  to  the  disordered  state.  These 
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Figure  3:  Time  evolution  of  CJ,  Cf  and  free  energy  at  isothermal  aging  temperatures  1.70 
(Figs.  3a  and  3b)  and  1.60  (Fig.  3c).  The  horizontal  axis  is  the  logarithmic  time  axis 
normalized  by  spin  flip  probability  6. 
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Figure  4:  Time  evolution  of  pair  correlations  tetrahedron  correlation 

at  isothermal  aging  temperatures  1.70  (Fig.  4a)  and  1.60  (Fig.  4b). 

two  results  clearly  indicate  that  there  exists  a  critical  amount  of  fluctuation  necessary  to 
drive  the  transition,  which  is  indicative  of  the  NG  ordering. 

At  temperature  1.60,  below  the  SP  temperature,  a  small  amount  of  fluctuation  is  am¬ 
plified  to  yield  the  Llo  ordered  phase,  as  is  shown  in  Fig.  3c  [10,11].  It  was  confirmed  that 
even  an  infinitesimally  small  fluctuation  could  be  amplified  although  the  time  required  to 
complete  the  transition  was  prolonged.  Such  a  barrierless  transition  is  indicative  of  the  SP 
reaction.  It  should  be  noted  that  in  all  cases,  the  free  energy  decreases  monotonically. 

An  advantageoiu  feature  of  the  PPM  is  the  fact  that  the  PPM  provides  the  time 
evolution  of  the  short  range  order  parameters,  which  facilitates  detailed  analysis  of  the 
transition  behavior.  The  time  evolution  of  two  types  of  correlation  functions,  and 
and  the  tetrahedron  correlation,  are  calculated  for  both  temperatures  and 

are  plotted  in  Fig.  4a  and  4b  (10,11).  In  both  cases,  the  relaxations  of  these  correlation 
functions  precede  the  relaxation  of  long  range  order  parameter  (Figs.  3a,  b  and  c),  which  is 
commonly  observed  in  experimental  situations.  However  the  noticeable  difference  between 
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Figure  5:  Time  evolution  of  tetrahedron  correlation  function  under  thermal  cycling 
between  7’n,a»=l-85  and  7’n,i,=1.20  for  t<j=100  and  0=0.001.  The  broken  and  solid  vertical 
lines  indicate  the  times  at  which  temperatures  and  are  attained,  respectively. 

NG  and  SP  is  observed  in  the  behavior  of  the  two  types  of  pair  correlations.  The  two 
pair  correlation  functions  start  to  deviate  at  an  earlier  time  for  the  NG,  an  indication  of 
the  decoupling  of  the  original  lattice  into  two  sublattices.  Whereas  for  the  SP,  the  single¬ 
lattice  state  is  relatively  long  lived.  The  analysis  of  the  kinetic  path  in  the  thermodynamic 
configuration  space  is  expected  to  provide  more  detailed  information.  This  is  under  way. 


Dynamical  stability  under  thermal  cycling 

As  was  mentioned  in  the  introduction,  steady  state  behavior  under  cyclic  variation  of 
temperature  is  another  important  subject  in  the  discussion  of  the  phase  stability  of  an  or¬ 
dered  compound.  In  the  present  study,  the  PPM  is  employed  to  analyze  the  time  evolution 
and  steady  state  behavior  of  the  short  range  order  and  long  range  order  parameters  under 
a  cyclic  variation  of  the  temperature  between  ^d  T,ai.=1.20  (see  Fig.  1).  In 

order  to  characterize  the  external  cooling  (and  heating)  rate,  the  cooling  (and  heating) 
time,  tq,  is  defined  as  the  time  required  to  travel  from  T^u  (T-;.l  to  T-i.  (Tb,u).  Hence, 
a  quick  (slow)  temperature  variation  is  implied  by  a  small  (large)  tq. 

The  time  evolution  of  the  tetrahedron  correlation  function,  for  tg=100  and 

0=0.001  is  shown  in  Fig.  5.  The  broken  and  solid  vertical  lines  indicate  the  times  at 
which  T-i.  and  are  attained,  respectively.  One  can  see  that  the  extremum  values  of 
the  tetrahedron  correlation  function  are  not  necessarily  reached  at  Tbu  or  but  some 
time  lag  is  observed.  One  can  also  confirm  that  the  steady  state,  which  is  characterized 
by  the  constant  amplitude  oscillation,  is  attained  after  around  1=3000.  It  should  be  noted 
that  the  maximum  and  minimum  values  of  in  the  steady  state  ue  different  from  the 
equilibrium  values  for  T-..  and  T-i..  respectively. 

In  order  to  examine  the  steady  state  behavior,  the  kinetic  path  is  traced  in  the  free 
energy  contour  spanned  by  the  temperature  and  for  a  given  tq  and  0.  The  dependence 
cm  0  is  demonstrated  in  Figs.  6a  (0=0.03)  (12]  and  6b  (0=0.003)  [12]  for  a  fixed  value  of 
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Figure  6;  Steady  state  kinetic  path  (thin  loop)  during  cyclic  temperature  variation  between 
7’in»*=l-85  and  Tn,i,=1.20  for  tf=0.03  (Fig.  6a)  and  0=0.003  (Fig.  6b)  at  a  fixed  vcdue  of 
tQ=1000  plotted  with  the  free  energy  contour  lines.  The  vertical  axis  is  the  temperature 
and  the  horisontal  axis  is  the  point  correlation  function,  If,  which  is  the  long  range  order 
parameter.  The  thick  line  is  the  locus  of  the  equilibrium  (f  as  a  function  of  temperature. 


Figure  7;  Steady  state  kinetic  path  (thin  loop)  under  cyclic  temperature  variation  for 
tq=100  (Fig.  7a)  and  tQ=1000  (Fig.  7b)  at  a  fixed  0=0.01.  The  thick  line  is  the  equilibrium 
locus. 

<q=1000,  while  shown  in  Figs.  7a(fg=100)  [12]  and  7b  (tQ= 1000)  [12]  are  the  dependence 
on  tq  for  a  fixed  value  of  0=0.01.  The  thick  line  in  each  figure  represents  the  locus  of  the 
equilibrium  as  a  function  of  temperature.  It  is  clearly  seen  that  a  loop  b  formed  in 
the  steady  state  and  the  loop  deviates  significantly  from  the  equilibrium  locus  for  smaller 
values  of  0  and  tq.  These  results  suggest  that  the  steady  state  kinetics  is  controlled  by  the 
balance  between  the  spin  flip  probability  0  and  the  cooling  (heating)  rate  tq.  When  the 
spin  flip  rate  is  insufficient  to  adapt  to  the  external  temperature  change,  deviation  from 
the  equilibrium  path  is  pronounced. 

Interestingly,  one  observes  that  the  deviation  of  the  loop  from  the  equilibrium  path  is 
pronounced  not  in  the  low  temperature  but  in  the  high  temperature  region.  This  intriguing 
behavior  is  understood  based  on  the  topological  feature  of  the  free  energy  contour  lines. 
The  gradient  of  the  free  energy  contour  is  steeper  in  the  horisontal  direction  (along  (f 
axis)  for  the  lowtemperature  region  and  in  the  vertical  direction  (along  temperature)  for 
the  high  temperature  re^on.  Hence,  the  deviation  from  the  equiUbrium  (j  is  Umited  by 
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Figure  8:  Steady  state  kinetic  path  during  cyclic  temperature  variation  between  Ta,a*=l-85 
and  TTOin=l-20  for  t<j=1000.  Thermal  activation  process  of  the  spin  flip  event  is  explicitly 
considered  through  Eq.  (4). 

the  bigger  free  energy  change  in  the  low  temperature  region,  which  keeps  the  path  close  to 
the  equilibrium  locus.  While  in  the  high  temperature  region,  a  horizontal  shift  of  the  path 
is  attained  without  requiring  a  large  increase  in  the  free  energy.  Consequently,  the  path  is 
trapped  close  to  the  equilibrium  locus  in  the  low  temperature  region  and  the  entire  shape 
is  adjusted  by  shifting  in  the  high  temperature  region. 

The  spin  flip  probability  0  corresponds  to  an  atomic  mobility  of  an  alloy  system,  which 
is  discussed  in  the  following  section.  In  analogy  with  the  alloy  system,  temperature  depen¬ 
dence  is  introduced  in  the  spin  flip  probability  through 

where  U  is  the  saddle  point  energy  and  u  is  the  frequency  factor.  An  example  of  the 
calculated  result  for  t(}=1000  is  demonstrated  in  Fig.  8  [12].  In  this  calculation,  0.645 
wd  5.0  are  assigned  to  i/  and  U,  rwpectively,  which  yields  fl=0.01  at  Tmt*  and  fl=0.043  at 
Tmax-  By  comparing  with  Fig.  7b,  for  which  temperature  independent  fl=0.01  is  assumed, 
one  may  observe  that  the  steady  state  loop  more  closely  approaches  the  equilibrium  locus. 
This  is  understood  as  the  thermally  activated  enhancement  of  the  spin  flipping  event  in 
the  high  temperature  region. 

IV.  Kinetics  of  an  alloy  system 

The  present  study  is  devoted  to  an  fee  spin  system.  In  this  final  section,  we  briefly 
discuss  the  extension  to  an  alley  system  {7,8|.  As  was  discussed  in  the  previoiu  section, 
the  PPF  is  made  of  three  factors.  The  product  of  the  first  two  factors  corresponds  to  the 
Boltzmann  factor  of  free  energy  in  equilibrium  thermodynamics,  while  the  third  term  is  the 
counterpart  of  the  entropy  term.  The  introduction  of  the  vacancy  mechanism  introduces 
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a  great  variety  of  microscopic  paths  of  atomic  jump  processes,  which  complicates  the 
computational  procedure.  However,  the  extension  of  the  P3  term  to  an  alloy  system  is 
quite  straightforward  once  the  path  variables  are  properly  defined.  The  essential  difference 
introduced  by  the  vacancy  mechanism  may  be  well  understood  through  the  formulation  of 
the  Pi  and  Pj  terms,  which  are  described  below. 

The  central  quantities  in  the  pair  interaction  model  are  the  pair  path  variables.  In 
contrast  to  the  spin  system  for  which  single  type  of  pair  path  vauiable  is  defined,  two 
types  of  pair  path  variables  can  be  distinguished  for  the  alloy  system.  One  is  yo(mO;  Om) 
(yo{0m;m0))  and  the  other  is  y’(mj  :  Oj),  where  m  and  j  denote  either  am  A  or  a  B  atom 
while  0  represents  a  vacancy.  The  former  describes  the  direct  exchange  between  am  atom 
amd  am  adjacent  vacancy,  while  the  latter  indicates  the  jumping  of  the  species  m  into  am 
adjacent  vacamt  site  by  breaddng  the  chemicad  bond  with  species  j. 

With  these  pair  path  variables,  the  Pi  and  P2  terms  aire  given  as 
Pi  =  (eeXp(-fiU)Atf'  2„^,{n(m0;0m)+n(0m;m0)} 

amd 


P2  =exp 


f  (  * 

£  e(m,j)yfc(mj;Oj)y 

[_  A=l  ttirectum  JJ 

(6) 


where  Ci  and  C2  au:e  constamt  terms  uniquely  related  to  the  coordination  number,  6  is 
the  attempt  frequency,  /?  is  defined  as  l/fcflT,  U  is  the  saddle  point  energy  amd 
is  the  pair  interaction  energy  between  species  m  amd  j.  Hence,  the  Pi  term  describes 
the  probability  of  jump  events  occuring  over  the  entire  system.  From  the  symmetry,  the 
jumping-in  sites  of  an  atom  after  breadung  the  chemicad  bond  ave  classified  into  four  groups 
which  are  specified  by  h  and  the  number  of  equivalent  sites  for  each  group  is  denoted  by  gi, 
in  Eq.  (6).  Then,  the  exponent  in  Eq.  (6)  is  the  activation  energy  to  break  the  chemical 
bond  and,  therefore,  the  P2  term  describes  the  probability  of  breaking  the  chemical  bonds 
in  the  system. 

The  incorporation  of  the  realistic  energy  terms  1/  and  e{mj  :  Oj)  is  the  key  to  simulating 
an  adlqy  system.  A  pauticulatf  difficulty  which  is  anticipated  is  the  evaluation  of  the  saddle 
point  energy,  U,  which  is  sensitively  dependent  on  the  locad  atomic  configuration.  We 
believe  that  an  accurate  estimation  oiU  vs  key  to  the  success  of  alloy  kinetics  by  the  PPM. 
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Abstract 

We  show  how  Monte  Carlo  methods  can  Ije  used  to  study  the  thermodynamics  or  kinetics  of 
ordering  in  metallic  alloys.  Algorithms  for  Monte  Carlo  simulations  arc  described,  and  we 
review  some  results  firom  studies  of  ordering  with  the  vacancy  mechanism.  We  describe  an 
extension  of  the  Monte  Carlo  method  that  introduces  the  concept  of  a  fence,  and  we  use  the 
method  to  study  ordering  in  alloys  with  vacancy-solute  interactions.  We  show  examples  of  how 
the  kinetic  paths  for  ordering  are  modified  by  vacancy-solute  interactions. 


OUfuiion  in  Ontorad  Alloyi 
Edkcd  bx  a.  Fukz,  R.W.  Cihn,  md  O.  CupU 
The  Micwnl^  M(t*h  a  MaMialt  Sod«ty,  199] 
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L  Introduction 

The  kinetics  of  ordering  is  tiff  more  complicated  than  the  thermodynamics  of  ordering.  A 
Hrst  principles  approach  to  mdering  kinetics  requires  a  detailed  treatment  of  both  interatomic 
interactions  and  atom  movements.  A  full  treatment  would  provide  both  the  vibrational 
displacements  and  atom-vacancy  exchanges.  Today's  compuers  ate  fast  enough  to  perform  a 
dynamical  simulation  for  a  small  number  of  vacancy  jumps.  However,  since  ordering 
transformations  involve  a  laige  number  of  vacancy-atmn  exchanges,  a  first-principles  approach 
to  ordering  Idnedcs  in  a  metallic  alloy  at  low  ten(q)eratutes  is  out-of-reach  today,  and  will  remain 
so  for  decades.  We  expect  that  computer  speed  must  improve  by  a  factor  of  a  trillion  before  it  is 
feasible  to  attenqrt  first-principles  calculations  of  ordering  kinetics.  Even  then  there  will  remain 
the  problem  of  interpreting  the  results  in  terms  of  their  underlying  physical  phenomena. 

While  a  dynamical  simulation  of  ordering  is  not  yet  feasible,  ordering  kinetics  can  be  studied 
by  activated  state  rate  theory.  In  this  approach,  the  rate  for  vacancy-atom  exchange  is  a  function 
of  the  local  environment  surrounding  the  vacancy-atom  pairs.  The  complexity  of  the  atomic 
vibrational  motion  is  replaced  by  configuration-dependent  rate  equations.  Activated  state  rate 
theory  can  be  implemented  with  two  dificrent  approaches:  analytical  theories  or  Monte  Carlo 
simulations.  Analytical  theories  predict  the  time  evolution  of  a  set  of  state  variables;  the  rates  of 
change  of  different  local  atomic  environments  are  calculated  as  functions  of  time.  A  useful  aspect 
of  this  approach  is  that  the  state  variables  of  the  kinetic  theory  can  also  be  used  to  calculate  the 
free  energy  of  the  alloy.  The  rate  equations  also  provide  direct  insights  into  how  ordering  is 
affected  by  changes  in  chemical  bond  strengths  or  activation  barrier  heights.  Analytical  theories 
such  as  Path  Probability  Method  (PPM)  [1-4]  and  Master  Equation  Method  (MEM)  [5-8]  are 
approximate  methods,  however.  Analytical  theories  do  not  provide  a  good  treatment  of  larger 
heterogeneities  such  as  antiphase  domain  boundaries,  or  local  variations  in  short-range  order.  In 
principle,  a  better  treatment  of  heterogeneities  is  achieved  as  larger  clusters  are  used  for  the  state 
variables,  but  a  convergence  of  die  kinetic  behavior  with  larger  cluster  size  has  yet  to  be 
demonstrated. 

A  Monte  Carlo  simulation  is  not  a  theoretical  calculation  based  on  mathematical  equations, 
but  is  a  machine  experiment  The  term  “Monte  Carlo”  refers  to  a  class  of  computer  algoridims 
that  are  based  on  random  sampling.  There  is  no  one  Monte  Carlo  method;  Monte  Carlo  methods 
are  applicable  to  a  wide  range  of  problems.  They  have  been  used,  for  example,  by 
mathematicians  to  solve  definite  integrals  and  by  materials  scientists  to  calculate  electron 
transmission  through  solids.  Likewise,  Monte  Carlo  methods  can  be  used  for  a  variety  of 
different  topics  relating  to  diffusion  and  ordering.  Unlike  analytical  theories  that  predict  average 
values  of  the  state  variables,  a  Monte  Carlo  simulation  of  ordering  provides  an  exact 
implementation  of  activated  state  rate  theory  for  a  crystal  of  finite  size.  Monte  Carlo  simulations 
include,  for  example,  the  random  fluctuations  and  heterogeneities  that  are  present  in  alloys. 
FurthernKHe,  as  described  recendy  [9,10]  cluster  statistics  obtained  from  a  Monte  Carlo 
simulation  together  with  the  cluster  variation  method  can  be  used  to  obtain  a  free  energy  of  an 
alloy. 
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The  organization  of  this  chapter  is  a  follows.  Previous  work  is  reviewed  in  section  II.  In 
section  III  we  describe  activated  state  rate  theory.  It  provides  the  foundation  for  the  analytic 
methods  such  as  the  PPM  and  MEM,  and  our  Monte  Carlo  simulations  of  kinetics.  Section  IV  is 
a  discussion  of  Monte  Carlo  algmithms.  The  Metropolis  algorithm  (which  is  applicable  for 
equilibrium  but  not  kinetic  simulations)  is  presented  first,  followed  by  an  exposition  of  the 
kinetic  algorithm  which  is  based  on  activated  state  rate  theory  using  a  vacancy-atom  exchange 
mechanism.  In  section  V  we  describe  our  current  effort  to  build  up  a  software  environment  for 
simulations  of  material  properties  A  new  result  which  we  have  obtained  recently  is  the  inclusion 
of  vacancy-solute  interactions,  and  this  method  is  described  in  section  VI.  The  results  of  the 
modified  Monte  Carlo  simulations  for  a  ternary  alloy  are  discussed  in  section  Vn. 

II.  Review  of  Previous  Work 

Many  Monte  Carlo  simulations  of  phase  transformations  have  been  performed  (e.g.,  [11- 
13]),  but  most  of  these  simulations  used  a  direct  interchange  of  the  constituent  atoms  [13]. 
Diffusion  of  a  lattice  gas  has  also  been  studied  [14,1S].  Relatively  few  simulations  have  used  a 
vacancy  mechanism,  although  it  was  used  in  studies  of  steady-state  diffusion  kinetics  in  ordered 
alloys  [16-19].  Fliim  and  McManus  [20]  performed  the  first  computer  simulations  of  the  kinetics 
of  an  ordering  transformation  with  a  vacancy  mechanism.  However,  their  method  was 
physically  unrealistic  since  it  assumed  themHxlynamic  equilibrium  for  each  exchange  pair.  This 
approach  ensured  an  equilibrium  detailed  balance  between  forward  and  reverse  jumps,  but 
neglected  the  role  of  the  vacancy-atom  exchange  activation  barrier. 

The  Flinn-MacManus  algorithm  was  used  by  Beeler  and  Delaney  [21,22]  in  computer 
simulations  of  ordering  transformations  in  binary  bcc  and  fee  alloys.  In  simulations  of  ordering 
with  a  vacancy  mechanism,  Beeler  found  a  “contraction”  of  the  range  of  the  vacancy  random 
walk.  More  recent  studies  [23-27]  showed  that  during  ordering  the  vacancy  occasionally 
becomes  “trapped”  in  a  local  region  of  the  crystal.  As  the  vacancy  moves,  it  encounters  different 
local  environments.  Some  of  these  local  environments  will  cause  the  vacancy  to  go  back  and 
forth  between  two  sites.  This  pair  trapping  may  continue  for  many  vacancy  jumps,  thus 
restricting  the  range  of  vacancy  travel.  After  the  eariy  stages  of  short  range  ordering  are  complete 
and  ordered  domains  are  present,  antiphase  domain  boundaries  (APDB's)  may  serve  as  potent 
tnqts  for  vacancies.  Vacancies  spend  a  disproportionate  amount  of  time  traveling  along  antiphase 
domain  boundaries,  and  spend  much  less  time  inside  the  ordered  domains.  This  vacancy 
trapping  behavior  scales  with  the  chemical  strength,  Vaa  ~  VaB  or  Vbb  -  Vab  .  whichever  is 
largest.  (See  section  VI  for  the  definitions  of  Vaa  and  Vab  )  The  atomic  diffusion  coefficients 
are  suppressed  strongly  by  this  correlated  motion  of  the  vacancy,  and  unlike  analytical 
calculations  in  the  pair  approximation  [28],  the  vacancy  correlation  becomes  even  stronger  at 
lower  ten^reratures  [23]. 

The  probabilities  and  strengtiis  of  trqrs  depend  on  the  lattice  coordination  number,  z,  and 
connectivity  of  die  lattice.  For  a  given  set  of  chemical  interaction  strengtiis,  the  traps  increase  in 
strength  linearly  with  lattice  coordination  number,  z,  but  decrease  in  density  with  z.  Because  the 
critical  temperature  for  catiering  corresponds  to  larger  chemical  interaction  strengths  for  lattices 
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with  smaller  z,  witfi  respect  to  the  critical  temperature  vacancy  trapping  is  most  significant  on  a 
lattice  widi  small  z  [26].  Vacancy  tiqtping  at  AFDB’s  was  shown  to  affect  the  quality  of  order 
within  a  tfaxnain.  When  oidered  tnicrostiuctures  famed  whh  the  atom  interchange  mechanism 
were  compared  to  miciostnictures  formed  with  die  vacancy  many  more  antisite 

defects  were  found  in  the  nuarostnicture  formed  with  the  vacancy  nn^hanigm  [24].  This  is  a 
consequence  rtf  the  vacancy  becoming  trapped  at  AFDB's,  and  being  unable  to  qiend  enough 
time  inside  the  domams  to  elifflinate  anti^  defects. 

The  microstructure  of  an  alloy  undergoing  short-range  ordering  has  been  studied 
microscr^ically  and  macrosccqrically  by  Mmte  Carlo  simulations  [29-31J.  When  several  order 
parameters  are  available  to  characterize  the  state  of  the  alloy  (such  as  Wanen-Gowlcy  short-range 
Oder  parameters  fa  different  nearest-neighba  shells),  it  is  possible  to  ask  if  the  alloy  follows 
different  trajectories  through  the  state-space  spanned  by  these  different  oder  parameters.  We 
term  these  trajectories  through  state-space  as  “kinetic  paths".  Monte  Carlo  simulations  by  Gahn 
and  Pitsch  [29  JO]  showed  diat  an  alloy  takes  ddferent  kinetic  paths  when  different  mechanisms 
of  atom  movements  are  used.  The  observed  differences  in  kinetic  paths  were  na  large, 
however,  because  their  short-range  Older  parameters  were  na  fully  indqiendent  variables.  Gahn 
and  Ktsdi  also  studied  die  heterogeneity  of  vacancy  motion  in  an  allr^  [31]. 

Monte  Carlo  simulations  were  also  used  to  study  vacancy  penxdation  in  an  alloy  when  there 
were  no  chemical  interactions  between  atoms,  but  when  the  two  species  of  atoms  had  different 
activation  barrier  enagies  for  interchange  with  an  adjacent  vacancy  [27].  When  one  of  the 
species  is  given  a  very  large  activation  barrier,  it  is  immobilized,  and  the  usual  concentration 
threshold  for  percolation  in  a  bcc  lattice  (24.3%)  was  fomd  fa  the  mobile  qiecies.  When  die 
less  mobile  qiecies  has  a  finite  activation  bairia,  however,  there  remains  a  distinct  change  in 
vacancy  diffusioa  near  the  percolation  threshold.  The  change  reflects  the  strong  difference 
between  the  activation  barrier  energies  of  the  two  atomic  species.  It  seems  that  a  good  way  to 
identify  a  percolation  threshold  in  a  diffusion  expoiment  is  to  measure  the  temperature 
dqiendence  of  the  diffusion  coefficients  above  and  below  the  percolation  thresholds.  The 
activation  energy  below  die  percolation  threshrdd  should  be  dominated  by  the  activation  energy 
of  die  less  mobile  species,  but  above  the  percolation  tbreslKdd  this  will  change  abruptly  to  the 
activation  energy  of  die  mobile  species. 


m.  Activated  State  Rate  Theory 

There  are  many  physical  phenomoia  involved  in  die  kinetics  of  ordering,  and  to  date  only 
some  of  them  have  been  included  in  analytical  dieories  such  as  the  padi  probability  mediod  [1-4], 
a  master  equation  method  [5-8].  A  full  treatment  (tf  ordering  kinetics  would  fidlow  the  details 
of  atom  movements  during  diffusion.  This  includes  the  vibrational  dynamic  movements  rtf  the 
moving  atom  and  its  neighbors,  and  how  the  movements  of  these  atoms  are  influenced  by  the 
interatooiic  potentials  and  the  elastic  tfistartkns.  Fw  an  approach  more  akin  to  thetmodynuuics, 
however,  we  average  ova  many  such  details.  We  seek  die  pR^biUty  of  occurrence  of  a 
fluctuation  in  the  alloy  diat  permits  an  atom  movement  There  is  a  ftee  energy  cost  fa  such  a 


fluctuation.  It  we  examine  only  those  fluctuations  that  are  attentats  at  an  atom  movement,  it  is 
leastmable  to  sqMrate  the  total  free  energy  of  the  alloy  into  a  local  contribution  from  the  n^on 
around  the  candidate  moving  atom,  and  an  uninteresting  contribution  from  die  rest  of  the  alloy. 
For  the  region  including  the  moving  atom,  the  diffetence  between  the  free  energy  of  the 
fluctuation  (siqierscript  *)  and  die  free  eaeisf  of  the  initial  state  (subscript  0>  dF,  is: 

AF=  (E*-£d-TXS*Sd  (I) 

The  probaldlity  of  success  for  an  attempt  at  an  atom  movement,  F,  win  be: 

The  entropy  factor,  which  originates  from  changes  in  vibratirnial  modes  during  atom  movement, 
is  typically  ignored  or  absorbed  into  the  attempt  frequency  for  an  atom  movement.  The 
movement  occurs  with  frequency  T: 

Equation  3  is  used  by  analytical  theories  of  ordering  such  as  the  PPM  and  MEM,  and  is  also 
used  as  the  basis  for  the  Monte  Carlo  simulatkMis  described  here.  TheinqilementationofEqn.  3 
requires  a  model  for  how  the  chemical  environment  around  an  atom  sets  £j.  Different  models  for 
atom  movements  have  been  attempted.  While  it  is  often  true  that  diese  different  implementations 
of  activated  state  rate  theory  may  lead  to  the  same  state  of  thermodynamic  equilibrium,  these 
diffnent  mechanisms  do  not  predict  the  same  kinetics. 


rV.  Monte  Carlo  Algorithms 

A  Monte  Carlo  algorithm  requires  a  method  for  calculating  the  probabilities  of  candidate 
transitions,  and  a  procedure  fm  selecting  one  of  them.  We  first  review  the  popular  “Metropolis 
algorithm”,  which  provides  the  thermodynamic  state  (ff  an  alloy.  A  different  approach  is 
required  for  following  the  kinetics  of  a  phase  transframation.  An  inqxntance  difference  between 
thermodynamic  and  kinetic  simulations  is  that  a  thermodynamic  calculation  yields  only  the 
equilibrium  state  whoeas  a  kinetic  simulation  produces  the  path  leading  to  equilibrium.  This 
path  is  defined  by  the  time  evolution  of  tire  set  of  LRO  and  SRO  parameters.  Since  these 
variables  may  assume  different  combinations  of  values,  many  diffstent  kinetic  paths  are  possible. 
A  thermodynamic  calculation  is  not  intended  for  predicting  the  kinetic  path,  but  only  the  end  state 
of  the  path.  After  discussing  the  vacancy  algorithm  in  tiiis  section,  in  sections  VI  and  Vn  we 
show  how  vacuicy-solute  interactions  can  modify  tire  kinetic  paths  of  ordering  in  ternary  aUoys. 

A.MetiopoliaAlaoriihm 

The  venerable  MempoUtalgoritiim  works  as  frdktws  [32).  For  each  candidMekinetk;  event, 
tiiete  it  an  energy  difference,  between  the  final  state  and  the  initial  stam  of  an  alloy: 
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d£  =  E/-Ei  (4) 

In  die  Kfetroixdis  algoritiim,  a  oansition  fiotn  the  initial  to  the  final  state  occurs  widi  one  of  die 
twoprobabiUiies: 

i.)  1  ifilE<0  fi.e..  if  die  tiansidon  is  energetically  downhill) 

ii)  eiqK-dE/i^T)  if/lE>0  Ci.e.,  iftheoanadoo  is  energetically  uidull) 

These  two  transitiOD  probabilities,  while  asymmetric,  ate  a  good  chi^  because  diey  always 
lead  to  thetmodynamic  equilitnium.  Suppose,  for  example,  that  the  final  state  is  of  lower  eneigy 
than  die  initial  state.  The  transition  rate  fiom  the  initial  to  the  final  state, will  be; 


fi-^“  1 


(5) 


On  the  odier  hand,  the  reverse  transition  from  the  final  state  to  the  initial  state,  will  be; 


^-w) 


(6) 


To  relate  these  transitiMi  probabilities  to  the  state  of  dMrmodynamic  equilibrinm,  we  need 
two  fiicts  about  Markovian  processes  [33].  Hrst,  it  can  be  proved  that  the  system  will  eventual¬ 
ly  reach  a  steady-state  when  the  probability  distribution  of  die  states  is  static.  It  can  also  be 
proved  that  after  sufficient  time,  the  probability,  p,  oi  finding  a  system  in  a  particular  state  is 
propartknal  to  the  lifetime  of  the  state  (i.e.,  it  is  more  likely  to  find  die  system  in  long-lived 
states).  For  our  two  states,  i  and/,  their  relative  lifetimes  will  be  related  inversely  to  the 
transition  rates; 


Pi 

Pf 


1 


(7) 

(8) 


In  steady  state  we  dierrfoie  expea  die  probabiUties  of  our  initial  and  final  states  to  be  in  the 


(9) 


The  Metroptdis  algorithm  leads  to  probabilities  of  microstates  that  are  in  the  ratios  of  the 
Boltzmann  fiMois  of  the  states.  This  ia  just  what  we  eiqiea  for  thermodynamic  equilibrium  of  a 
microcanoiiical  ensendile.  The  transition  ]Bobabilities  of  die  Metropt^  algorithm  arena  die 
oidy  ones  Cor  which  the  thermodynamic  state  is  recovered,  however. 
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To  calculate  dwnDO^naiiiic  avenges  micTocanonical  ensembles,  we  need  to  know  the 
number  of  miciostates  with  a  specific  energy.  In  Monte  Carlo  simulations  of  an  alloy, 
informatkn  on  the  distribution  microstales,is  contained  in  the  structure  of  the  crystal,  since  the 
computer  keeps  track  of  the  positions  of  all  amrns  and  their  mutual  arrangements.  A  concept 
such  as  entropy  is  not  needed,  nor  is  it  convenientiy  available. 

So  far  we  have  said  nothing  about  the  choice  of  the  initial  and  final  states,  or  the  allowed 
transitions  between  them.  Provided  the  mechanism  atom  movement  allows  all  states  of  atom 
arrangements  to  be  reached  in  an  unbiased  way,  we  could  have  moved  atoms  in  groaps  or 
individualiy,  over  short  distances  or  long  distances,  and  the  argimients  leading  to  Eqn.  9  would 
still  hold  true.  A  key  assun^tkm  of  statistical  mechanics  is  that  the  details  of  mechanism  do  not 
affect  the  equilibrium  properties.  Hence,  for  a  equilibrium  calculation  one  does  not  need  to  take 
into  account  the  mechanisms  of  the  system  moticH].  It  is  necessary,  however,  to  assume  that  the 
system  is  ergodic.  The  Metropolis  algorithm  satisfies  this  condition  since  candidate  iransirions 
which  enter  into  Eq.  4  are  selected  randomly. 

B.  Vacancy  Aleorifem 

The  fundamental  difference  between  statistical  rttechanics  and  statistical  kinetics  is  that  a 
kinetic  theory  must  include  the  mechanisms  for  atom  movements,  and  must  do  so  correctly. 
Kinetic  theories  based  on  different  types  of  elementary  kinetic  events  should  all  lead  to  the  same 
state  of  equilibrium,  but  their  paths  to  equilibrium  can  be  quite  different.  In  particular,  the 
Metropolis  algmithm  is  inappropriate  for  studies  of  the  kinetics  of  phase  transformations,  except 
perhaps  magnetic  ernes.  It  provides  a  path  to  equUibriura,  of  course,  but  diis  path  must  be 
considered  a  convergence  path,  and  not  a  teal  kinetic  path. 

For  most  metallic  alloys  at  low  temperatures,  atom  movements  occur  when  an  atom 
interchanges  sites  with  a  neighboring  vacancy.  Consider  a  vacancy  that  is  surrounded  by  r 
atoms,  which  are  candidates  for  the  next  kinetic  event.  A  realistic  Monte  Carlo  simulation  of 
ordering  kinetics  must  contain  an  algotitiun  to  decide  which  one  of  these  z  atoms  will  interchange 
sites  with  the  vacancy,  and  how  much  time  is  required  for  this  elementary  kinetic  event.  After 
the  atom  vacancy  interchange  has  occurred,  the  algorithm  is  again  applied  to  the  new 
environmmt  of  the  vacancy. 

Stqrpose  the  characteristic  rate  for  an  interchange  of  the  vacancy  and  the  j>l>  atom  is 
imqKirtiCMial  to  oo].  The  atom  is  competing  with  the  other  z-1  neighbors  of  tire  vacancy  to 
exchange  sites  with  it,  so  the  probability  for  the  rtxrvement  of  the  jUi  atom  is; 


Pj--^  (10) 

i-o 


Here/ryisdieprobtlrilitytiiattiiejfliatom  win  jump  into  dtevacancy.  A  random  number  between 
0  and  1.  r,  is  then  used  to  select  one  of  tiiese  z  endidate  jutr^s: 


if  <Pi  f  jnnV  of  1 

elae,  if  r  <p7 -f  PS .  junq*  of  atom  2 

else,  if  r  <p/  +P2  +P3  .jump  <rf  uom  3 


else,  juiiq>  atom  z 

Uang  this  algorithm  a  vacancy  jump  will  occur  for  evetyMtmteCailostq).  This  is  different 
from  die  Metropolis  algorithm  where  eadi  candidate  transition  will  either  occur  or  not  occur. 
Heiwe,  the  kinetic  algorithm  is  effirieitt  in  that  every  Monte  Carlo  stq>  produces  a  vacancy  junqi. 

To  calculate  the  dianctetistictnuisitkm  rates,  (oy).  we  need  to  consider  the  physical  pnocess 
of  dw  atom-vacancy  interchange.  We  use  the  same  medianism  that  has  been  used  in  analytical 
studies  with  the  PPM  [1-4]  and  MEM  [S-g].  To  interchange  sites  with  a  vacancy,  the  candidate 
atom  must  surmount  a  barrier  of  height  E*.  The  energy  required  to  surmount  this  barrier  is  the 
difference  between  E*  and  Ej.  the  energy  of  the  atom  in  its  initial  state.  All  chemistiy  in  the 
problem  is  contained  in  the  (Ej).  In  the  simplest  approach,  we  determine  E;  with  only  the  first 
nearest  ndghbor  (Inn)  environment  the  candidate  atom.  If  die  candidate  atom  is  trf  type  “A”, 
forexangile: 

^I-WaaFaa+WabVab  .  (11) 

leading  to  a  riiaracteiisdc  junqi  frequency  (rf: 

oy  «  exp^-  (12) 

Our  candidate  A-atom  has  Naa  A-atoms  in  its  Inn  shell,  and  Nab  B-atom  neighbors.  The 
difference  in  strengdi  of  these  two  types  of  bonds  is  Vaa  -  Vab-  If  this  difference  in  bond 
energy  is  positive.  Eqn.  3  shows  diat  widi  more  A-atom  neighbors,  die  A-atom  wUl  be  more 
likely  to  jump.  It  should  be  noted  that  the  energy  for  re-creadng  the  the  atom-atom  bonds  after 
the  jump  does  not  enter  into  Eqn.  3  or  1 1.  It  is  still  possible  to  prove  that  this  vacancy 
mechanism  will  lead  to  a  steady  state  that  is  a  state  oS  thermodynamic  equilibrium.  To  do  so,  we 
note  that  all  initial  states  of  the  vacancy-atom  interchange  are  in  thermodynamic  equilibrium  with 
the  activated  state  for  the  interchange.  If  die  initial  states  are  in  thermodynamic  equilibrium  with 
the  states  at  die  activation  barrier,  the  initial  states  nnst  be  in  equifibiium  with  each  other,  and  the 
alloy  will  be  in  a  state  of  tfaermodyiiamic  equOfotinm. 

The  average  time  required  for  the  vacancy-atom  interchange  is  controlled  by  the  total 
transition  rate,  i.e.: 

At.-ji—  (13) 

X«)| 

i-0 
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The  time  scale  for  the  I^nte  Carlo  simulation  is  provided  by  a  running  sum  of  the  times  for  the 
individual  jumps,  and  the  units  of  the  time  are  die  pcefoctor  of  the  exp(»entialjun9  probability  erf' 
Eqn.  3.  The  units  could  be  in  “attempts”  at  surmounting  the  banier,  for  example  [34], 


V.  Software  Envirooment  for  Materials  Siimilationa 

The  Mcmte  Carlo  methods  described  here  require  only  modest  computer  resources.  At 
luesent  we  are  using  a  DECstation  3100  engineering  workstation.  A  typical  simulation  involves 
262,143  atoms  and  one  vacancy,  and  the  vacancy  jump  rate  is  qiproximately  6  kHz.  In  about 
one  day  the  alloy  will  typically  evolve  from  an  inidally  disordered  state  to  a  state  close  to 
thermodynamic  equilibrium. 

A  Monte  Carlo  calculadon  can  be  used  as  a  module  in  a  larger  software  environmenL  Given 
the  positions  of  all  the  atoms  in  the  alloy,  the  results  of  other  experiments,  such  as  x-ray 
difrractmnetry  and  Mbssbauer  spectrometry,  are  simulated.  This  is  an  advantage  over  analytical 
calculatiotts  because  the  experimental  measurables  may  not  dqiend  in  a  simpie  way  on  the  state 
variables  of  analytical  theory.  At  present  we  are  trying  to  understand  the  kinetics  of 
disorder-torder  transformations  in  bcc  Fe  alloys  by  using  activated  state  rate  theory  of  vacancy 
motion.  Given  a  set  of  interatomic  interactimis  from  either  first  principles  calculations  or  from 
ad-hoc  assumptions,  a  disordered  alloy  is  allowed  to  develop  ordCT  with  the  Monte  Carlo 
algorithm  described  in  section  IHB.  At  various  stages  of  ordering,  the  Monte  Carlo  simulation 
is  paused,  and  “simulated  experimental  measurements"  are  performed  on  the  Monte  Carlo  alloy. 
The  x-ray  diffraction  intensities  ate  efficiently  ctxnputed  using  a  standard  fast  Fburier  transfrum 
(FFT)  routine,  likewise,  Mbssbauer^iectra  can  be  calculated  using  a  magnetic  reqionse  model 
of  the  hyperfrne  iiutgnetic  Gelds  in  ferromagnetic  bcc  iron  alloys  [3S].  This  combination  of 
techniques  is  one  way  to  obtain  infonnation  m  both  the  short-  and  hmg-range  order  of  an  alloy. 
These  results  from  simulations  can  then  be  compared  to  experiment  to  test  the  predictions  of 
analytical  Idiietic  dteories. 

It  is  difGcult  to  know  die  relationship  between  die  time  scales  of  the  simulations  and  the  real 
experiments,  or  even  if  it  is  a  linear  relationship.  However,  when  mote  than  one  irucrostructural 
variable  is  measured,  there  ate  often  other  interesting  features  which  may  be  observed.  A  good 
example  (rf  diis  is  the  “Idnetic  path”  through  die  space  ^tanned  the  different  state  variables.  A 
Idnk  in  the  kinetic  path  through  short-  and  long-range  ordering  was  found  in  the  dismder-4B2 
onter  transfonoatkn  in  FeCo  [36].  This  kink  could  be  an  example  of  a  long-lived  “pseudostable 
state”  that  occurs  at  a  saddle  point  of  a  free  eneigy  fonction  [37,38]. 


VI.  Models  for  Vacancy-Solute  Interactions 

Vacancy-solute  interactions  have  long  been  believed  to  inGuence  the  kinetics  of  diffusion 
[39,40].  Renewed  interest  in  this  problem  has  followed  a  set  of  measurements  by  Rockosch 
[41].  These  experiments  showed  a  cmrelation  between  the  strength  of  vacancy-solute 
interactions  and  the  dependence  of  the  alloy  lattice  parameter  on  solute  concentration.  This 
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that  iftiv»h  of  the  vacancy-solute  interaction  originates  from  a  first-order  elastic  effect 
[42,43J,  electronic  contributions  may  also  be  significant  [44].  Vacancy-solute 

intmctiO"«  are  strong.  Energies  of  a  few  tenths  of  an  electron  vdt  are  associated  with  the 
attrwaion  or  repulsKM  between  vacancies  and  solute  atoms.  Such  raiergics  are  larger  than  typical 
intM-atnmir  pair  potentials  involved  in  order-disorder  transfmmations.  Although  vacancy 
TOn^ffurinna  ate  too  low  lo  affcct  the  thermodynamics  of  ordering,  they  may  have  condiscrable 
on  the  kinetics.  To  study  how  the  Idnctics  or  ordering  are  affected  by  vacancy-solute 
intoactions,  we modify  the  vacancy  algorithm  described  in  section  II.B. 

We  see  two  ways  to  model  vacancy-solute  interactions  in  IiAmte  Carlo  simulations.  In  the 
first,  we  rawld  use  the  vacancy-sohite  interactions  to  shift  die  initial  energy  of  the  vacancy  before 
the  jump.  Tnis  is  much  like  Ae  diemical  interactions  described  in  section  n.B.  Fdr  example,  if 
Aere  were  a  negative  eneigy  for  a  Inn  vacancy-solute  bond,  the  vacancy-sdutc  interaction  would 
tend  to  retard  the  separation  of  vacancy-solute  pairs.  The  interaction  would  not,  however, 
provide  a  force  to  pull  Ae  vacancy  towards  the  solute  atom.  This  interaction  takes  effect  only 
when  Ae  vacancy  and  solute  are  already  neighbors.  There  is  no  bias  for  the  vacancies  to  move 
near  solutes,  only  a  delay  in  having  a  vacancy  move  away.  In  Monte  Carlo  simulations  we  find 
that  the  time  scale  for  ordering  can  be  changed  significantly  by  vacancy-sdute  mteractions  of  this 
first  but  Acre  can  be  no  change  in  Ae  sequence  of  states  followed  by  Ae  alloy  during 
ordering*.  This  remains  true  when  the  vacancy-solute  mteractions  are  of  greater  range  Aan  first 
nearest  neighbors;  vacancies  are  not  pulled  towards  attractive  solutes,  but  are  delayed  in  leaving 
Aeir  vicinity. 

For  vacancy-solute  interactions  to  work  as  attractions  and  repulsions,  we  need  the  concept  of 
a  force.  Our  second  meAod  for  treating  vacancy-solute  interactims  examines  Ae  change  in  Ae 
vacancy-solute  interaction  potential  over  a  short  Astance.  Phyacally,  Ais  provides  an  effective 
force  which  could  arise  from  a  short-ranged  elastic  strain  field.  The  vacancy  will  be  drawn  to 
sites  wiA  the  lowest  elastic  energy.  To  have  such  a  force  for  vacancy-atom  interactions,  boA 
thy  initi«i  energic!}  of  the  vacancy  must  influence  the  jump  rate.  Toin^Ietncnt  Aisidca, 

in  Ae  present  work  we  used  Ae  following  formula  to  conqiute  the  atom-vacancy  exchange  rate: 

The  fint  factor  in  Eqn.  14  is  Ae  same  as  Eqn.  12.  The  second  factor  takes  vacancy-solute 
interactions  into  account  It  is  the  Bdtzmann  factor  for  Ae  difference  in  energy  between  the  final 
and  initial  state  energies  for  Ae  vacancy.  As  a  first  approximation,  we  assume  Aat  e/  ande,-  can 
be  rsicnittretl  wiA  a  short  range  vacancy-atom  bond  model.  Fm  exanqile,  restricting  Ae 
to  die  first  shell,  for  a  binary  alloy  these  energies  are: 

ef-ei  ■  (Wva"^va)^va  +  (^vb”^vb)^vb 


*  h  is  iMaesAv  Aat  the  snpeqKMiliaa  princ^  used  in  malytical  theories  causes  this  first  model  of  vacancy- 

sohne  hnaractiaas  mater  Uneiic  padis,  howevw  [451. 
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wheie,  for  example,  Nva  ^  number  of  V-A  bonds  m  the  final  stale  (after  the  interchange, 
andAfvA  number  of  V-A  bonds  in  the  initial  state.  The  energy  of  each  Ixxui  is  £va  • 

WithEipis.  Mud  IS.  the  vacancy  is  pulled  towards  or  pushed  away  from  qiedfic  solute  atoms. 
This  affects  not  only  the  time  required  for  a  vacancy-solute  interchuge,  but  also  the  types  of 
interchuges  that  occur.  These  vacancy-solute  interactions  will  affect  dw  kinetic  path  of  the 
alloy,  as  we  show  in  the  next  section. 


Vn.  Results  of  SimulatitNis  with  Vacancy-Solutc  Interactions 

Here  we  present  results  of  Monte  Carlo  simulations  that  show  how  kinetic  paths  are 
influenced  by  vacancy-solute  interactions.  The  tiMimodynamics  and  kinetics  of  ordoing  ate 
influenced  only  be  the  ratio  of  the  interalomic  interaction  energies  and  the  teaperatute,  so  we  set 
the  tenqieratuie  equal  to  unity  and  vary  the  energy  parameters*.  The  ternary  alloy  used  in  these 
simulations  had  the  composition  4S%  A,  S0%  B,  S%  C.  with  one  vacancy.  The  results  the 
simulations  are  presented  in  Figures  1-3.  These  figures  are  “kinetic  paths"  which  ate  trajectories 
the  alloy  through  short-ruge  order  parameters.  The  short  ruge  mder  parameters  that  we 
choose  are  p^4  and  pcc,  which  are  the  probabilities  that  a  pair  of  atoms,  separated  by  a  first 
nearest  neighbor  distance,  ate  either  both  A-attxns  or  both  C-atoms,  reflectively.  In  equilibrium 
there  is  a  fixed  relatkmship  betwem  paa  and  pcCi  which  is  located  towards  the  lower  left  comer 
of  the  three  figures.  The  alloys  b^an  as  diaoRlered  solid  solutions,  and  this  state  is  towards  the 
upper  right  comer.  We  found  that  many  different  kinetic  paths  can  be  produced  by  varying  the 
strengths  of  the  vacancy-sohite  interactions  (£va>  ^VB*  £vc)>  activation  barrier  heights  (£X,  £b> 
£^),  and  interatomic  interaction  potentials  (Vaa.  l^BB.  ^CC.  ^AB.  V'ac.  I'bc)-  Changes  in 


Figure  1.  Kinetic  paths  of  alloys 
without  (dashed  line)  and  with 
(solid  line)  vacancy-solute  inter¬ 
actions.  For  the  dashed  curve,  £vc 
=  0.0.  For  the  solid  curve.  Eye  - 
1.5.  For  both  alloys: 

£^.E^.£^  s  10.0,  Vaa»Vbb 
=  Vice  “  Vac  =  10.  Vab  *  Vbc  = 
0.0,  £va  **  ^VB  ~  0.0.  (Energy  in 
units  of  IcT) 


*  The  huoaeiion  CMrpas  an  dnnfcn  fai  anhs  of  kgT. 
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tiength  of  the  intentomic  interactions  can  affect  the  end  state  of  dtennodynanaic  equilibrium, 
lowever,  so  die  three  cases  presented  here  are  comparisons  of  kinetic  paths  where  the 
ttteratomic  intenctkms  are  hdd  constant,  but  the  vacancy  solute  interactkMs  or  the  activaticm 
tanier  heights  were  varied. 

Our  first  example  (results  presented  in  Hgure  1)  is  an  alloy  where  the  A  and  C  atoms  are 
chemically  identical,  with  unfavorable  bonds  to  either  A  orCatoms.  The  B-atoms  had  a  similar 
positive  potential  for  having  B-atom  neighbors.  Thermodynamically,  the  alloy  is  a  simple 
binary.  The  initial  state  of  disotder  (upper  right)  is  consistent  with  values  of  the  pair  variables 
PAA  and  PCC  for  a  random  alloy,  i.e.,  paa  *•  =  0.45^  »  0.2025,  and  paa  =  =  0.05^  = 

0.0025.  The  state  of  thermodynamic  equilibrium  (lower  left)  is  consistent  with  that  c^a  Innary 
alloy  in  winch  the  C-atoms  and  A-atoms  are  identical,  i.e.,  die  ratio  of  paa  and  pcc  is:  Paa 
tpcc  *  =  1/81.  For  a  true  binary  alloy,  die  kinetic  padi  in  Figure  1  is  a  straight  line 

passing  through  the  origin  with  a  slope  oi  1/81.  b  the  absence  of  vacancy-solute  interactions, 
therefore,  the  relationship  between  paa  and  pcc  is  linear  (dashed  line).  This  changes  when 
vacancy-solute  interactions  are  active  (soUd  line).  When  interactions  between  the  vacancy  and 
the  C-atoms  are  repulsive,  the  mobility  of  the  C  atoms  decreases.  This  causes  the  inidal  part  of 
the  kinetic  path  to  move  away  from  the  straight  dashed  line  in  Figure  1.  As  the  system 
approaches  equilibrium,  however,  the  A-atoms  are  not  so  strongly  driven  to  change  their 
positions.  All  state  variables  involving  the  A-atoms  change  more  slowly,  including  paa-  The 
kinetic  path  therefore  bends,  and  the  final  approach  to  equilibrium  involves  a  more  rapid  relative 
change  of  pcc  ■ 


Figure  2.  Kinetic  paths  of  alloys 
with  vacancy-solute  interactions 
(solid  line,  as  in  Hgure  1)  and  with 
vacancy-solute  interactions  plus  a 
compensating  activation  barrier 
height  difference. 

For  the  solid  curve,  Eyc  ~ 

Ec  =  10.0. 

For  the  dashed  curve,  Eyc  =  1-5 
andEc  =  4.0. 

For  both  alloys,  the  other 
parameters  were  the  same  as  for 
Figure  1:  E;  =  E^  =  10.0,  Vaa  = 
Vbb  *  Vrc  =  Vac  =  lA  Vab  = 
Vbc  *  0.0,  Eva  *  ^VB  =  O.o. 

(Energy  in  units  of  kT) 


In  our  second  example,  we  tried  to  countered  die  effect  of  the  vacancy-solute  interaction  by  a 
judicious  choice  of  activation  barrier  height  differences.  In  this  example,  the  activation  barrier 
height  for  the  C-atoms  is  lower  than  for  the  A  and  B-atoms.  The  lowering  of  the  C-atom 
activation  barrier  height  makes  the  C  atoms  more  mobile,  thus  inciea^g  the  me  of  diange  (ffC- 
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Cpairs.  On  the  other  hand,  the  repulsive  interaction  between  the  C-atoms  and  the  vacancies  has 
the  opposite  effect  This  competition  between  kinetic  effects  is  illustiated  by  the  kinetic  paths 
presraledin  Hgurel.  The  solid  curve  in  Figure  2  is  the  same  curve  as  presented  in  Hgtse  1  for 
the  aUoywidivacancy'Soluie  interactions.  The  dashed  curve  was  obtained  for  an  alloy  similar  in 
all  panuneiBis.e]coq>t  for  a  lower  activation  banier  height  for  the  Cuoms.  Hgure  2  shows  that 
the  curvatme  of  the  kinetic  path  decreases,  and  tite  kinetic  path  moves  towards  tiie  straight 
(dashed)  line.  Theeffoctof  the  vacancy-solute  interaction  and  tire  effected  the  activation  barrier 
hei^t  diffoience  neariy  compensate  each  other. 

Figure  3.  Kinetic  paths  for  alloys 
with  atoms  having  asymmetrical 
interatomic  interactions,  and  C- 
atoms  with  different  activation 
barrier  heights  and  vacancy-C-atom 
interactions. 

For  all  alloys,  E\=  E\  =  10.0, 
Vaa  =  0.8,  Vbb  =  1-2.  Vcc  =  - 
10,  Vac  =  10.  I'ab  =  Vbc  =  0.0, 

£va  =  £vb  =  0.0. 

For  the  dashed  curve  and  circles, 
fy^^Oandf^  —  10.0, 

For  the  solid  curve  and  squares, 
£vc  *  0  and  *  6.0. 

For  the  solid  curve  and  crosses, 
£vc  ®  1  -0  and  »  6.0. 

(Energy  in  units  of  kT) 

In  our  thiid  example  we  show  the  cooqilexity  that  comes  with  asymmenies  in  the  interatomic 
potentials.  In  this  exanqtle  Vcc  is  attractive,  not  rqtulsive.  In  the  sinqilest  alloy  (dashed  curve) 
we  set  the  activation  barrier  height  to  be  the  same  for  all  the  atoms,  and  there  are  no  vacancy- 
solute  interactions.  In  the  kinetic  path  of  the  alloy,pcc  initially  increases,  and  then  decreases. 
This  sign  reversal  of  d(pcc)/(lt  occurs  because  tiie  C-C  interactions  are  attractive,  but  the  A-C 
interactions  are  repulsive.  In  the  early  stages,  befme  long-range  order  is  strong,  the  number  of 
C-C  pairs  can  grow  independently  of  the  A-C  pairs.  As  the  system  orders  further  and  there  is  a 
distinct  formation  of  domains,  however,  die  more  numerous,  but  unfavorable  A-C  pairs  cause 
the  C-atoms  to  take  more  B-atom  neighbors,  and  pec  decreases.  Similar  overshooting 
phenomena  have  been  reported  previously  in  ternary  alloys  studied  with  analytical  theories 
[5,31].  When  the  activation  barrier  height  for  the  C  atoms  is  lowered  (solid  ciBve  with  squares), 
Hgure  3  riwws  that  die  kiiietic  path  is  shifted  to  the  right.  This  occurs  because  the  C  atoms  are 
moremoUle.  ffowever,  this  effect  can  be  compensated  by  a  rqxdsivevacancy-stdute  interaction 
involving  the  C-atoms.  The  repul^ve  vacancy-C-atom  interaction  slows  the  rate  of  change  of  C- 
C  pain,  thus  shifting  the  kinetic  path  the  left.  We  note  that  this  kinetic  path  (solid  curve  with 
crosses)  is  rindlar  to  the  kinetic  path  (dashed  curve)  for  an  alloy  without  eidier  vacancy-solute 
interactions  or  differences  in  activation  barrier  heights. 
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In  OUT  model  of  ordering,  the  kinetic  paths  deprad  on  three  types  of  interactions:  1)  atom- 
atom  interatomic  potentials  {  VxyIi  2)  acdvKion  barrier  hdght  variations  (Ex),  and  3)  vacancy- 
sohiteinteractioia  (Evx)-  To  some  extern,  the  effects  firom  these  three  types  of  intetactuHis  can 
be  arranged  to  augment  or  cancel  each  other.  This  is  especially  true  for  the  activation  barrier 
h(«ight«  and  die  vacancy-scdute  interactions  because  they  do  not  dqiend  strongly  on  the  state  of 
order  in  the  alloy.  The  state  variables  involving  vacancies  relax  quickly  from  their  initially 
random  distribution  to  values  appropriate  for  the  vacancy-scdute  interaction  strengths.  As  order 
evolves  in  the  alloy,  we  might  expect  that  the  numbers  of  different  vacancy-atom  pairs  would 
change.  In  all  cases  we  have  examined  to  date,  however,  the  changes  in  the  numbers  of  the 
different  vacancy-atom  pairs  ate  not  large.  The  distribution  of  vacancy-atom  pairs  remains  more- 
or-less  constant  as  Older  evolves  in  the  alloy.  The  activation  barrier  heights  ate  modeled  as  being 
independent  of  the  state  of  order  in  die  alloy,  fr  is  theiefoie  possible  for  the  effects  of  activation 
barrier  hdghts  on  die  kinetics  to  accurately  conqiensate  for  the  effects  of  the  vacancy-solute 
interactions.  This  conqiensation  is  not  possible  for  the  interatomic  interaction  strengths, 
however.  The  kinetic  effects  of  the  interatranic  interactions  depend  strongly  on  the  state  of  order 
in  the  alloy.  As  shown  previously  ("].  it  is  not  possible  tor  the  interatomic  interaction  strengths 
to  compensate  accurately  for  the  effects  of  diffnences  in  activation  barrier  heights,  at  least  not 
over  the  full  length  of  the  kinetic  path,  likewise  it  will  not  be  possible  for  the  interatomic 
interaction  strengths  to  compensate  accurarely  for  the  effects  of  vacancy-solute  interactions. 

We  close  as  we  began,  by  enqihasizing  that  the  kinetics  of  OTdering  is  a  larger  problem  than 
the  thermodynamics  of  ordering.  The  state  of  thermodynamic  order  in  the  alloy  is  determined 
solely  by  the  interatomic  interactions.  Atom-vacancy  interactions  and  activation  barrier  heights 
will  affect  kiiietics.  but  not  thotnodynamics.  Atom-vacancy  interactions  and  activation  barrier 
heights  affect  both  the  rate  of  ordering  and  the  kinetic  path,  but  they  do  so  differently  for 
different  mechanisms  of  atom  movements.  The  connections  between  the  microstates  of  an  alloy 
are  imponant  in  problems  in  kinetics,  even  for  predictions  of  macroscopic  behavior. 
Calculations  of  kinetic  behavior  therefore  require  physically  reasonable  mechanians  for  atom 
movements.  It  is  important  that  thermodynamic  thinking  not  be  transferred  too  directly  to 
problems  of  kinetics. 


Vm.  Conclusions 

In  diis  chqiter  we  show  how  Monte  Carlo  simulations  can  be  used  to  study  the  kinetics  of 
ordering.  The  vacancy-atom  interchange  is  die  elementary  kinetic  event  in  the  simulations,  and 
the  rates  of  these  interehanges  are  calculated  with  activated  state  rate  dieoiy.  We  include  in  the 
problem  the  interatomic  chemical  interactions,  differences  in  activation  barrier  heights.  By 
includingashortHangefixce.  we  can  also  study  the  effects  of  vacancy-solute  inteiactions.  Only 
the  imeiaianic  fauenctkms  affect  the  thermodynamic  state  of  Older  in  the  alloy,  but  the  kinetics  is 
affected  by  the  interatomic  interactions,  activation  barrier  heights,  and  vacancy-solute 
interactions. 
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We  the  activatioa  banier  heights  and  vacancy-st^te  intenaaions  had  signifkant  effects 

on  die  kinetic  paths  (ff  a  ternary  alloy.  We  found  that  die  activation  banier  heights  can  be  used  K> 
compoisate  for  the  kinetic  effects  of  vacancy-striuie  intoactions,  and  the  observed  Idnedc  paths 
depends  on  the  relative  signs  and  strengths  of  the  banier  heists  and  vacancy-solute  interactions. 
Changes  in  the  interatomic  interactions  also  affect  the  kinetic  paths,  but  they  cannot  compensate 
precisely  for  the  effects  of  the  other  interactions  because  the  kinetic  effects  of  the  interatomic 
interactions  dqiend  on  the  state  <rf  Older  in  the  alloy. 
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CVM-Based  Free  Energy  Estimates  in 
Monte  Cario  Simulations 
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Abstract 

A  method  for  estimating  the  configurational  entity  and  free  eneigy  in  Monte  Carlo  simulations 
is  proposed  and  implemented.  This  method  is  inspired  by  tiie  cluster  variation  method.  By 
choosing  an  appropriate  set  of  base  clusters  of  increasing  size,  a  sequence  of  increasin^y 
acciuate  estimates  of  the  configuration  entropy  can  be  obtained.  We  demonstrate  the  method  by 
calculating  the  time  evolution  of  the  fiee  eneigy  during  the  formation  of  chemical  order  on  bcc 
lattices.  Particular  enqihasis  is  placed  on  the  time-dependence  of  the  free  energy  during  die 
transient  tqipearance  of  pseudosiable  states. 
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L  IntroductiMi 

An  eariier  chaptCT  of  these  proceedings  [1]  reviewed  Monte  Cario  studies  order-disorder 
transfonnations  in  alloys.  In  this  chapter,  we  inesent  a  novel  technique  for  calculating  free 
energies  of  alloys  during  Monte  Cario  simulations.  In  particular,  we  are  interested  in  the  dianges 
of  the  free  energy  during  the  evolution  d  chemical  order.  It  has  always  been  possible  to  Ireep 
track  of  the  free  energy  in  Idnetic  studies  using  the  path  probability  method  (M’M)  [2,3] — the 
present  inediod  confers  a  similar  oqtabUity  upon  kinetic  Monte  Carlo  simulatioiis. 

To  calculate  die  free  energy  during  a  Monte  Carlo  simulation,  we  borrow  ideas  from  the 
cluster  variation  method  (CVM)  [44].  In  practice,  the  Monte  Cario  simulations  are  carried  out  in 
the  usual  manner,  hi  addition,  however,  the  simulated  crystal  lattice  is  periodically  sampled  for 
the  probabilities  of  various  cluster  types.  These  cluster  probainlities  are  used  directly  in  the  CVM 
formulae  for  the  configurational  entropy  and  free  energy.  This  sinqile  but  powerful  idea 
combines  the  best  of  both  worlds — the  relationship  between  free  energy  and  kinetics  (such  as 
provided  by  PPM)  and  the  accuracy  of  Monte  Carlo  siiniiations. 

After  this  idea  of  using  CVM  entropy  and  free  energy  expressions  in  Monte  Carlo 
simulations  was  developed  and  implemented,  we  were  made  aware  of  similar  explorattxy  work 
by  Schlijper  [6,7]  and  others  [8].  Schlijper  et  al.  [6,7]  demonstrated  a  CVM-Monte  Carlo 
method  for  the  estimation  free  energies  in  dw  two- and  three-dimensional  Ising  models  and  the 
three-dimensiooal  three-state  Potts  model.  In  addition  to  the  CVM  entropy  expressions,  their 
method  used  an  alternative  Markovian  estimate  for  the  entropy.  In  this  way,  they  were  able  to 
obtain  upper  and  lower  bounds  on  their  entn^y  estimates.  Bichara  et  bL  [8]  then  applied  die 
CVM-Monte  Cario  portion  of  Schlijper's  technique  to  tire  study  of  Fe-Al  alloys  in  the 
tetrahedron  tqiproximation.  However,  diesceffrats  were  directod  at  equilibrium  systems.  Totbe 
best  of  our  knowledge,  the  present  work  is  the  first  tq^lication  of  such  hybrid  CVM-Monte 
Carlo  techniques  to  the  study  of  non-equilibrium  systems. 


n.  Cluster  YarUition  Method 

The  statistical  mechanical  basis  of  the  CVM  has  been  treated  at  great  length  in  the  many 
papers  by  Kikuchi  and  his  coworkers  [44].  Many  workers  have  also  attempted  to  clarify  or 
reformulate  its  tnadiematical  machinery  [9-13].  The  reader  is  leforred  to  these  papers  for  details. 
Suffice  it  to  say  that  given  a  specification  of  base  (or  maximal)  cluster(s)  of  the  parent  crystal 
lattice,  the  CVM  formalism  provides  an  explicit  albeit  approximate  expression  for  the 
confrguratkmal  entre^  and  free  energy  of  the  system  in  terms  of  cluster  probainlities  of  the  base 
clusiet(s)  and  its  subclusten.  In  general,  the  equilibrium  free  energy  is  obtained  by  minimizing 
the  free  energy  exinession  with  respect  to  these  cluster  probabilities  subject  to  one  m  tnore 
constraints,  such  as  composition,  long-range  order  (LRO),  short-range  order  (SRO),  etc. 

Although  the  C^VM  was  originally  developed  to  deal  with  equilibrium  structures,  the  CVM 
free  energy  expression  remains  a  useful  quantity  in  the  oonsideratioa  of  non-equilibrium  systems 
aswell.  In  frun,  in  the  PPM  (the  extension  the  CVM  to  time-dependent  processes),  the  (non- 
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equilibrium)  five  energy  is  obtained  as  a  by-pnxlua  of  maximizing  die  padi  probability.  Some 
may  question  the  applicability  of  the  fice  eneigy  concept  to  non-equilibrium  synems  in  general 
and  kinetic  Mmite  Carlo  simulations  in  particular.  Consider  the  familiar  expression  for  the 
Heimhdtz  free  energy  [14], 

F  =  E-  TScoafig  >  (1) 

as  it  qiplies  to  Monte  Carlo  Idnetics.  In  the  canonical  Monte  Carlo  simulations  enqiloyed  here, 
the  tenqierature,  T,  is  always  a  well-defined  quantity.  In  a  pair  interaction  modd.  the  internal 
energy,  £,  can,  at  any  time,  be  obtained  by  sinqily  examining  all  die  atom  inirs  in  the  Monte 
Carlo  crystal  and  summing  their  interaction  energies.  Whereas  the  configurational  entropy, 
^configi  is  proportional  to  the  logarithm  of,  in  principle,  at  least,  a  purely  combinatorial  term — 
one  that  is  divorced  from  considerations  of  whedier  the  system  is  in  equilibrium.  So  we  can 
conclude  that  both  Sconfig  and  F  are  well-defined  quaeddes  in  our  Monte  Carlo  simuladons.  It 
remains,  however,  to  demonstrate  that  they  are  useful  fm  understanding  the  kinedc  evrdudmi  of 
an  alloy. 

It  should  be  pointed  out  that  the  CVM  formalism  does  not  prescribe  the  choice  of  base 
cluster(s)  to  be  used.  Traditionally,  the  critical  temperature,  Te,  predicted  by  a  particular  cfatuce 
of  base  clusterfs)  has  been  used  as  one  of  the  measures  of  diat  method’s  accuracy.  By  this 
yardstick,  it  has  been  found  that  employing  larger  base  clusters  generally  gives  better 
approximations  [1 1,15-17].  Exceptions  abound  however — ^for  instance,  it  is  well  known  that  in 
fee  systems  that  the  double-tetrahedron  approximation  gives  a  less  accurate  value  for  Tc  titan  the 
(single)  tetrahedron  tqtproximation  in  spite  of  the  largo'  base  cluster  of  the  formo  [11].  For  the 
purpose  of  the  present  work,  we  employed  the  entropy  and  free  energy  expressions 
corresponding  to  a  variety  of  base  cluster  sets  on  the  bcc  lattice.  Inoidoofincreaangaccura^, 
these  are  the:  a)  point,  b)  pair,  c)  tetrahedron,  d)  octahedron,  and  e)  octahedron-cube 
approximations  (see  Hg.  1). 


Hgnre  1:  A  portion  of  die  bcc  lattice  showing  (Gram  left  to  right)  die  a)  poim 
c)  tetrahedron  © ,  d)  octahedron  A ,  and  e)  cube  A  clusters. 


in.  Monte  Carlo  Sinmlations 

The  algorithm  for  our  Monte  Carlo  simulations  hu  been  described  in  detail  elsewhere  (see 
Ref.  [1]  and  die  references  therein).  Per  the  present  work  we  used  a  bcc  lattice  of  64  x  64  x  64 
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x2aS24288  atoms,  unless  stated  otherwise.  The  crystal  lattke  was  initially  landomly  seeded 
widiAandBatDinsinal:liatio(ABstQichiomctiy)withooeo(thesitesleflvacanL  Thislattcr 
vacancy  served  as  the  a^nt  of  the  mechanism  of  ordering.  In  onr  vacancy  mechaniam  of 
ordering,  the  eight  first'Oearest  neighbors  of  the  vacancy  had  Btdtzmann  piolwbilities  for 
exchanging  sites  widi  the  vacancy.  A  pair  interaction  model  using  first-  (Inn)  and  secood- 
nearest-neighbar  (2tm)  pair  interactions  was  used  for  obimning  dte  Boltzmann  factms,  which 
were  used  as  weights  in  the  random  selecdon  of  an  atom-vacancy  interchange.  B2  and/or  B32 
onkr  was  allowed  to  develop  in  the  initially  diaoidemd  crystal  lattioe  by  annealing  at  a  fixed  finite 
tenyetatutc  below  the  critical  tempenuute  for  ordering.  During  the  Monte  Carlo  similations,  we 
kept  track  of  the  SRO  and  LRO  parameters.  The  Wsien-CowkySROparameten  were  obtained 
by  counting  the  A-A,  B-B,  and  A-B  pain  for  each  near-neighbor  shdl  and  affiying  die  usual 
formulae.  The  LRO  parameters  were  obtained  from  the  diffraction  pattern  ttf  the  crystal  lattice, 
calculated  by  obtaining  the  three-dimensional  Fomter  transform  of  our  alloy.  The  intensities  of 
the  (m  and  (100)  superlattice  diffraction  peaks  were  normalized  by  that  of  the  (110) 
fundamental  peak  and  used  as  measures  of  the  B32  and  B2  LRO  parameters,  respectively. 

In  addition,  we  periodically  computed  the  configurational  entrc^y  and  free  energy  of  the 
crystal  This  was  done  by  counting  the  frequencies  of  the  various  cluster  types  that  enter  into  the 
well-known  CVM  formulae  [11]  for  the  entropy.  Knowing  the  value  of  5  in  the  various  cluster 
approxiinations,  we  coirqiuted  E  by  summing  the  energies  of  the  various  Inn  and  2nn  pairs,  and 
then  used  Eq.  1  to  obtain  the  cotresponding  approximations  for  F.  In  principle,  the  statistical 
accuracy  of  F  is  limited  by  the  size  of  the  Monte  Carlo  crystal  being  smdied.  In  the  inesent 
study,  we  chose  to  maximize  the  accuracy  by  counting  all  the  clusters  of  a  given  cluster  type  in 
the  crystal  lattice.  This  was  possibte  as  there  were  c»ly  about  half  a  million  atoms  in  the  Monte 
Carlo  crystal.  (The  number  of  clusters  of  any  given  cluster  type  is  equal  to  a  small  integral 
multiple  of  the  number  of  atoms.)  We  had  no  problems  with  statistical  accuracy  or 
rqnoducibility,  but  problems  could  arise  with  larger  base  clusters.  The  larger  the  cluster  type, 
the  smaller  (on  average)  the  individual  cluster  probabilities  for  that  cluster  type,  and  the  more 
susceptible  these  are  to  statistical  fluctuations.  It  could  therefore  bectnne  necessary  to  use  as 
large  a  crystal  lattice  as  possible,  or  to  perform  ensemble  averaging  in  order  to  maximize  the 
precision  of  the  estimated  5  and  F. 


rv.  Results  and  Discussion 

Using  this  new  computational  tool  to  monitor  die  fine  energy  in  our  Monte  Carlo  simulations, 
we  followed  the  change  in  the  fine  energy  density  as  an  initially  disordered  alloy  developed 
order.  Hgure  2  shows  the  change  in  the  (KXl)  superiattioe  intensity  as  a  function  of  Monte  Cario 
step  for  an  equiatomic  binary  alloy  with  Vaa*  ^  »  1.00.  The  interatomic  interaction 

potentials  are  in  units  of  FT,  and  this  particular  choice  cotreqxmds  to  a  temperature  of  0.315  Tc- 
The  (100)  superiattice  intraisity  increases  monotonically  until  it  reaches  an  ^ipioximaie  plateau  at 
about  250  Monte  Carlo  steps.  This  increase  of  the  (100)  intensity  reflects  die  growth  of  B2 
order,  which  is  die  equilibrium  |duue  for  diis  particular  dioioe  of  pair  intetactions.  Atthispmnt 
(at  "250  Monte  Carlo  steps)  the  alloy  has  readied  equitibrium  and  consists  of  a  angle  weU- 
oidered  B2  domaitL  (The  additional  very  stigltt  increase  in  the  (100)  intensity  after  250  Monte 
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ryrin  siq»  is  due  to  the  “amualing  out”  of  sense  cf  die  siQgle-site  d^ects  in  die  alk^  [18].) 
Also  shown  in  Fig.  2  are  the  point  (solid  line),  retrahedmi  (dotted  line),  octahedron  (dashed 
line),  and  octahedron-cube  (dotted  dashed  line)  af^ximadons  to  die  fiee  enogy  density  (in 
iinitgfrftT).  These  exhibit  the  same  general  trend  a  monotonic  decrease  in  Fundi  about  2S0 
Monte  Carlo  stqis,  from  t^ch  point  on  there  is  onfy  a  barely  peroqitible  additional  decrease  and 
die  alk^  is  essentially  at  equilibrinm. 

1_0  Figure  2:  Graph  showing  the 
^  growth  of  the  (100)  supciiatdce 
g  diffraction  intensity  (♦ )  as  a 
function  (^Monre  Carlo  stqi  for 
c  an  initially  disordered  equiatomic 
0.6  1?  binary  alloy  with  Vaa’  =  Vbb* 
g  -  1.00  (in  units  of  kT).  Also 
Q  ^  o  shown,  on  the  same  horizontal 
_  axis,  are  the  point  (sidid  line). 
^  tetrahedron  (dotted  line),  octa- 
g  hedron  (dashed  line),  and 
•$'  octahedron-cube  (dotted  dashed 
0.0  line)  approximatims  to  the  fiee 
energy  doisity  (in  units  of  kT). 


It  is  interesting  to  cooqiare  die  results  fin  the  differmt  approximations  of  F(Hg.  2).  Initially 
(at  0  Monte  Carlo  steps),  the  configurational  entn^y  density  is  In  2  for  all  levels  of 
spproximation.  This  is  because  the  initial  random  configuration  corresponds  to  T  «  «»;  and  all 
CVM  configurational  entropy  and  fiee  energy  expressions  are  exact  in  die  bigh-tcnqxaanire  limit 
[11].  As  order  evolves  in  the  alloy,  however,  the  fiee  energy  curves  fiom  the  various 
approximations  begin  to  deviate  fiom  each  mher,  although  all  four  curves  show  the  same 
qualitative  trmds.  In  the  pmnt-approximation,  die  fiee  energy  density  is  just  the  internal  energy 
density  offset  by  In  2.  The  fiee  energy  densities  fiom  the  tetraheditm,  octahedron,  and 
octahedron-cube  approxiniations  are  similar  to  each  other,  suggesting  that  they  are  probably 
close  to  the  exact  value.  The  deviation  among  these  three  curves  gives  a  rou^  estimate  of  the 
error  resulting  fiom  truncating  the  approximation  at  the  octahedron-cube  level  Another  estimate 
can  be  obtained  fiom  die  absedute  value  of  F  at  equilibrium— for  the  exact  case  cotreq[>onding  to 
Fig.  2,  we  must  have  F  >■  0  fiv  neariy  perfect  B2  order  because  £  •>  0  (very  few  Inn  A-A  and 
B-B  bonds)  and  5  •>  0  (nearly  perfect  order). 

Tire  above  qiproximations  for  F  obtained  using  our  hybrid  (!VM-Monie  Carlo  technkpie  are 
in  principle  quite  different  fiom  the  corresponding  approximations  obtained  using  conventional 
CVMandPPM.  This  is  because  while  both  qqxoacheseoqiloy  die  same  levd  of  qiproximatioo 
in  obtaining  die  configurational  entropy  5,  the  same  is  not  true  of  the  internal  energy  £.  The 
internal  energy  in  the  hybrid  CVM-Monte  Cario  method  is  essentially  exact  for  the  large  crystal 
lattices  used  here,  irreqrective  of  the  level  of  cluster  approximation  used  to  calculate  the 
configurational  entropy.  In  contrast,  the  internal  energy  in  conventional  CVM  and  n*M  is 
limited  by  die  same  level  of  tpproximation  as  used  in  calculating  the  configurational  entropy. 


Monte  Carlo  step 


Hguie  3  shows  the  vatiatioii  of  the  and  (100)  tiqialattice  diffraction  intensities  as 

functions  of  Kfonte  (}ailo  step  for  an  eqiuatomic  binary  alloy  with  Vaa^  a  Vbb*  *  1-00;  Vaa^  B 

Vbb^  «  0.70  0n  units  of  JiT).  F(xr  this  particular  choioertf  pair  intoaciioa  die  equilibrium  state  is 
one  of  B32  rmler.  The  (^)  superlattice  intenaty,  which  rqiresentt  B32  enter,  increases 
moaotonically  until  it  reaches  its  equilibrium  plateau  800*  about  ISOO  Monte  Carlo  steps. 
sharp  increase  in  the  (^)  supeilattice  intensity  at  about  1000  Monte  Carlo  stqrs,  just  before 
equilibrium  is  reached,  is  due  to  the  annihilation  of  antiphase  domain  boundaries.)  Meanwhile, 
tiie  (1(X))  superlattice  intensity,  which  represents  B2  osder,  increases  iititially  until  it  readies  its 
nuiximnm  value  at  about  10  Monte  Carlo  steps.  After  tiiat,  it  begins  to  decrease  monotonically 
untilithaspractically  vanished  by  the  time  equilibrium  is  reached.  Also  shown  in  Fig.  3,  on  the 
same  horizontal  axis,  is  the  octahedron-cube  (dotted  dashed  line)  qiproximation  to  the  free 
energy  density,  which  decreases  monotonically  until  it  reaches  its  equilibrium  value  of 
approximately  1.97  (in  units  of  kT)  after  about  1000  Monte  Cario  steps.  For  the  exact  case 
corresponding  to  Fig.  3,  we  would  have  F  <■  2.0  for  nearty  perfect  B32  order  because  £  >  2.0 
(approximately  one  Inn  A-A  bond  and  one  Inn  B-B  bond  per  atom)  and  S-O  (nearly  perfect 
order). 

Figure  3;  Graph  showing  the 
variation  of  the  (^)  (•)  and 
(1(X))  (♦ )  superiaitice  diffiaction 
intensities  as  a  function  of  Monte 
Carlo  step  for  an  initially 
disordered  equiatomic  binary 
alloy  with  Vaa’  “  VgB*  =  l-OO; 
Vaa^  =  Vbb^  =  0.70  (in  units  of 
kT).  Also  shown,  on  the  same 
horizontal  axis,  is  the 
octahedron-cube  (dotted  dashed 
line)  qjproximation  to  the  free 
energy  density  (in  units  of  KT). 


The  transient  appearance  of  B2  order  in  this  simulation  has  analogs  in  similar  studies  of 
disotder-»ORter  transformations  carried  out  using  analytical  techniques  such  as  die  master 
equation  method  and  PPM  [19-22].  Such  transient  states  have  been  tenned  “pseudostable” 
elsewhoe  in  the  Uteratuie  [20,21].  In  the  earlier  analytical  work,  such  transiait  or  pseudostabte 
states  have  been  shown  to  be  associated  with  a  stationary  point  or  saddle  point  in  the  foee  energy 
surface  [21].  Based  on  the  approximation  to  the  free  energy  shown  in  Fig.  3,  a  rimilar 
association  appears  to  exist  here.  As  expected,  dw  free  enogy  density  decreases  tnonotoninally 
with  Monte  Carlo  step.  However,  there  qipears  to  be  an  qipioximate  plateau  in  F  where  die 
(100)  superlattioe  intensity  reaches  its  maximom.  This  is  not  unlike  the  behavior  of  die  free 
energy  density  reported  in  Ref.  [20].  The  often  long-lived  nature  of  those  transient  states  was 
attributed  to  die  vanishing  of  the  free  energy  gradient,  and  hence  die  thermodynamic  driving 
force,  in  the  vicinity  of  the  stationary  poim  in  dK  free  oiergy  sorfooe  [20,21]. 
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The  above  results  can  also  be  e]q>lained  heuristically  as  follows.  The  phase  boundaty 
between  B2  and  B32  in  the  ground  state  (r>0)  occurs  at  V2/V1- 1  [23].  This  is  dose  to  die 
vahieofVj/ViusedinthesiinulatianofHg.  3.  We  therefore  eiqpect  die  dieimodynanuc  driving 
forces  for  the  formation  of  the  two  types  of  order.  B2  and  B32.  to  be  very  siinilar  for  the 
rouftitinn*  of  dus  simulation.  The  alloy  in  its  initial  random  configuration  is  in  a  hig^  non- 
equilibrium  state.  Its  fiee  energy  is  very  much  higher  dian  what  it  would  eventually  be  in  die 
equilibrium  B32-ordeted  state.  It  can  be^  to  diqxMe  of  dus  excess  fiee  energy  by  forming 
Hnirmins  of  not  (mly  B32  order  but  B2  order  as  well  Some  local  regions  in  aiandom  alloy  ate 
B2-like.  and  can  fi)rmB2-type  order  more  expediendydianB32.  (Ahhou^  die  B2  domains  in 
this  rimiiiatinn  may  have  a  higher  fiee  energy  density  dian  the  B32  domains,  it  is  sdll  much  less 
than  that  of  the  initial  disordered  stale.)  This  accounts  for  the  large  drop  in  Fin  the  early  stages 
of  the  simulation  (fiom  1  to  about  10  Monte  Cario  steps).  In  fact,  examinaiion  at  the  simulated 
miciostructure  of  the  transient  state  (at  ~10  Monte  Carlo  steps)  showed  it  to  consist  of  small 
domains  (tfB2  and  B32  order  of  a  few  lattice  constants  in  diameter.  However,  once  die  initial 
disordered  state  has  been  rqilaced  by  these  miaodomains  of  B2  and  B32  order,  any  furdier 
decrease  in  the  fiee  oiergy  can  only  be  achieved  by  the  growdi  of  die  B32  domains  at  die 
expense  of  the  B2  domains.  This  is  indeed  what  occurs  in  die  next  stage  of  the  simulation  (fiom 
-10  Monte  Carlo  stqis  onwards).  As  expected,  die  resulting  additional  drt^  in  F  is  much  less 
than  that  in  the  first  stage  because  of  the  {nesumably  much  smaller  fiee  energy  differaice 
between  B2  and  B32  order. 


We  repeated  the  simulation  of  Hg.  3  using  a  crystal  lattice^  the  previous  size  but  performed  8 
times  with  8  different  random  number  seeds.  The  resulting  aggregate  superlattice  diffiaction 
intensities  and  free  energy  densities  thus  obtained  were  essentially  identical  to  those  obtained 
previously.  This  suggests  the  feasibility  of  using  ensemble  averaging  in  concert  with  the 
mediods  described  above  to  increase  the  precision  our  fiee  energy  estimates.  This  should  be  a 
particularly  useful  capability  vdien  extraiding  our  sdieme  to  larger  base  clusters. 

V.  CondusiODS 

We  have  developed  and  inplemented  a  technique  fiv  extracting  configurational  entropies  and 
free  energies  from  kinetic  Monte  Carlo  simulations.  We  were  able  to  obtain  a  range  of 
I  approximations  to  the  fiee  energy  depending  on  the  chmce  of  base  clusters  used.  Usingthebest 

i  of  diese  (the  octahedron-cube  qiproximation),  we  were  aUe  to  verify  that  the  fiee  energy  density 

decreased  monotonically  with  time  as  oida  evolved  in  an  initially  disordered  alloy.  We  were 
also  able  to  show  that  the  fiee  energy  versus  time  curve  approximated  a  plateau  in  the 
f  nnghborhood  of  certain  transient  or  pseudostable  states. 
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Order-Disorder  Transitions  In  Driven  Compounds 


P.  Bellon,  F.  Soisson,  and  G.  Martin 

CEREM  /  SRMP,  CE  Saclay 
F91191  Gif-sur- Yvette.  France 


Abstract 

We  consider  the  case  of  a  driven  alloy  where  atomic  diffusion  takes  place  by  two  mechamsms 
acting  in  parallel  (as  it  is  the  case  for  an  alloy  under  imdiaiion) ;  thermally  activated  jumps  and 
forced  jumps.  (e.g.  due  to  nuclear  coUisions).  Order-disorder  reactions  are  foUowed  in  a  binary 
AcBi<  alloy  on  a  body  centred  cubic  lattice.  Possible  steady-state  for  such  an  open  system  are 
identified  by  a  deterministic  treatment  of  the  above  Idnetic  model  under  mean-field 
approximation.  On  increasing  the  external  forcing  intensity  (the  imdiatioa  flux),  the  nature  of  the 
A2-B2  transition  is  shifted  fiom  !« to  2»«  kind,  beyond  a  triciitical  litre.  Stochastic  descriptions, 
which  incorporate  fluctuations,  are  required  to  study  the  relative  stability  of  drese  steady-states. 
Furthermore,  time-  and  space-correlations  of  forced  jumps  (cascade  effects)  can  then  be 
considered ;  they  are  shown  to  modify  significantly  the  stability  of  the  system. 


Dtfhnlon  In  Oidcrad  Alloyt 
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IntrodnctioD 


In  previous  works,  we  addressed  the  question  of  phase  stability  under  irradiation  from  the 
point  of  view  ttf  dynamical  systems  [1-6].  Indeed  in  simple  cases,  an  alloy  under  irradiation  can 
be  seen  as  a  ^stem  where  two  dynamics  are  acting  in  parallel :  die  dietmally  activated  jumps  and 
the  ballistic  jumps,  due  to  nuclear  collisions.  Kinetics  and  steady-state  properties  of  such  a 
dissipative  system  cannot  be  obtained  £rom  standard  equilibrium  thermodynamics.  However, 
starting  from  a  mesoscopic  kinetic  description,  using  the  foimalism  introduced  by  Kubo  et 
al  [7],  in  some  specific  cases  stochastic  potmitials  governing  the  probability  distribution  of  states 
can  be  built  analytically.  From  these  potentials,  dynamical  equilibrium  phase  diagrams  are 
obtained,  providing  a  map  of  the  most  stable  steady-state  for  any  given  set  of  irradiation 
conditions.  By  the  use  of  deterministic  numerical  simulations,  more  complex  cases,  e.g. 
heterogeneous  systems,  can  be  studied  [6] :  ordered  precipitates  can  become  unstable  after  the 
introduction  of  an  anti-phase  boundary.  Because  of  the  lack  of  fluctuations  in  the  above 
simulations,  information  on  the  relative  stability  of  competing  steady-states  cannot  be  obtained, 
and  bursts  of  ballistic  jumps  in  displacement  cascades  during  heavy-ion  or  neutron  irradiation 
cannot  be  taken  into  account 

After  recalling  in  the  fint  section  the  diffuskm  model,  we  introduce  a  deterministic  kinetic 
model  in  the  second  section.  In  the  third  section,  stochastic  treatments  are  presented  and  solved 
by  die  use  of  numerical  simulations,  emphasizing  cascade  effect  on  phase  stability. 

I.  Din'iision  model 

As  an  example,  we  consider  a  binary  AcBt<  alloy  on  a  B.C.C.  lattice  and  focus  on  the  B2- 
A2  order-disorder  transition.  We  model  atomic  diffusion  by  permuting  two  nearest-neighbour 
atoms,  belonging  thus  to  distinct  sublattices,  according  to  two  mechanisms  operating  in  parallel ; 

-  forced  (ballistic)  jumps  induced  by  the  external  forcing  at  a  fiequency  Fb  which  is 
independent  of  the  state  of  order  of  the  system  and  of  its  tempenture.; 

•  thermally  activated  jumps.  According  to  rate  theory  the  activation  energy  ^  (respectively 
^ )  is  the  energy  necessary  to  extract  an  AoBp  pair  (respectively  ApBo)  fiom  its  environment, 
where  its  energy  is  (respectively  Epg)  and  to  bring  it  into  a  sad^e  point  position  where  its 
energy  is  Eg.  For  simplicity,  the  extraction  energy  is  computed  in  dw  bndeen  bourid  luodel  and 
Eg  is  assumed  to  be  independent  on  die  surrounding  of  the  AB  pair. 

The  exchange  of  an  A  atom  on  a  site  i  of  sublattice  a  with  a  B  atom  on  a  site  j  of  sublattice  P 
occurs  at  die  frequency : 

e’^ 

rjip*r««'i+n)=vexp(--j^)+rb  d) 

It  is  easy  to  show  that  the  first  dynamics  entering  in  equation  (1 )  (the  dieimally  activated  one) 
fulfils  the  detailed  balance  condition.  Notice  that  for  this  dynamics,  the  system  knows  whkdi  stale 
it  is  leaving  but  ignores  the  state  it  is  moving  to,  beyond  the  saddle  point  (dm  same  dynamics  wu 
already  proposed  by  Fultz  [8] ).  It  is  sometimes  assumed  that  the  activation  energy  is  a  half  of 
the  energy  difference  between  final  and  initial  states  :  diis  would  only  affoa  the  kinetics  of  a 


thennal  tystmi  (rb>>0),  but  would  nxxtify  the  iteady-sMes  of  •  driven  one  (Ti^).  Our  dtoioe  is 
more  ^ipiDpriaie  to  ftr  fiom  equifibroun  qntons. 

In  the  foUowrag,  we  will  consider  a  Bngg-Williams  mean-^eki  qipranmation  (BW),  winch 
is  atqnopriale  for  B2  ordering.  Decomposing  the  B.CC  lattice  into  two  sublatticcs,  the  state  of 
order,  in  a  homogeneous  model,  is  described  by  the  A  atomic  concentntioos  and  on  both 
suUattices,  or  by  the  ctmcentration  C  and  the  degree  of  order  SaCJ-C^.  We  restrict  to  nearest 
nei^bour  interactions  :  with  Vij  the  oiergy  oi  a  pair  i-j  atoms,  we  define  V«(Vaa-*-Vbb* 
2Vab)/2  (where  V>0  for  ordering  systems).  For  the  sake  of  simplicity,  we  choose  Vaa^Vbb-  We 
will  also  consider  one-  and  two-dimensional  teterogeneous  models :  a  local  ctmcentration  on  die 
ith  site  of  the  sublattice  a  is  defined  by  C|j,  this  concentration  corresponding  to  averaging 
performed  over  atomic  planes  or  rows,  respectively.  Under  this  approximation,  the  activation 
energy  for  thermally  activated  jumps  writes : 


{(^aa+<l-C5)Vab}  - 


{qVab4<l<!?)Vbb) 


(2) 


P 


q 


where  the  summations  in  equation  (2)  are  restricted  to  nearest-neighbour  of  sites  i  and  j  (onfi)  and 
nn(j)  respectively). 


IL  Deterministic  treatment 


Applying  die  above  difiFiision  model  to  the  case  of  a  heterogeneous  system  in  the  BW 
rqiproximation,  the  rate  of  change  of  concentration  at  site  i  on  sublattice  1  is  given  by ; 
dC| 


'  {-(T^+rbjcid-c^)  +  (r^,+rb)<4(i-q)} 


(3) 


A  similar  expression  for  dCj/dt  is  obtained  by  interchanging  subscripts  1  and  2  in 
equation  (3).  For  thermal  systems  (Ti^cO),  the  above  kinetic  equation  drives  the  system  to  an 
equilibrium  state  which  is  precisely  die  one  obtained  by  minimizing  the  mean-field  fiee  energy, 
computed  in  die  same  Bragg- Williams  approximation  {23.ti]. 

As  can  be  seen  from  eq.(l-2),  the  control  parameters  are:  the  reduced  temperature  T/Tc 
(Tc«  zV/2kb),  the  average  composition  C  and  die  reduced  forced  frequency : 

T(b  =  (rb/v)xexp{^3}  (4) 

where  K  =  (Vaa+Vbb+2Vab)/2.  The  deterministic  evolution  oi  the  system  as  well  as  its  steady- 
states  are  obtained  by  numerical  integration  ^  eq.(3),  using  periodic  boundary  conditions,  for 
different  sets  of  initial  ermditions  (C^(t=0),C^(t>0)}  with  a  fourth-order  Runge-Kutta  method 
with  an  adrqitive  step-size  [6].  The  relative  error  on  the  concrnitration  is  kept  less  dian  10^ 
during  each  integration  step,  and  steady-state  is  assumed  to  be  reached  when  all  derivatives  have 
absidute  values  smaller  than  1(H. 

In  previous  work  [2,5,6],  we  have  shown  that  beyond  a  thieslKdd  value  in  the  forcing 
intensity,  'yb,  the  A2-B2  order-disorder  transition  which  is  of  second  kind  at  equilibrium  may 
become  first  kind.  As  a  result,  steady-state  two-phase  systems  ate  expected  for  non- 


117 


stoechiometric  composition.  This  was  indeed  (^served  [6] :  6om  such  steady-state  profiles,  the 
dynamical  equilibrium  phase  diagram  d  figuie  1  can  be  built  In  most  of  die  two-phase  field,  the 
system  can  be  in  three  locally  stable  sutes :  homogeiwously  iMdered,  homogeneously 
disordered,  and  two-phased.  Since  fluctuations  are  absent  fiom  the  above  description,  die  relative 
stability  of  these  metastable  states  cannot  be  studied.  Let  us  mention  that  in  die  case  of  a  kinetic 
Ising  model  with  two  dynamics  in  pgallel  (a  nwtioptdis  one  and  an  infiniie  temperature  dynamics 
one),  Gonzafes-Mtranda  et  al  [9]  also  observed  a  shift  fiom  l*t  to  2^  kind  of  die  nature  of  the 
para-ferromagnetic  transition. 


Hgure  1  :  Dynamical  equilibrium 
phase  diagram  at  fixed  forcing 
intensity  7h  =  4.55,  obtained  from 
steady-state  solutions  of 
deteiministk  equations  (3).  The  two- 
phase  field  is  delimited  by  the  solid 
lines ;  the  dotted  (dashed)  line  is  the 
line  above  (below)  which  any 
ordered  (disordered)  phase  is 
unstable. 


ni.  Stochastic  treatments 

Fluctuations  are  recovered  in  die  above  description  if  discrete  variables  are  considered  instead 
of  the  continuous  Cj  [10,11].  Let  Q  be  the  number  of  lattice  sites  per  plane :  we  will  now 
describe  the  system  by  variables  such  as  N{,  the  number  of  A  atoms  on  sublattice  1  in  plane  i . 
Note  that  in  the  limit  Q  -^  <«>,  Nj/Q  -*  C',.  We  will  now  consider  different  cases,  depending 
on  the  coirelations  of  the  forced  jumps. 

UncarelMPd  Mliiitic  iamiw 

Let  us  assume  in  this  paragraph  that  ballistic  jumps  concern  only  one  atomic  pair  at  once  : 
with  the  same  diffusion  model  as  above,  the  transition  rates  for  the  exchange  of  any  given  A-B 
pair  of  nearest-neighbours  are  given  by : 

N'i  n-Nj  n|  n-N^ 

where  is  function  of  instead  of  (k=ij ;  msl,2).  Transition  probabilities  are  given 
by  ; 


(6) 


«^,=w;vn 

The  system  is  now  characterized  by  the  probability  P(s,t)  to  find  it  in  a  state  s  at  the  time  t, 
the  state  s  being  die  list  of  the  A  atom  numbers  on  all  lattice  sites.  The  time  evolution  of  such  a 
probability  distribution  follows  a  Master  Equation ; 

aP(s.t)/at  =  I  -  W,.,.  P(s.t)  +  W,..,  P(sM)  C7) 

a* 

Contrary  to  the  case  of  homogeneous  models  [l-3,5,7],  no  analytical  solution  is  known  for 
equation  (7)in  the  case  of  a  heterogeneous  system,  even  under  steady-state  conditions. 

However,  it  is  possible  to  perform  a  numerical  integration  of  this  ME,  by  sampling  a 
trajectory  of  the  system  which  is  consistent  with  the  transition  rates  defined  by  equation  (6).  We 
present  now  the  algorithm  for  a  one-dimensional  system,  but  it  is  easily  generalized  to  two 
dimensions. 

Let  us  define  the  sum  of  these  transition  probabilities  over  all  possible  exchanges  in  the 
system  : 

all  possible  exchanges 

A  trajectory  is  numerically  built  from  the  above  stochastic  description  as  follows  [10,11]. 

Starting  fiom  an  initial  configuration  for  the  QxN  atoms,  the  next  exchange  to  occur  is  obtaiited 
by  sampling  one  event  among  all  possible  pair  exchanges  which  would  modify  the  current 
configuration.  This  sampling  is  performed  by  adding  all  the  transition  probabilities,  thus  building 
a  segment  of  length  a,  and  by  pulling  at  random  a  first  number  on  this  segment .  The  location  of 
the  raiKlom  number  in  the  segment  determines  the  exchange  which  has  occurred.  The  probability 
distribution  for  the  residence  time  of  the  system  in  its  current  state  decays  exponentially  with 
time,  the  time  constant  being  cr^  By  pulling  a  second  random  number,  the  time  spent  by  the 
system  in  the  configtiration  before  the  realization  of  the  jump  is  obtained  from  this  exponential 
decay.  Physical  time  can  therefore  be  measured  in  such  simulations,  and  time-average  quantities 
can  be  computed.  This  algorithm  is  similar  to  the  Monte  Carlo  one  proposed  by  Bortz  et  al  [12] 
for  atomistic  simulations. 

In  a  practical  way,  =  100  was  large  enough  so  as  to  reproduce  with  a  very  good  accuracy 
the  composition  limits  of  the  two  phase  field  in  figure  1.  Compositions  are  obtained  by  time¬ 
averaging  the  compositions  of  the  ordered  and  disoixiered  phases,  once  a  two-phase  state  is 
reached.  We  chose  the  normal  to  atomic  planes  to  be  [100] :  in  this  simple  case,  all  the  sites  in 
any  atomic  plane  belong  to  the  same  snblattice  and  one  variable  per  plane  is  thus  sufficient  for  tire 
description. 

The  relative  stability  of  the  three  locally  stable  states  is  obtained  by  measuring  the  mean  first 
passage  times  fiom  one  metastable  state  to  another ;  we  only  observed  transitions  fiom 
homogeneous  stales  (eidier  ordered  or  disordered)  toward  the  two-phase  state,  and  diis  for  all  the 
runs  performed,  even  for  very  long  time.  Figure  2  displays  such  a  transition  fiom  a 
homogeneously  ordered  state  to  the  two-phase  sttte.  The  local  composition  Xj  and  the  local 
degree  of  older  S}  are  plotted  as  function  of  the  plane  index  i.  They  ate  given  by : 

» 
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and 


V  2Ni  Nj^i  -H  Nj.i 
=  4Q 


Si 


I  2Ni  -  N;^,  -  N;., 
2n 


(7) 


The  system  remains  in  its  initial  state  for  some  time  (figure  2a),  but  then  a  fluctuation  starts  to 
build-up  (figure  2b) ;  this  fluctuation  consists  in  a  small  disordered  region  but  without  any 
modification  of  the  local  atomic  composition ;  then  composition  decreases  in  this  disordered 
region  (figure  2c),  and  finally  the  two-phase  state  is  obtained  after  the  growth  of  the  disordered 
region  (figure  2d)  It  is  thus  concluded  that  the  two-phase  state  is  indeed  the  most  stable  state  of 
the  system,  in  agreement  with  results  obtained  from  analytic  stochastic  description  [S]. 
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Figure  2 ;  Transition  from  an  homogeneous  ordered  state  toward  a  two-phase  state  at 
T/Tc=0.25,  ‘]fb  =  4.5S,  at  an  average  composition  of  0.41,  and  for  isolated 
ballistic  jumps  (b  =  1).  (a),  (b),  (c)  and  (d)  are  instantaneous  configurations 
obtained  after  4.6xl0<i,  4.9x106, 5.5x10®,  and  7x10*  pair  exchanges  respectively 
(the  system  contains  160x100  atoms). 


Tini>-  f  nH  apa<^-mrtriatM  hallixric  jiimpa 

Up  to  now  we  have  considered  that  ballistic  jumps  were  uncotielated.  However,  in  a 
displacement  cascade,  ballistic  jumps  are  strongly  correlated  both  in  time  and  space.  These 
conelatioos  ate  expected  to  alter  the  phase  diagram  built  in  figure  1  [2].  Although  we  start  fiom 
a  Bragg-Williams  iqiptoxiination,  time  and  space  correlations  are  present  in  the  heterogeneous 
description.  The  correlations  in  the  ballistic  jumps  can  be  implemented  in  the  above  scheme  as 
follows.  We  assume  the  number  of  atom  pairs  undergoing  forced  exchanges  by  one  collision  is 
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Figure  3  :  Influence  of  the  cascade  density  on  the  limit  of  the  two-phase  field  ;  for  the  same 
geometry  of  the  cascade,  the  number  of  ballistic  jumps  is  increased  from  20  (top)  to 
60  (bottom).  The  configurations  are  obtained  by  numerical  integration  of  ME  for 
40x40  BCX}  cell  system  in  die  (001)  plane,  for  a  reduced  imdiation  tempenture  of 
0.20,  a  ballistic  jump  frequency  of  4.55  and  for  an  average  composition  ot  0.30. 
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the  same  for  all  cascades ;  this  number  is  denoted  by  b.  Since  Fb  is  the  number  of  fraced 
exchanges  per  atom  per  unit  tune,  the  number  of  cascade  per  atom  and  unit  time  is  therefore : 

rc  =  rb/b  (8) 

This  cascade  frequency,  Fc,  replaces  now  the  second  term  in  the  right  hand  side  of  equation  1. 
During  the  selection  of  the  next  event  to  occur,  if  the  first  random  number  is  located  on  a  segment 
corresponding  to  Fc,  then  a  cascade  is  occurring :  let  us  consider  for  simplicity  that  all  cascades 
are  centro-symmetric  and  have  the  same  'geometry',  i«.  that  die  number  of  planes  affected  by 
forced  exchanges  of  nearest  neighbours  and  the  numbers  of  forced  exchanges  between  these 
planes  are  fixed.  Then,  starting  from  the  actual  distribution  of  A  and  B  atoms  among  these 
affected  planes,  2b  numbers  ate  pulled  at  raruiom  so  as  to  choose  which  atoms  are  affected  by  die 
cascade.  The  atomic  conriguration  is  then  updated  by  performing  exchanges  between  the  selected 
atoms.  This  procedure  avoids  the  tedious  analytic  calculations  of  transition  probabilities 
connecting  the  actual  configuration  to  any  configuration  which  can  be  reached  after  a  cascade. 
The  only  restriction  is  that  all  cascades  are  included  in  our  ^iproach,  while  only  the  cascades 
which  actually  modify  the  state  of  the  system  have  to  enter  in  the  computation  of  a.  For  the  cases 
considered  below,  where  alloys  not  are  too  dilute  and  with  sufficiendy  large  enough  number  of 
replacements  in  a  cascade,  the  relative  number  of  cascades  improperly  taken  into  account  Oess 
than  1(H)  is  too  small  to  be  signiffcant. 

We  have  studied  the  effect  of  cascade  on  the  phase  diagram  of  figure  1,  here  at  an  average 
composition  of  0.30  (with  a  two-dimensional  system,  made  of  40x40  BCC  unit  cells,  each  colon 
containing  0=100  atoms) :  keeping  constant  the  number  of  replacements  per  atom  per  unit  time, 
Fb  =  4.55,  on  increasing  the  number  of  atoms  in  a  cascade,  different  behaviours  are  observed 
(Figure  3).  Here  the  size  of  the  cascade  is  kept  constant  (mixing  up  to  3’’*  nearest-neighbours), 
and  b  the  number  of  ballistic  jumps  in  a  cascade  is  the  sum  of  bi  forced  exchanges  between 
central  site  and  nearest  neighbours  and  bj  between  1**  and  and  2"**  and  nearest 
neighbours  (b=4xbi+ 12xb2).  For  simplicity  we  choose  bi=2xb2.  For  a  very  dilute  cascade, 
b=20,  (fig.  3a),  the  most  stable-steady  state  of  the  system  edfneides  with  the  one  obtain  in  the 
mean-field  approximation  (rig.  1) ;  for  b=60,  the  ordered  phare  has  a  lower  volume  fraction 
(fig.  3b),  indicating  that  the  two-phase  ffeld  has  been  shifted  toward  the  stoechiometric 
composition  ;  for  very  dense  cascade,  b=200,  a  hundred  forced  exchanges  are  performed  at 
once :  the  system  is  now  disordered,  with  some  ordoed  regions,  but  having  a  very  short  life¬ 
time. 

In  the  case  of  dense  cascade,  b=200  above,  we  lower  the  temperature  of  the  system  to 
T/Tc=().15.  Starting  eitiwr  from  an  initially  fully  odeied  state  or  from  an  initially  disordered  stale 
(rig.  4),  the  system  evolves  toward  a  state  where  disordered  zones  coexist  with  ordered  ones : 
however  it  is  not  guarantied  diat  coarsening  will  occur  in  diis  case ;  although  further  simulations 
are  required,  a  characteristic  length  for  the  spatial  distribution  of  precipitates  seems  to  be 
reached ;  this  characteristic  length  would  depend  one  the  cascade  density,  as  well  as  on  the 
cascade  size  (which  was  kept  constant  here).  According  to  this  picture,  on  a  macrosa^ic  scale, 
for  an  alloy  at  a  steochiometric  composition  one  would  observe  a  continuous  increase  of  the 
superlattice  reflections  in  a  diffraction  experiment  on  decreasing  the  temperature,  this  transition 
presenting  some  rimilarities  with  a  2'‘4  order  transition.  Further  calculations  are  in  progress  to 
address  this  point 
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Figure  4 ;  Instantaneous  (top)  and  time-averaged  (bottom)  configurations  obtained  by  numerical 
integration  of  ME  for  40x40  BCC  cell  system  in  the  ((X)I)  plane  at  an  average 
composition  of  0.30,  initially  in  a  fiiily  disordered  slate.  The  reduced  iiradiation 
temperature  and  ballistic  jump  fiequency  are  O.IS  and  4.5S.  Here  dense  cascades 
(b>200)  are  producing  a  dynamical  coexistence  of  disoidered  and  ordered  zones, 
after  3.15x10'^  thennal  exchanges  and  9.7x10^  ballisdc  exchanges 


Conclusion 

Phase  stability  and  kinetic  paths  in  ordered  alloys  under  irradiation  are  studied  by  deterministic  or 
stochastic  numerical  simulations.  Dynamical  equilibrium  phase  diagrams  can  be  computed,  which 
are  shown  to  be  very  sensitive  on  the  existence  of  displacement  cascades.  Further  work  is  in 
progress  for  introducing  point  defects  in  a  consistent  way  and  for  improving  the  statistical 
approximation. 
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Abstract 

A  distinction  is  drawn  between  homogeneous  and  heterogeneous  ordering;  the  latter  can  be 
akin  to  cellular  decomposition  and  involve  grain  boundary  migration,  or  other  types  of  local¬ 
ized  nucleation  site  may  operate.  The  use  of  diffraction  as  well  as  microscopy  to  distinguish 
between  these  mechanisms  is  instanced.  Attempts  to  interpret  ordering  kinetics  in  terms  of  dif¬ 
fusion  and  ordering  energy  have  mostly  been  restricted  to  homogeneous  ordering;  special  em¬ 
phasis  has  been  placed  on  the  determination  of  activation  energies.  Some  empirical  studies  on 
the  relation  between  ordering  kinetics  and  self-diffusivity  in  LI2  compounds,  and  that  between 
the  activation  energy  for  sclf-diffiision  and  ordering  energy,  are  summarised.  Recent  experi¬ 
ments  on  the  mechanically-induced  disordering  of  ‘permanently*  ordered  intermetallic  com¬ 
pounds  will  be  outlined,  with  emphasis  on  Ni^Al.  The  subsequent  reordering  of  such  materials 
takes  place  readily,  but  they  do  not  necessarily  return  to  a  state  of  perfect  order. 
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Introduction 


Since  ordering  or  disordering  of  any  alloy  phase  is  usually  a  diffusive  process,  die  kinetics 
of  either  process  is  linked  to  the  diffusion  of  the  constituent  species  in  the  alloy  phase.  It  is  thus 
rather  surprising  that  so  little  attention  has  been  paid  to  the  linkage  between  ordering  (or  disor¬ 
dering)  and  diffusivity.  There  are  at  once  three  complications:  it  is  not  clear  whether  the  fast¬ 
est  or  the  slowest  diffusing  species  (in  a  binary  ph'sse)  will  be  rate-determining;  diffusivides 
are  likely  to  be  different  in  the  ordered  and  disordered  forms  of  an  alloy  phase  and  in  all  inter¬ 
mediate  states;  and  the  magnitude  of  the  ‘driving  force’,  determined  by  the  ordering  energy  and 
by  the  temperature,  will  necessarily  affect  the  relationship  between  kinetics  and  diffusivity.  A 
distinction  has  also  to  be  made  between  long-range  and  short-range  order,  which  have  quite  dif¬ 
ferent  kinetics  and  driving  forces;  this  overview  is  concerned  only  with  long-range  order,  but 
LOcke  and  Yu,  also  Mohri  and  Ikegami,  at  this  Symposium,  are  discussing  short-range  ordering 
in  depth. 

In  attempting  to  interpret  the  kinetics  of  ordering  or  disordering  quantitatively,  it  is  neces¬ 
sary  to  assume  that  the  process  is  homogeneous.  If,  say,  the  rate  and  mechanism  of  ordering 
varies  drastically  from  point  to  point...  i.e.,  if  the  process  is  heterogeneous...  it  will  be  alto¬ 
gether  too  complicated  for  effective  analysis. 

The  purpose  of  this  short  paper  is  merely  to  outline  what  is  known  about  the  following  as¬ 
pects  of  the  general  problem;  (1)  the  circumstances  under  which  ordering  or  disordering  are 
homogeneous  or  heterogeneous  processes;  (2)  approaches  which  have  been  used  for  measuring 
the  kinetics;  (3)  the  relationship  of  ordering  kinetics  and  diffusivides  in  orderable  compounds 
to  the  ordering  energy.  All  of  the  foregoing  refers  to  alloys  which  have  a  critical  ordering  tem¬ 
perature  well  below  the  melting-point,  so  that  the  alloy  can  be  disordered  by  quenching  from 
above  .  To  complement  this,  (4)  I  outline  recent  work  on  the  mechanical  disordering  of  an 
ordered  phase  which  cannot  be  disordered  thermally  (i.e.,  one  which  has  a  high  ordering  ener¬ 
gy)  and  on  subsequent  reordering  of  the  mechanically  disordered  phase.  —  The  broader  objec¬ 
tive  of  this  paper  is  to  interest  the  ‘diffusion  community’  in  the  problem  of  ordering  and  disor¬ 
dering  kinetics. 


Homogeneous  or  Heterogeneous? 

Following  the  discovery  of  antiphase  domains  (APDs)  in  Cu^Au  in  the  1930s,  it  was  gener¬ 
ally  assumed  that  any  orderable  alloy  phase  behaves  like  Cu^Au,  i.e.,  that  a  “foam”,  in  W.L. 
Bragg’s  words,  of  ordered  APDs  is  nucleated  at  different  points  in  the  disordered  crystal  and 
that  these  grow  until  they  touch,  followed  by  progressive  coarsening.  Meanwhile,  the  degree  of 
order,  5  ,  in  the  domains  approaches  the  equilibrium  value  for  the  temperature  in  question;  it 
has  never  been  quite  clear  whether,  under  any  circumstances,  the  equilibrium  degree  of  order 
can  be  achieved  while  the  domains  are  still  quite  small  (or  have  not  even  yet  joined  up),  or 
whether  the  value  of  5  is  to  some  degree  determined  by  the  domain  size.  Another  perennial 
issue  is  whether  an  alloy  with  an  equilibrium  S  less  than  unity  has  randomly  distributed 
‘wrong’  atoms  or  whether  these  atoms  are  clustered  in  some  way.  This  kind  of  issue  was  dis¬ 
cussed  over  quarter  of  a  century  ago  in  an  earlier  TMS  symposium  [11.  Irrespective  of  how  tiie 
wrong  atoms  are  distributed,  this  form  of  ordering  can  be  regarded  as  ’homogeneous’  and  its 
kinetics  can  sensibly  be  analysed  in  terms  of  diffiisivities. 
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Another  kind  of  ordering  reaction  was  discovered  later,  notably  by  Tanner  [2]  who  exam¬ 
ined  Ni2V,  which  orders  with  a  change  of  symmetry,  to  orthoihombic.  (Tanno'  calls  such  trans¬ 
formations  “neostructural”)-  In  different  temperature  ranges,  this  phase  orders  either  homoge¬ 
neously  or  by  a  process  of  domain  nucleation  at  grain  boundaries.  Most  commonly,  the  two 
processes  combine;  domains  fust  nucleate  at  the  boundaries  and  then,  progressively,  the  residu¬ 
al  intragranular  material  orders  homogeneously.  The  heterogeneous  grain-boundary  reaction  is 
coarse  and  can  often  be  observed  by  optical  miooscopy  (e.g.,  in  Ni^Mo,  by  Brooks  and  San- 
ganeria  [3]).  The  heterogeneous  process  in  this  alloy  and  in  others  such  as  Ni2Cr,  Ni^V  and 
Ni^Mo  was  thoroughly  reviewed  by  Tanner  and  Leamy  [4]  in  a  survey  which  is  of  lasting  value. 
The  process  is  not  restricted  to  neostructural  ordering  transformations:  for  instance,  it  has  mote 
recently  been  observed  in  FeCo  [3,61;  here  again,  either  the  heterogeneous  or  the  homogeneous 
process  predominates  according  to  temperature.  Fig.  1  shows  an  optical  micrograph  of  jne- 
dominantly  heterogeneous  ordering  in  FeCo  at  400°C.  The  process  is  akin  to  “cellular”  phase 
transformations,  familiar  in  physical  metallurgy. 


Fig.  1.  FeCo,  quenched  from  800’C,  2  hours  Fig.  2.  Thermally  polished  CuPt,  annealed  for 
400'C.  Heterogeneous  ordering.  [6]  8S  hours  at  SSO’C,  observed  by  polarised 

light,  showing  ordered  domains  growing  from 
grain  boundaries,  pores  and  a  scratch.  [71 

Another  alloy  which  orders  heterogeneously  at  relatively  low  temperatures  is  CuPt,  which 
changes  from  f.c.c.  to  rhombohedial  on  ordering  and  can  therefore  be  conveniently  examined 
by  polarised  light  (Fig.  2).  Here,  ordered  domains  can  nucleate  at  various  kinds  of  surface  de¬ 
fects,  as  seen  in  the  figure  [7].  X-ray  diffraction  can  also  distinguish  between  homogeneous  and 
heterogeneous  ordering  provided  ordering  is  accompanied  by  a  reduction  of  symmetry  (as  in 
Ni2V  or  CuPt);  a  single  fundamental  diffraction  line  then  ^lits  into  a  pair,  and  one  can  deter¬ 
mine  whethei  both  disordered  and  ordered  phases  coexist  and,  if  so,  whether  the  ordered  phase 
has  yet  reached  its  equilibrium  degree  of  order  (because  the  angular  split  varies  with  the  value 
of  5  ).  This  approach  was  successfully  used  with  both  Ni2V  [4]  and  CuPt  [7].  Such  studies  can 
also  serve  to  indicate  whether,  as  is  apt  to  happen,  the  intragranular  material  begins  to  order 
homogeneously  while  domains  nucleated  at  the  grain  boundaries  have  still  penetrated  only  a 
small  way  into  each  grain  [7]. 

It  must  be  reiterated  here  that  when  an  alloy  undergoes  heterogeneous  ordering  (which  has 
been  presented  here  in  simplified  terms  for  lack  of  space),  there  is  not  much  hope  of  interpret¬ 
ing  the  kinetics  of  the  process  in  terms  of  diffusivities...  though  at  least  one  investigator  has 
tried! 
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Disordering 


Disordering  mechanisms  above  have  been  studied  much  less  dian  ordering  mechanisms. 
Hiere  have  been  intermittent  reports  that  just  above  the  critical  temperature,  the  disordering 
process  begins  at  antiphase  domain  boundaries,  which  are  known  to  be  locally  disordered.  A 
few  years  ago,  this  was  shown  clearly  by  TEM  of  ternary  alloys  based  on  Ni^Al  -f  Fe,  in  which 
thick  disordered  regions  were  seen  at  APD  boundaries  [8].  Such  heterogeneous  nucleation  of 
disordering  has  recently  been  studied  in  great  detail  by  a  Franco-Belgian  group  [9,10],  who  used 
both  TEM  and  HREM.  They  heated  ordered  Co^QPt^Q  and  Cu-  17at%  Pd  alloys,  which  have  the 
LI  2  (CujAu-type)  structure,  and  found  thickening  of  APD  boundaries  as  much  as  40°  below 
the  critical  temperature;  the  process  is  akin  to  progressive  melting  at  free  surfaces  in  pure  met¬ 
als  some  way  below  the  thermodynamic  melting  temperature.  Above  ,  the  boundaries  thick¬ 
en  rapidly  as  the  disordered  phase  grows.  This  work  has  recently  been  reviewed  [11].  —  It  is  tc 
be  presumed,  but  has  not  been  carefully  examined,  that  an  alloy  rapidly  heated  to  a  temperature 
well  above  will  disorder  homogeneously. 


Measurement  of  Ordering  Kinetics 

With  those  alloys  which  can  readily  be  obtained  in  a  metastable  disordered  form  by  quench¬ 
ing  from  above  the  critical  temperature,  such  as  Cu^Au,  FeCo,  Ni^Fe,  it  is  quite  straightforwarc 
to  follow  (homogeneous)  ordering  kinetics  either  by  diffraction  or  by  measurement  of  a  physi¬ 
cal  property  sensitive  to  the  state  of  order,  the  electrical  resisidvity  has  been  prefoied,  though 
some  excellent  work  was  done  many  years  ago  by  measurement  of  elasdc  modulus.  Seal-dmr 
dilatometry  would  be  a  good  method,  because  of  the  change  of  lattice  parameter  with  change 
of  S ,  but  this  has  not  in  fact  been  done.  At  temperatures  at  which  ordering  is  very  fast,  until  re¬ 
cently  there  has  been  no  available  method,  but  now  real-time  millisecond  diffraction  has  be¬ 
come  possible  by  use  of  synchrotron  radiation  sources  and  this  has  been  applied  to  the  problen 
by  Ludwig  et  al  [12];  the  instrumentation  was  treated  in  another  paper  [13].  At  the  other  ex¬ 
treme,  there  are  problems  with  alloys  with  a  low  ,  only  slightly  above  ambient  temperature 
such  as  NiFe,  Cu^Zn  and  Cu^Al.  With  such  alloys,  indirect  approaches  relying  on  scarmini 
calorimetry  have  been  used,  and  in  the  case  of  NiFe,  ordering  was  accelerated  by  concomitant 
neutron  irradiation[l4]  If  that  is  done,  however,  normal  diffusivities  become  irrelevant  to  the 
analysis  of  the  ordering  kinetics! 

One  other  problem  can  arise  is  if  is  so  high  (though  still  below  the  melting-point)  that  it 
is  not  feasible  to  quench  in  disorder  at  all:  a  notable  example  of  this  problem  is  Ti^Al,  which 
always  proves  to  be  ordered,  however  rapidly  it  is  quenched  from  the  disordered  state.  Without 
a  disordered  starting  material,  the  measurement  of  ordering  kinetics  becomes  more  difficult 
(though  not  impossible).  An  alternative  af^iroach  is  to  tty  rapid  solidification  (e.g.,  melt-spin¬ 
ning).  This  does  not  appear  to  have  been  tried  with  TijAl,  though  it  has  been  tried  many  times 
with  NijAl  without  success.  (However,  a  ternary  Ni jAl  -t-  Fe  alloy  has  been  disordered  by  melt¬ 
spinning  into  an  unusually  thin  ribbon  [IS]).  Comfensation  from  the  vapor  works  better...  it  is 
an  effectively  very  fast  method  indeed  and  can  work  even  for  the  very  firmly  ordered  'perma¬ 
nent’  intermetallics,  i.e.,  those  which  remain  ordered  up  to  the  melting-point  Harris  et  al.  [16], 
also  West  and  Aziz  [17],  have  succeeded  in  depositing  disordered  NijAl  in  this  way.  Hie  gen- 
oal  problem  of  “disorder  trapping”  during  melt-quenching,  which  is  of  course  linked  witii 
atomic  mobilities  in  the  solid  state,  has  been  treated  in  an  important  paper  by  Boettinger  and 
Aziz  [18],  and  for  some  specific  refractory  intermetallics,  critical  speeds  for  an  advancing  solid 
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interface  have  been  calculated;  60  cm/s  for  TiAl  -  in  which  disorder  has  been  successfully 
trapped  -  and  200  cm/s  for  Al^Nb,  in  which  this  has  not  yet  proved  possible. 

A  surprising  member  of  the  class  of  ordering  alloys  in  which  disorder  cannot  be  irai^ted  is 
^-CuZn,  with  B2  structure.  This  alloy,  which  undergoes  an  almost  ideal  sectmd-ordor  transi' 
don,  remains  stubbornly  ordered  however  fast  it  is  quenched  in  the  solid  state  from  above 
{=460‘C).  It  is  not  known  whether  this  is  due  to  the  rather  high  diffusivity  or  to  the  second- 
oixjer  nature  of  the  ordering  transition.  Melt-quenching  does  not  appear  to  have  been  tried. 

There  is  no  space  here  to  list  the  many  studies  of  ordering  kinetics  that  have  been  published 
during  the  past  40  years.  The  results  of  a  number  of  these  have  been  assembled  in  an  earlier 
overview  by  the  author  [19].  In  that  overview,  a  distinction  was  made  between  d-o  and  o-o 
measurements;  the  former  refers  to  an  initially  disordered  alloy,  the  latter,  to  one  in  a  state  of 
partial  order  which  then  changes  to  a  state  of  higher  (or  lower)  order  when  the  temperature  is 
changed.  Few  o-o  studies  have  been  published  for  those  alloy  phases  in  which  disorder  is 
readily  trapped,  but  recently  it  has  been  shown  that  ordering  kinetics  can  even  be  studied  in 
phases  which  cannot  readily  be  obtained  in  disordered  form  (or  only  in  geometrically  un¬ 
favourable  thin  layers).  Such  an  o-o  experiment  has  been  done  with  Ni^Al  [20),  using  electrica] 
resistivity  measured  at  the  annealing  temperature.  Here,  the  order  parameter,  S  ,  is  always 
quite  close  to  1  and  changes  by  a  few  per  cent  only,  and  no  attempt  was  made  to  convert  the 
changes  in  resistivity  (Fig.  3)  into  the  corresponding  changes  in  5  .  The  absolute  resistance 
changes  are  very  small,  and  great  precision  is  required.  It  will  be  noticed  that  the  sign  of  the  re¬ 
sistance  change  inverts  at  a  particular  temperature;  this  phenomenon  can  be  explained  in  terms 
of  a  well-established  model  due  to  Rossiter  1211.  Partly  because  of  this  difficulty  in  establishing 
how  5  changes  with  time  when  some  other  pnt^rty  is  measured,  the  few  studies  of  this  kind, 
including  the  cited  one  on  NijAl,  only  concern  themselves  with  the  activation  energy  of  the  or¬ 
dering  process,  and  not  with  absolute  rates.  The  objective  then  is  to  compare  the  activation  en¬ 
ergies  so  concerned  with  those  measured  for  diffusion,  and  this  is  discussed  below. 
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Rg.  3.  Isothermal  time  dependence  of  the  electrical  resistivity  of  Ni^Al  after  rapid  cooling 
from  1 173  K  to  (left)  880  K  and  (right)  973  K.  The  solid  curves  were  fitted  by  assuming  a  sin¬ 
gle  relaxation  time,  T ,  in  an  exp(-r  /  t  )  expression.  H9) 

A  similar  strategy  was  followed  by  Tanner  in  the  early  paper  already  cited  (21  on  Ni2V. 
Using  x-ray  difftaction  measurements,  and  assuming  that  the  heterogeneously  nucleated  or- 


dered  regions  growing  from  the  grain  bound¬ 
aries  were  perfectly  ordered  and  that  the  intia- 
granular  regions  were  still  wholly  disordered,  he 
obtained  the  ordering  kinetic  diagram  repro¬ 
duced  in  Fig.  4.  llie  ordering  activation  energy 
below  S50’C  is  close  to  the  measured  one  for 
volume  diffusion,  and  Tanner  assumed  that  the 
lower  energy  above  SS0°C  was  to  be  associated 
with  grain  boundary  diffusion.  Since  the  order¬ 
ing  process  here  is  governed  by  grain-boundary 
motion.  Tanner  was  at  a  loss  to  interpret  the 
low-temperature  activation  energy  (though  he 
made  some  valiant  guesses).  This  example 
shows  how  quixotic  an  enterprise  it  is  to  attempt 
the  interpretation  of  heterogeneous  ordering  re¬ 
actions  in  terms  of  diffusivities. 

Another  form  of  o-o  experimentation  has 
been  developed  by  H.  Bakker’s  group  in  Am¬ 
sterdam.  They  have  studied  permanently  order¬ 
ed  intermetallics,  particularly  CoGa  and  a  range  Fig.  4.  Plot  of  time  needed  for  S0% 
of  AIS  supereonducting  phases.  When  CoGa  is  transformation  in  Ni2V  during  iso- 

quenched  from  a  high  temperature  in  the  solid  thermal  ordering.  [2] 

state,  a  large  number  of  antisite  defects  (i.e., 

wrongly  placed  atoms)  remains  in  the  alloy;  the  lattice  parameter  changes  and  so  does  die  mag¬ 
netic  behavior.  The  change  in  S  due  to  quenching  is  small.  Restoration  of  the  lost  order  is 
possible  by  annealing  and  the  kinetics  of  restoration  can  be  related  to  diffusion  rates.  The  same 
thing  was  done  by  measuring  changes  in  the  superconducting  transition  temperature,  ,  of 
phases  such  as  Nb^Au  following  high-temperature  quenching  and  also  after  progressive  an¬ 
nealing.  There  is  an  accepted  single  relationship  between  and  S ,  valid  for  all  AIS  phases: 

(r,  (5  )  =  0. 17  +  0.83  exp  [-7.78(1  -  5  )),  (1) 

and  therefore  this  qqiroach  offers  a  particularly  direct  way  of  measuring  small  changes  in  S 
and  the  kinetics  of  those  changes.  Early  examples  of  this  approach  were  studies  of  V^Ga  and 
Ca^Rh^Snjj  and  a  concise  summary  of  some  of  this  research,  with  references,  can  be  found  in 
a  recent  review  by  Bakker  et  al.  [22]. 


The  Rdatkiniiip  of  DitAuivity  and  Ordering  Kinetics  to  Ordoii^  Energy 

As  we  have  seen  in  the  last  section,  most  measurements  of  ordering  kinetics  give  essential¬ 
ly  only  one  useful  piece  of  information,  and  that  is  an  activation  energy  (sometimes  more  dian 
one  in  diffoent  temperature  ranges)  based  on  a  fit  for  a  single  relaxation  time.  This  activation 
enagy  is  generally  assumed  to  be  identical  to  the  activation  energy  for  the  domirumt  diffusion 
process  (whatever  that  may  be  in  each  case).  A  valuabie  survey  based  on  many  experuuems,  a 
number  from  their  own  group,  has  recendy  been  published  by  Cadeville  et  al.  [23].  All  die  al¬ 
loys  surveyed  in  this  paper  have  the  LI2  structure.  For  this  rrialed  group,  it  is  found  that  the 
activation  energy  deduced  from  ordering  kinetics  at  various  temperatures,  ,  is  closely  lelat- 
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ed  to  the  critical  temperature  for  ordering,  .  This  is  shown  in  Fig.  5.  Since  the  ordering  en¬ 
ergy  is  approximately  proportional  to  ,  as  has  been  known  ever  since  W.L.  Bragg  first 
analysed  the  ordering  process.  Fig.  S  tells  us  that  the  activation  energy  for  ordering  in  an  LI2 
superlattice  rises  as  the  ordering  energy  increases.  This  is  not  necessarily  related  in  any  simple 
way  to  the  activation  energy  for  diffusion. 
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The  same  group  also  examined 
for  Fcj.jjAljj  alloys,  widi  results  as 
shown  in  Rg.  6,  below.  This  work  is  de¬ 
scribed  fully  in  a  recent  paper  (24).  The 
striking  feature  of  this  plot  is  the  very 
low  activation  energy  for  B2-type  subs- 
toichiometric  FfeAl.  The  vacancy  forma¬ 
tion  energy  is  known,  from  positron  an¬ 
nihilation  measurements,  to  be  normal, 
so  the  migration  energy  is  deduced  to  be 
extremely  low  (0.2-0.3  eV).  There  is  at 
present  a  lively  debate  about  the  possible 
jump  mechanisms  in  the  FeAl  phase  that 
would  account  for  the  low  migration  en¬ 
ergy,  involving  linked  jumps  of  the  com¬ 
ponents  of  a  “triple  defect”.  The  matter 
H  complicated  by  evidence  that  this 
phase  has  unusually  high  vacancy  con¬ 
centrations  (presumably,  constitutional, 
not  thermal,  vacancies).  This  rather  com¬ 
plicated  debate  is  outlined  in  a  recent 
paper  by  Vogl  et  al.  [25]. 

It  is  not  surprising  that  the  activation 
energy  for  diffusion  -  or,  to  be  pedantic, 
the  part  of  it  that  corresponds  to  the  acti¬ 
vation  energy  for  vacancy  migration  - 
increases  as  compounds  become  more 
strongly  ordered,  since  then  the  energy 
cost  of  moving  an  atom  from  a  “right”  to 
a  “wrong”  position  increases  also.  This 
effect  of  the  ordering  energy  would  be 
expected  to  be  much  more  pronounced 
in  B2  compounds  such  as  CuZn  or  NiAl, 
since  in  these  all  atoms  have  unlike 
neighbors  (whereas  in  LI2,  a  proportion 
of  the  majority  atoms  have  like  neigh¬ 
bors).  Unfortunately,  no  correlation  like 
that  i  I  Fig.  S  seems  to  have  been  at¬ 
tempted  for  B2  compounds;  that  is  prob¬ 
ably  because  many  of  these  are  perma¬ 
nently  OTdered,  i.e.,  are  ordered  up  to  the 
melting  point  Nevertheless,  0-0  order- 


NijAl  (o),  NijMn  (o), 
NinAlj5-,Fe,  (♦  and  +), 
NijjAljiCrs  (•)  and  NiTvAljoMiis  (•). 


Fig.  5.  Activation  energies  for  ordering  ver¬ 
sus  the  critical  ordering  temperature  for  a 
number  of  LI2  alloys.  [23] 


Rg.  6.  Activation  energies  for  ordering  ver¬ 
sus  x  in  Fe,.jAl,.  *  refers  to  resistOTietry  at 
4K,  •  refers  to  in-situ  resistometty.,The 
other  symbols  refer  to  other  methods  of 
measurement  [23],  [24] 


ing  kinetics  would  offer  a  means  to  obtain  data  like  those  in  Fig.  S. 


In  this  connection,  it  is  interesting  to  examine  the  relationship  between  activation  eneigies 
for  diffusion  of  the  same  phase  in  the  ordered  and  disordered  conditions.  In  B2  ^-brass,  where 
the  comparison  can  be  readily  made,  it  has  long  been  known  [26]  that  is  much  higher  in  the 
ordered  condition.  Fig.  7  reproduces  their  famous  graph.  “O”  and  “D”  have  been  inserted  to  de¬ 
note  the  ordered  and  disordered  temperature  domains.  By  contrast.  Fig.  8  reproduces  a  graph 
from  my  earlier  study  [19] ,  relating  entirely  to  LI2  phases.  There  are  no  straightforward  com¬ 
parisons  available  between  the  same  phase  in  ordei^  and  disordered  conditions,  because  phas¬ 
es  like  Cu^Au  have  values  so  low  that  diffiisivibes  cannot  be  effectively  measured  below 
,  and  there  are  no  phases  with  high  values  still  below  the  melting  temperature.  The 
lines  drawn  thick  in  Fig.  8  refer  to  the  interdiffusion  coefficient  in  ordered  and  disordered 
forms  of  Ni^Al;  the  latter  line  is  derived  from  measurements  made  in  J^an  on  primary  disor¬ 
dered  Ni-Al  alloys  containing  up  to  18  at.%  of  Al;  the  plots  of  the  interdiffusion  coefHcient  for 
several  temperatures  as  a  function  of  Al  content  were  straight  lines  and  were  extrapolated  to  25 
at%  Al,  representing  an  imaginary  disordered  version  of  Ni^Al.  It  can  be  seen  that  here,  or¬ 
dering  does  not  change  the  activation  energy  for  diffusion  at  all,  in  spite  of  the  fact  that  the  or¬ 
dering  energy  is  much  greater  than  in  CuZn!  There  has  been  no  proper  theoretical  analysis  of 
diffusion  in  LI2  phases,  unlike  the  mass  of  theory  published  for  B2  phases,  because  the  prob¬ 
lem  is  much  more  difficult  AU  that  can  be  said  is  that  the  presence  of  a  number  of  like  near¬ 
est-neighbor  bonds  clearly  reduces  drastically  the  effect  of  order  on  diffusivity.  This  topic  is 
overripe  for  attention  by  theorists. 


*-  T(->C] 


Fig.  7.  Diffusion  coefficients  of  Cu  (triangles).  Fig.  8.  Diffusivities  in  arangc  of  LI2 

Zn  (circles)  and  Sb  (squares)  in  (B2)  ^-CuZn  phases,  derived  from  many  sources, 

of  several  near-stoichiometric  compositions.  [26]  (For  details  see  ref.  [19]) 


Fbr  NijAl,  the  0-0  ordering  kinetics  examined  by  Kozubski  and  Cadeville  [20]  yielded  an 
activation  energy  of  3  -  3.4  eV  (the  higher  end  of  this  range  is  included  in  Fig.  5),  in  satisfacto¬ 
ry  agreement  with  experimental  values  for  chemical  and  inter-difiusion  in  this  phase  (2.7  -  3.4 
eV).  HowevN,  a  recent  detailed  analysis  [27]  of  the  kinetics  of  reordering  of  Ni^Al  disordoed 
by  mechanical  milling  (see  below)  revealed  a  lower  activation  energy,  rising  from  1.2  to  1.6 
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eV  as  reordering  progressed  (the  change  was  attributed  to  progressive  vacancy  trapping  by  im¬ 
purities).  All  that  this  can  confidently  be  said  to  show  is  that  the  activation  energy  for  ordering 
is  not  simply  related  to  that  for  any  diffusion  process.  In  the  case  of  B2  phases,  interpretation 
of  any  future  ordering  kinetics  studies  will  be  complicated  by  the  fact  that  in  such  phases,  the 
activation  energy  for  diffusion  changes  drastically  as  order  is  progressively  established. 

Absolute  Ordering  Rates  in  Relation  to  Diffusivities  and  Ordering  Energy 

In  the  foregoing  discussion,  emphasis  has  been  largely  on  activation  energies,  and  nothing 
was  said  about  the  analysis  of  absolute  rates  of  ordering.  This  matter  has  received  little  atten¬ 
tion,  yet  it  is  of  great  intrinsic  interest  The  central  issue  is  this:  Clearly  the  diffusivity  in  the 
reordering  phase  plays  a  major  part  in  determining  the  ordering  rate,  but  by  no  means  exclu¬ 
sively  so.  The  diffusional  correlation  factor  must  play  an  important  role  as  well;  this  factor, 
which  varies  considerably  between  different  superlattices,  can  in  a  sense  be  regarded  as  a  mea¬ 
sure  of  the  “efficiency”  of  diffusion,  for  it  determines  how  many  jumps  are  necessary  on  aver¬ 
age  to  increase  the  number  of  correctly  situated  atoms  by  one.  But  that  efficiency  would  also 
be  expected  to  be  be  influenced  by  the  “driving  force”  for  ordering,  which  is  simply  die  order¬ 
ing  energy . 

Some  years  ago,  I  attempted  {l^l  to  grapple  with  this  issue  in  a  preliminary  way,  by  compar¬ 
ing  absolute  ordering  rates  for  different  LI2  phases,  bringing  together  numerous  published  val¬ 
ues  for  both  ordering  kinetics  and  diffusivities  relating  to  Ni^Fe,  NijMn,  Cu^Au  and  Ni^Al. 
I  then  picked,  by  interpolation,  the  temperature  for  each  of  these  phases  at  which  the  relaxation 
time,  X,  was  100  minutes,  and  obtained  from  published  data  the  slower  of  the  chemical  diffu¬ 
sion  rates  of  the  constituent  elements  (where  both  had  been  measured),  or  simply  dm  one 
known  chemical  diffusion  rate  in  other  cases.  For  the  first  three  phases  listed  above,  which 
have  critical  temperatures  in  the  range  660  to  790  K  and  hence  rather  similar  ordering  energies, 
the  diffusivity  for  t  =  100  min  is  in  the  rather  narrow  range  7  x  10'^  -  6  x  10'^  m^  /s;  the 
highest  D  was  for  CujAu,  which  has  the  lowest  ordering  energy.  However,  for  NijAl,  which 
has  the  high  (virtual)  critical  ordering  temperature,  above  the  melting  point,  of  =  IWO  K  128), 
the  corresponding  diffusivity  for  x  =  100  min  is  only  1.5  x  10'^  ra^/s. 

What  this  tells  us  is  that  to  achieve  ordering  at  the  same  rate,  starting  in  each  case  from  dis¬ 
ordered  material  (in  the  case  of  Ni^jAl,  this  referred  to  an  old  study  on  material  disordered  by 
filing;  recent  studies  [20,27]  were  not  yet  available),  much  slower  diffusion  will  suffice  if  the 
driving  force,  represented  by  the  ordering  energy,  is  very  high .  A  different  way  of  wording  this 
is  to  say  that  diffusion  is  more  efficient,  or  more  'Tocused”  on  the  task  of  enhaiKing  order,  if 
the  driving  force  is  high.  To  turn  this  indication  into  a  proper  analysis  will  require  more  theo¬ 
retical  expertise  than  I  possess! 


Permanently  Ordered  Alloys  Disordered  by  Mechanical  Means 

Repeated  reference  has  been  made  in  the  foregoing  to  Ni3Al  disordered  by  mechanical 
milling,  and  to  a  reordering  study  made  on  material  disordered  in  this  way.  Here  I  shall  very 
briefly  outline  this  work.  In  fact,  the  bulk  of  the  work  has  already  been  reviewed  in  a  paper 
presented  earlier  this  year  [29]  to  a  symposium  mganized  by  the  ASM  on  Kinetics  of  Otdoing 
Transformations.  Since  the  connection  of  this  research  with  diffusion  is  highly  indirect,  diis  dis¬ 
cussion  will  be  kept  very  brief. 
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This  research  had  several  distinct  purposes:  to  obtain  the  fully  disordered  alloy  (so  that 
properties  such  as  the  lattice  parameter  could  be  measured  as  a  function  of  order  over  the  entire 
rangeO  <S  <  1  [29]  [30]);  to  measure  the  stages  of  disordering,  as  evidenced  by  heat  release, 
lattice  parameter  change  and  changes  in  diffraction  pattern;  to  examine  whether  amorphisation 
follows  on  distHxlering  on  continued  milling;  to  smdy  the  reordering  of  the  disordered  alloy. 
Ball-milling  is  a  much  more  efficient  disordering  process  than  filing,  which  was  used  many 
years  ago  to  disorder  Ni^Al  partially.  Now  that  disordered  Ni^Al  can  also  be  deposited  fiom 
the  vapor  [16,17],  it  will  be  particularly  interesting  to  compare  reordering  kinetics  for  die  dislo¬ 
cation-free  alloy  (made  by  vapor-deposidon)  and  the  intensely  cold-worked  material;  this  has 
not  been  attempted  yet 


Milling  Time  (h)  Annealing  Time  (h) 

Hg.  9.  Variation  of  the  long-range  order  Fig.  10.  Variation  of  the  relative  LRO  parameter,.^  , 
parameter  as  a  function  of  the  milling  of  initially  disordered  Ni^ Al-based  alloy  during  iso¬ 
time  for  NijAl-based  powder.  [29]  thermal  anneals  at  temperatures  cited.  [29] 

To  exemplify  the  kind  of  infoimadon  that  has  flowed  from  this  kind  of  research.  I  show 
here  two  figures,  taken  from  ref.  [29].  Fig.  9  shows  the  stages  of  disordering  of  Ni^Al  during 
ball-milling  and  Fig.  10  shows  the  rates  of  ie(»idering,  following  complete  disordering,  at  vari¬ 
ous  temperatures.  As  can  be  seen  in  Fig.  10,  mechanically  disordered  material  cannot  return  to 
a  state  of  perfect  order,  it  is  probable  (but  not  yet  known)  that  this  would  require  a  temperature 
high  enough  to  ensure  recrystallizadon.  Subject  to  diis  kind  of  difference  between  mechanical¬ 
ly  disordered  material  and  that  disordered  by  very  rapid  quenching  or  v^xir  condensadon,  this 
approach  to  disordering  permanently  (very  strongly  ordered)  alloys  is  likely  to  prove  valuabfe 
for  a  range  of  other  alloys  apart  from  NijAl.  The  approach  has  indeed  already  been  used  to 
study  mechanical  disordering  (and  amorphisation)  of  Zr^Al,  as  described  in  ref.  [29]  and  in  [31] 
and  [32]. 

In  connection  with  the  special  concerns  of  this  Symposium,  the  technique  will  be  of  interest 
because  it  will  pemut  ordering  kinetics  to  be  measured,  and  related  to  measured  diffusivities, 
for  very  strongly  ordered  alloy  phases.  Such  research  is  reviewed  in  the  context  of  our  under¬ 
standing  of  the  ordering  reaction  and  its  consequences,  in  a  forthcoming  book  chapter  [33]. 
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Abstract 

An  electron  dififraction  technique,  IKL-ALCHEMI,  was  applied  to  a  study  on  the  kinetics  of 
Llo-type  ordering  in  CuAuPd  ternary  alloys  at  573  K.  Au  and  Pd  atoms  have  a  tendency  to 
share  the  same  sublattice,  while  Cu  atoms  prefer  the  other  one.  In  the  alloys  containing  50 
at%Cu,  LRO  parameters  of  the  three  elements  S.'s  evolve  monotonically  with  time,  having  the 
inequality  in  the  early  stage,  but  )Sii|[HScJa|SyJ  in  the  late  stage.  If  the  Cu 

content  is  less  than  50  at%,  5^^  is  once  raised,  and  then  slightly  attenuated  by  evolution  of  5p(|. 
The  kinetic  behavior  is  explained  in  terms  of  the  interatomic  potentials  and  the  diffusive 
mobilities  of  atoms. 
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I.  IntrodBctioD 


Kinetics  of  oideting  tiaiisfomiatioos  in  alloys  has  been  attracting  a  great  deal  of  attention 
with  scientific  and  technological  interests  [1].  Many  papeis  have  been  published  on  thK  problem 
so  far  [2-4].  Yet  the  investigations  have  laigely  been  confined  to  binary  systems,  although  most 
systems  of  technological  interest  consist  of  more  than  two  components.  We,  of  course,  know 
that  many  studies  have  been  conducted  on  ordering  in  ternary  or  multi-component  alloys.  But, 
the  quantitative  understanding  is  quite  poor,  parhaps  owing  to  the  limitations  of  conventional 
£&action  techniques  of  X  rays,  electrons  at  neutnms  in  determining  quantities  with  respect  to 
the  atomic  configuration,  or  order  parametms,  in  ternary  or  multinary  ordering  alloys. 

The  long-range  ordering  in  a  crystalline  alloy  removes  certain  symmetry-elements  from  the 
symmetry  group  of  the  fundamental  lattice  [2,3].  If  the  number  of  componmts  of  the  alloy  is  i>, 
every  removed  symmetry-element  yields  n-l  long-range  order  (URO)  parameters  diaracterizing 
the  degree  of  order.  It  follows  that  the  structure  factor  of  a  superiattice  reflection  must  be  given 
as  a  function  of  then-1  LRO  parameters.  In  the  binary  case  where n=2,  one  LRO  parameter  is 
involved  in  the  structure  factor,  and  is  determined  expUdtly  from  the  diffracted  intensity.  The 
time-evolution  of  long-range  order  in  a  binary  alloy  is  examined  quantitatively  through 
diffraction  experiments.  In  contrast,  the  diffraction  method  cannot  extract  more  than  rme  LRO 
parameter  from  a  ternary  or  multinary  alloy  withn>2  unless  the  scattering  factors  or  the 
scattering  lengths  of  elements  are  varied.  Anomalous  x-ray  scattering  near  absorption  edges  or 
neutron  scattering  with  isotopic  substitution  is  usually  employed  to  vary  the  scattering  power  [S- 
7].  The  plural  LRO  parameters  for  n>2  are  evaluated  from  a  set  of  diffraction  profiles  as  a 
fiinction  of  xHtay  wavelength  or  isotope  content.  These  techniques  are  elegant  in  principle,  but 
not  suitable  for  routine  woric,  since  huge  experimental  facilities  sudi  as  a  synchrotron  source  or 
an  atomic  reactor  are  required  in  most  of  the  cases.  Mhssbaucr  spectroscopy  has  been  employed 
in  the  study  of  ordered  atmn-configuration  in  sorrre  ternary  alloys  [8-10].  The  application  of  the 
latter  technique,  however,  must  be  restricted  to  irtm-  and  tin-base  alloys  in  practice. 

As  an  alternate  diffraction  technique  to  detomine  plural  LRO  parameters  in  multi-componertt 
alloys,  the  present  authors  [11]  have  recently  proposed  to  utilize  the  intersecting  Kikuchi-line 
(IKL)  method  [12]  and  the  channeling  enhanced  x-ray  microanalysis  (ALCHEMI)  [13]  in  the 
transmission  electron  microsoopy.  The  new  technique,  which  we  call  KL-ALCHEMI,  offers 
possibilities  for  routine  analyses  of  multi-component  ordered  alloys  at  typical  laboratories, 
because  a  transmission  electron  microscope  equipped  with  an  EDX  spectrometer  is  used  as  the 
experimental  apparatus.  There  exists,  in  principle,  no  limitation  of  the  land  and  the  number  of 
components. 

Kinetics  of  ordering  in  alloys  containing  more  than  two  components  is  particularly 
cfaallei^ng,  as  an  apfdicatkm  of  tins  new  techmque.  If  an  LRO  jduse  is  being  developed  from  a 
disordered  state  in  a  multi-component  alloy,  an  interesting  questimi  arises:  "How  the  alloy  gets 
toward  the  equilibrium  state  of  LRO  in  then-1  dimensional  space  spanned  by  LRO 
parameters?”.  The  course  on  which  the  alloy  passes  is  called  as  *transformation  path*  or 
Idnetic  path".  Fultz,  etoL  recently  studied  the  path  problem  fr>rB2-type  ordering  in  an  FeCo- 
Mo  alloy  by  MOssbauer  spectroscopy  [10].  To  the  authors'  best  knowledge,  their  result  is,  at 
pieseiu,  an  unique  exanqile  of  the  path  of  mdering  determined  aqxrimentally. 

This  papm  repmts  our  recent  results  (rfIKL-ALCHEMI  study  on  the  kinetics  of  ordering  in 
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a  ternary  system.  Our  examples  are  CuAuPd  alloys,  which  form  the  Llo-type  structure  with 
two-equivalent  sublatticcs,  as  illustrated  in  Fig.  1.  In  this  work,  our  attention  is  focused  mainly 
cm  the  kinetic  behavior  as  a  function  of  alloy-composition.  In  the  following,  we  will  review  the 
principles  of  IKL-ALCHEMl,  and  dien  present  the  experimental  results. 
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Figure  1  -LIq  ordered  structure  and  the  (110)  projection.  Dosed  and  open  circles 
refer  to  a  and  0  sublattices,  respectively. 

n.  IKL-ALCHEMl 


The  occupation  fsobabilities  of  Cu,  Au  w  Pd  on  the  two  sublattices  denoted  by  a  and  P  are 
assumed  to  be 


r^a  or  P)  =  x,(l±5i),  (‘*Cu,  Au  or  PdJ,  (1) 

whereXj  and  Sj  ate  the  atomic  fraction  and  Uk  UlO  parameter  of  element  i,  respectively.  The 
LRO  parametersSj  ate  variable  between  *1  and  tl.  If  5,ss;l,  i-atoms  ate  located  only  on  <me  of 
the  two  sublattices,  while  5,=0  characterizes  equality  in  occupation  on  the  two.  Note  that  the 
number  of  independent  variables  included  in  eq.  (1)  is  two  for  the  ternary  case  at  a  given 
composition,  owing  to  the  conservation  law, 

^x,5,-a  (2) 

The  structure  factor  of  a  superlattke  reflection  g  is  given  as 

(3) 

where  fi(g)  and  TjOg)  are  the  atomic  scattering  factors  of  the  elements  and  their  tenqrerature 
factors,  respectively. 

If  electrons  are  ffliimhatedonan  area  of  a  specimen  m  a  transmission  electron  microscope, 
characteristic  X  rays  are  onitted  from  the  constituent  atoms.  TheintensityofX  rays  from  an 
eiemeiiti  is  given  by 
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(4) 


Here,  A,-  is  the  coefficient  of  flu(»esceiit  yield  fnnn  the  eiemoit  i,  /(a)  and  /(P)  are  the  mean  flux 
of  elections  at  a  and  P  sites,  respectively.  In  ALCHEMI  (13,14],  we  measure  relative  change  in 
Ni's  between  two  different  conditions  of  electron  diffraction.  One  of  the  two  conditions  is  of 
dynamical  exdtation  of  a  low-order  superlattice  leflectHm  with  a  slight  deviation  from  the  exact 
Bragg  position,  and  the  other  is  a  quasi-ldnematical  condition  where  no  low-order  reflections  are 
strongly  excited.  The  fniner  ccmdition  makes  i(a)  and  l(fi)  diffoent  from  each  other,  while  the 
latter  one  almost  equalizes  them.  Hoice,  Ar,-'s  depend  on  the  diffraction  condition.  LetlV^f*and 
Ni^  be  x-ray  counts  under  the  dynamical  and  the  quasi-kincmatical  conditions,  respectively.  The 
proportion  of IV,*  relative  tolVj**  is  denoted  asi?i(=lVi*/!IV,'*).  If  one  obtains  Xt's  from  an 
ALCHEMI  pair  of  EDX  spectra,  the  rrkios  of  Si's  to  S;  are  determined  to  be 
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Using  P(i,J)  thus  determined  by  ALCHEMI,  we  rewrite  eq.  (3)  as 


(5) 


F(g)  -  ^  V,(g)  TXg)  X,  I\iJ)}S, .  (6) 

In  eq.(6),  Sj  is  an  unique  unknown  parameter  which  can  be  evaluated  by  the  diffraction 
experiment  measuring  the  structure  factor  [13,16],  e.g.  the  IKL  method.  A  Kikuchi  or  Kossel 
line  of  a  high-order  reflection  splits  into  two  segments  when  the  line  crosses  a  strong  Kikuchi 
band  of  a  low-order  reflection  [12,16].  The  separation  between  the  two  segments  is  directly 
proportional  to  the  distance  between  two  branches  of  the  .  persion  surface  causing  the  strong 
band,  that  is  to  say,  it  is  proportional  to  the  structure  factor  of  the  low-order  reflection.  If  we 
measure  the  separation  due  to  a  low-order  superlattice  reflectiong,  the  value  of  P(g)  or  Sj  is 
determined  from  the  sepaiatirm  through  analyzing  the  many-beam  dynamical  election  diffiaction. 
Thus  all  LRO  parameters  and  the  occupation  probabilities  of  atoms  rm  the  sublattices  given  in 
eq.(l)  are  specified  by  the  oranbination  of  IKL  and  ALCTIEMI  techniques. 

III.  ExperimeoUl  Procednre 


Four  ingots  of  varying  composition  in  the  CuAuPd  ternary  system  were  prepared  in  an 
argon  atmosphere  in  a  high-frequency  induction  furnace.  The  compositions  of  the  alloys  are 
listed  in  Table  L  and  plotted  in  the  isothermal  section  of  phase  diagram  at  573  K  [17],  as  shown 
in  Fig.  2.  The  ingots  were  aimealed  at  873  K,  quenched  in  iced  brine,  and  then  rolled  into 
sheets.  The  sheets  were  kept  at  873  K  for  1.8  ks  to  remove  strain  and  to  obtain/ccdistmlered 
solid  solutions,  and  were  then  annealed  at  573  K  in  theLlg  field  for  various  durations.  The 
annealed  specimens  were  electiochetnicaliy  thinned  to  electron  tianqraiency  by  twin-jet  polishing 
in  a  solution  of  35  g  of  C^2^>  tol  of  CH3COOH  aiu]  100  ml  of  distilled  water  at  room 
temperature.  The  electron  microscope  used  was  a  JEOL  JEM-2000FX  with  an  EDX 
qrectrometa  at  the  HVEM  Labcxatoiy,  Kyushu  Univmaity.  The  specanens  wme  corded  down 
to  about  100  K  Illiquid  nitrogen  in  the  mkroscope.  In  ALCHHMl,  the  accelerating  voltage 
was  set  to  160  kV,  and  EDX  spectra  were  recorded  under  dynamical  excitation  of  the  (110) 
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supeilattice  reflection  and  under  a  quasi-kinematical  condition.  In  the  IKL  experiments,  the 
acceleration  voltage  was  raised  up  to  200  kV,  and  electrons  were  illuminated  with  sufficient 
convergence.  The  specimens  were  oriented  so  that  (646)  and  (647)  reflectkms  simultaneously 
satisfied  the  exact  Bragg  condition.  Under  the  above  condition,  Kikuchi-lines  of  the  (646)  and 
(647)  reflections  intersect  with  the  (001)  band  within  their  CBED  disks,  flitting  into  segments. 
We  measured  the  sqraration  between  the  segments  of  the  (646)  reflection. 

In  the  simulation  of  many-beam  dynamical  diffraction  for  analysis  of  the  separation,  75 
reflections,  which  are  shown  in  Fig.  3  in  a  previous  paper  [11],  were  taken  into  account.  The 
parameters  used  were  obtained  as  explained  in  the  previous  paper. 


Table  1  Compositions  of  the  specimens 


XCu 

fat%1 

*Au 

rat%i 

Xpd 

rat%1 

a 

50 

25 

25 

b 

50 

35 

15 

c 

45 

30 

25 

d 

45 

40 

15 

PU 


Figure  2  -  Isothermal  sections  of  the  phase 
diagram  of  CuAuPd  at  573  K.  Qosed 
circles  a,b,c  and  d  indicate  compositiims  of 
the  specimens. 


IV.  Rcsalts  and  Discussion 


Final  states  hi  thermal  equilibrium 

Figure  3  shows  an  example  of  ALCHEMl  pair  of  EDX  spectra  taken  from  Cu;oAu2sPd2s 
annealed  at  573  K  for  604.8  ks.  The  specimen  is  believed  to  have  almost  established  thermal 
equilibrium.  The  full  scale  of  the  spectra  is  normalized  to  the  Cu(iCa)  integrated  intensity.  It  is 
seen  in  the  ALCHEMl  pair  that  the  dynamical  condition  with  a  positivesno  attenuates  the 
agnals  from  Au  and  Pd.  Here,  sno  denotes  the  excitation  error  of  (110)  supnlattice  reflection, 
and  the  positive  value  expresses  the  redprocal  pemt  of  (110)  reflection  set  inside  the  Ewald 
sphere.  The  values  of/lA]^-706,/iNs0.717  and  Rqi^I  for  the  ALCHEMl  pair  in  Fig.  3  give 
/XCu,Au)=-0.963  and  /XPd,Au)=0.926,  following  eq.(5).  Similar  ALCHEMl  pairs  were 
obtained  from  different  regions  in  the  sanae  specimen,  mid  the  most  jnobabie  values  of /\Co,Au) 
and  FI(Fd,Au)  were  determined.  Table  H  sununarizes  the  values  thus  determined.  The  negative 
values  of  iXCu,Au)  characterize  the  anti-site  correlation  between  Cu  and  Au.  In  contrast, 
takes  positive  values,  indicating  that  Au  and  Pd  atoms  tend  to  share  the  same 
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suUattice.  The  absolute  values  of  the  two  parameters  almost  attain  unity  in  the  alloys  containing 
^  at%Cu,  while  they  exceed  unity  in  the  alloys  with  Cu  content  less  than  SO  at%.  The  LRO 
parameters  are  expected  to  be  ^  former  cases,  and 

latter  ones. 


Figure  3  •  ALCHEMI  pair  of  EDX  spectra  obtained  from  Cu5oAu25Pd2s  annealed 
at  573  K  for  604J  ks.  (a)  dynamical  condition  withS]io>0,  (b)  Idnematical  condition. 
The  Cu(Xa)  intensity  is  equalized  between  (a)  and  (b). 

Table  II  Fatamc(ets/Xw)bi  the  equilibrium  states 


CuioAuzsPdij 

CusoAujsPdis 

Cu4sAu«nP(b.^ 

Cu43Au(nPdi3 

F(Cu,Au) 

-1.05±0.05 

-I.05e0.05 

-1.49!t0.21 

-1.31*0.17 

P(PdAu) 

1.11±0.09 

1.16±0.15 

1.48±0.37 

1.27*0.51 

Figure  4  shows  a  CBED  pattern  ofQi5oAu2sPd23  equilibrated  by  aging  for  604.8  ks. 
Here,  a  pair  of  white  arrows  indicate  the  separation  of  (646)  Kikuchi>line  due  to  dynamical 
di£Cractionofg=001.  The  splitting  distances  of  equibhrated  alloys  are  l»ted  in  Table  III.  The 
separation  expands  with  increase  in  Au  content  at  a  given  Cu  content,  while  it  narrows  with 
deviation  of  Cu  content  from  SO  at%  at  a  constantxn.  The  composititm  dependence  of  the 
separation  seems  tcastmable,  since  the  separation  is,  in  principle,  proportional  to  die  structure 
factor  of  the  (001)  superlattioe  reflection. 

Table  IV  gives  Ok  oocnpatioo  probabilMes  of  Cu,  Au  and  Pd  oh  the  two  suMattkes  as  well 
as  the  LRO  parametets  in  every  specimen  alloys  with  thermal  equilibrium  at  S73  K,  which  have 
been  determined  through  the  combination  edIKL  and  ALCHEMI.  The  occupatkm  probaMlities 
Pf  have  been  obtained  with  accuracy  about  2  at%.  Intiiedloy8withSOat%Cu,mostof  Auand 
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Figure  4  -  C8ED  pattern  of  Cu5oAu25P(bs  annealed  at  573  K  for  604.8  ks. 

Whole  patton  (u[^)er}  and  enlarged  one  (lower).  White  arrows 
indicate  the  splitting  of  (646)  Kikuchi-line  due  to  (001)  reflection. 


Table  ID  Separation  of  (646)  Kikuchi-line  in  the  equilibiiuin  states  [nm'^] 


CU5oAU25Pd2S  CU5oAU3sPdl5  Ql45AU3oPdz5  Ol45AU4oPd]5 
0.384*0.005  0.486±0.00S  0.37S>±0.005  0.452*0.005 


Pd  atoms  reside  ona  sites,  while  most  of  Cu  atoms  are  located  on  p.  The  LRO  parameters  of 
the  three  elements  achieve  almost  unity  in  the  absolute  value.  Hence,  the  compositions 
Cu5o(Au].j>P<^)50  can  be  regarded  as  stoichiometric  forLlo  ordering.  If  we  assume  the 
pairwise  interactions  between  the  first  nearest  neighboring  atoms,  Vtf,  to  be  responsible  fin  the 
finmatimi  of  £lo  type  l(mg>range  order,  the  results  fin  the  stoichiometric  alloys  suggest  that 
PqiAb  aixl  ^QM  OK  effective  to  tile  finmation,  but  FyyM  is  not  so  significant  In  the  alloys  witii 
(sAn+XN^sOilS,  the  LRO  parameter  of  Au  reduces  considerably,  while  Sca  and  5^  remain 


high.  These  nonstoichiometric  alloys  omtain  S  at%  of  excess  Au  and  Pd  atoms.  Of  the  excess 
atoms,  Au  atoms  are  preferentially  forced  from  a  to  P  sites.  Most  Pd  atoms  remain  on  their 
preferential  a  sites,  even  in  the  nonstoichiometric  case.  Therefore,  we  conclude  that  the 
pairwise  interactions  should  beKofa>KQ,Aii>^AuN  ouf  specimens  of  CuAuPd.  This 
inequality  of  the  pairwise  interacti<ms  holds  in  dilute  Pd  alloys  [11,18].  We  have  examined  the 
equilibrium  states  of  Icmg-range  order  over  a  mme  broad  range  (rf  compositiem  in  the  L  Ip  phase 
field  seen  in  Fig.  2.  From  the  results  compared  with  the  predictions  by  the  cluster  variation 
method  [19]  with  a  simple  tetrahedron  approximation  [2,20],  we  have  evaluated  the  interactions 
to  be  KQjy=1200  K,  ^0^=663  K  and  FW=400  K  [18]. 


Table  TV  Equilibrium  states  (rfLlp  long-range  order 


/}(a)[at%l 

/'iO)[at%l 

Cu 

1.6±2.0 

98.4*2.0 

-0.97*0.04 

CU5oAU25Pd25 

Au 

48.0±2.0 

2.0*2.0 

0.92*0.08 

Pd 

S0.4±2.0 

-0.4*2.0 

1.02*0.08 

Cu 

-1.01:1.8 

101.0*1.8 

-1.02*0.04 

CujoAussPdis 

Au 

69.2±1.8 

0.8*1.8 

0.97*0.05 

Pd 

31.8±1.8 

•1.8lt:1.8 

1.12*0.12 

Cu 

3.4±2.6 

86.6*2.6 

-0.92*0.05 

CU45AU3oPd25 

Au 

48.6^2.6 

11.4*2.6 

0.62*0.08 

Pd 

48.0*2.6 

2.0*2.6 

0.92*0.10 

Cu 

3.2*3.2 

86.8*3.2 

-0.93*0.07 

CU45AU4oPdi5 

Au 

68.4*3.2 

11.6*3.2 

0.71*0.08 

Pd 

28.4*3.2 

1.6*3.2 

0.90*0.21 

Figure  5  -  Change  in  the  values  of  during  ordering  process  in  Cu5oAu25Pd25. 
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The  transient  states  in  the  processes  of  Tlo  ordering  at  S73  K  have  been  examined  through 
the  same  fsocedure  of  DCL-ALCHEMI  explained  above.  Figure  5  shows  changes  in  the  values 
of  Ft  in  Cu5oAu25Pd2s  during  the  fnocess.  The  probabilities  finding  (Cu  on  P),  (Au  on  a)  and 
(Pd  on  a)  continuously  increases  with  annealing,  while  the  anti-site  atoms  disappear.  This 
simply  indicates  the  development  ofLlo-type  long-range  order  in  the  alloy. 

Figure  6  gives  the  LRO  parameteis  in  the  alloys  of  (xAa+xpd)=O.S  as  a  function  of  annealmg 
dme.  The  absolute  values  of  Scu,  Sf^  continuously  increases  with  annealing  time  in  the 

stoichiometric  alloys,  as  shown  in  Fig.  6.  In  the  early  stage,  the  magnitude  of  the  LRO 
parameters  are  in  order  of  [SAiJ>|ScJ>|Sp(j,  but  the  inequality  almost  vanishes  or  changes  into  a 
weak  one  where  lSpti|>|Scul>|SAj  io  tlK  late  stage.  Figure  6  cleariy  reveals  that  the  ordering  rates 
are  different  among  the  three  elements.  The  ordering  rate  of  an  element  is  considered  to  be 
proportional  to  product  of  the  diffusive  mobility  and  the  driving  force  coming  from  the  free 
energy  [2,21].  The  latter  factor  gives  Pd  atoms  predominance  in  the  ordering  rate  in  the  early 
stage,  because  the  interaction  parameter  pQiPd  stronger  than  Fc^.  However,  the  magnitude 
of  Sfi  increases  more  slowly  than  Sca  and  as  shown  m  Fig.  6.  This  result  suggests  that  the 
diffusive  mobility  of  Pd  is  significantly  lower  tlran  those  of  Cu  and  Au  in  these  alloys. 


onneoling  timt/kt  onneoling  timt/fcs 


Figure  6  -  LRO  parametersSj  as  a  function  of  annealing  time. 
(a)CU5oAU25P([^5,  (b)CU5oAU35Pd]5. 

Figure  7  shows  variation  of  the  LRO  parameters  during  annealing  in  the  alloys  of 
(xau+X]>u)=0.SS.  The  values  of  Sqo  and  Spy  gradually  increase  with  time  in  both  of  the  alloys. 
In  contrast,  the  parameter  decreases  with  annealing.  Since  Cu  and  Au  atoms  are  more 
mobile  than  Pd  atoms,  the  ordering  reaction  between  Cu  and  Au  would  precede  the  ordering 
between  Cu  and  Pd.  The  magnitude  of  Sq,  and  Sao  would  be  i^idly  enhanced  in  the  earlier 
stage,  at  which  the  ordered  domains  are  too  small  to  measure  the  LRO  parameters  by  the  present 
method.  In  the  followirtg  intermediate  or  late  stage,  the  ordering  between  Cu  and  Pd  becomes 
significant  and  inaeases5oi  and  Sn  with  time  as  shown  in  Fig.  7.  As  the  sum  total  of  Pd  and 
Au  atoms  outrmmbersa-sublattice  sites  and  Fq^  is  larger  than  Fq,a»  subsequent  rndering 
reaction  between  Ou  and  Pd  ittvolves  partial  removal  of  Au  atoms  fioma  to  P  sites.  The  LRO 
parameterSAn  therefore  decreases  sli(^y  with  the  evolution  of  order  between  Cu  and  Pd  atoms, 


as  can  be  seen  in  Fig.  7. 

Tlie  change  in  /}  during  the  ordering  process  plotted  in  the  Gibbs  triangle  gives  the  kinetic 
path.  In  Fig.  8,  the  paths  for  the  alloys  with  25  at%Pd  are  demonstrated.  In  the  initial  states  of 
disordered  phase,  the  values  of  /]  for  the  two  sublattices  are  degenerate  into  the  alloy 
composition  indicated  by  closed  symbol.  As  the  ordering  proceeds,  tind  /}(P)  move 
toward  the  Au-Pd  rich  and  the  Cu-rich  sides  in  the  triangle,  respectively.  In  the  early  stage,  the 
ordering  reaction  between  Cu  and  Au  atoms  occurs  dominantly,  the  paths  being  nearly  parallel  to 
the  edge  between  Cu  and  Au  comets.  The  subsequent  ordering  between  Cu  and  Pd  bends  the 
paths  in  the  intermediate  or  late  stage.  The  difference  in  the  ordering  rate  mentioned  is 
responsible  for  the  kinetic  paths  curved  in  the  shape  of  inverse  "S”. 

We  are  now  simulating  the  kinetic  behaviors  ofLlo  ordering,  using  the  master  equation 
approach  developed  by  Fultz  [22].  The  preliminary  calculation  has  supported  the  conclusions 
drawn  here. 


Figure  7  -  LRO  parameters  5', •  as  a  function  of  annealing  time. 
(a)Cu4jAu3oPd2j,  (b)Cu4jAu4oPd25. 


Figure  8  -  Kinetic  paths  ofLlo  ordering  in  Cii;oAii25pd23(a)  and  Cu45Aii3oPd25(b). 
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IV.  CoocindiDg  Remarks 


In  this  paper,  we  have  reported  an  application  of  the  combination  of  IKL  and  ALCHEMI 
techniques  to  study  of  kinetic  behavior  ofZ,lo  ordering  in  CuAuPd  ternary  alloys  at  a 
temperature  of  S73  K.  The  time-evolution  ofZ,lo-type  long-range  order  has  been  examined  in 
the  light  of  change  in  the  occupation  probabilities  of  the  three  elements  on  the  tr^'o  sublattices, 
/^'(a  or  ^),  as  well  as  change  in  the  long-range  order  parameters,  In  the  ZIq  ordered 
structure,  atoms  of  Au  and  Pd  have  a  tendency  to  share  the  same  sublattice,  while  Cu  atoms 
prefer  the  other  one.  The  long-range  ordering  is  explained  in  principle  by  pairing  interactions  of 
Cu  atoms  with  Au  or  Pd  ones  in  the  first  nearest  neighbors.  In  a  case  of  Cuo.s(Aui.yP(^)o.5, 
the  absolute  values  of  S,-  for  the  three  elements  rise  monotonically  with  annealing  time.  The 
magnitudes  of  the  three  5j's  are  in  order  |SA)J>|SciJ>|SFdl  in  the  early  stage,  but  the  inequality 
changes  into  in  the  late  stage.  When  the  sum  total  of  Au  and  Pd  contents 

exceeds  SO  at%,  Scu  and  Spd  increase  with  annealing  in  a  similar  way  as  in  the  case  of 
(xAa-KC]vi}=O.S,  but  5au  tises  and  then  slightly  decreases  after  reaching  a  maximum.  In  such  a 
r»nstoichiometriccase,  the  final  state  contains  a  considerable  number  of  anti-site  atoms  of  Au. 
The  kinetic  behaviors  ofLlo  ordering  in  CuAuPd  are  explained  in  terms  of  the  pairwise 
interactions  as 

^Qi!>d>^'cuAu>^'AuPa.  (7) 

and  the  diffusive  mobilities />,■  as 

DAuiOc^Dfi.  (8) 

The  change  in  T  during  the  ordering  processes  draws  kinetic  paths  curved  in  the  shape  of  an 
inverse  "S"  in  the  Gibbs  triangle. 

The  present  results  have  clearly  proven  the  IKL-ALCHEMI  method  to  be  useful  in  studying 
kinetics  of  ordering  in  multi-component  alloys.  Ths  technique  can  be  used  as  routine  wotir  at  aL 
average-size  laboratory,  and  is  applicable  to  heterogeneous  or  decomposed  alloys.  One  can,  of 
course,  obtain  simultaneously  informations  on  the  microstructure  by  the  usual  imaging  or 
di^action  mode  of  transmission  electron  mimoscopy.  We  believe  that  IKL-ALCHEMI  will 
stimulate  much  experimental  study  of  multi-cmnponent  ordering  alloys. 
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Appendix:  Note  on  limitation  of  IKL-ALCHEMI 

It  should  be  noted  that  IKL-ALCHEMI  does  not  bring  in  any  direct  informations  with  regard 
to  pair-correlations  of  atoms.  In  n-component  systems,  the  pair-correlation  functions  are  defined 
by  n(n-l)/2  independent  variables  [23],  or  Wallen-Cowley  parameters,  while  eq.  (1)  is  given 
with  n-1  independent  variables  of  the  LRO  parameters.  The  numbers  of  independent  variables  in 
both  functions  are  equal  to  each  other  in  a  binary  case,  but  they  become  different  if  n>2.  When 
/t=3,  the  former  and  the  latter  functions  include  three  and  two  independent  variables, 
respectively.  If  the  present  study  concerned  the  alloys  of  (eA„+A:pd)=0.55  only,  one  could  not 
judge  which  of  the  following  situations  is  responsible  for  the  selective  removal  of  Au  atoms  to 
anti-sites:  L'QiP<i>^'oiAn>^'AuPd  and  I^oiPdi  ^'auW^^'QiAu-  We  have  concluded,  from  comparing 
the  stable  configurations  of  atoms  when  (tA„-Upd)=0.5  and  0.55,  that  the  former  situation,  or 
eq.  (7),  is  the  case.  The  x-ray  difriaction  technique  with  anomalous  scattering  near  absorption 
edges  is  preferable  if  one  wishes  to  measure  directly  pair-coirelations  in  a  multi-component  alloy 
of  a  given  composition  [7]. 
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Local  atomic  arrangements  in  Hgo.soCdo.so'f'e  were  investigated  by  measuring  the  diffuse 
x-ray  scattering  at  two  different  energies  near  the  Hg  L///  absorption  edge  to  yield  intensity 
due  only  to  Hg-Hg,  Hg-Te,  and  Hg-Cd  pair  interactions.  The  data  were  separated  into  short 
range  order  and  displacement  intensities.  Simulation  revealed  ordered  regions  with  3:1  Hg- 
Cd  near  neighbor  configurations.  The  Hg-Te  length  is  contracted.  Similar  measurements 
were  made  near  the  Mn  K  edge  in  Cdo.725Mno.275'I'e,  showing  potential  problems  in  the 
measurement  of  the  diffuse  x-ray  intensity  using  anomalous  dispersion  techniques. 
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I.  Introduction 


The  state  of  local  order  and  strain  in  the  pseudobinary  zincblende  semiconductors 
(Ai-.B.C)  is  known  to  affect  electronic  band  structure  and  electronic  properties  such  as 
carrier  mobility  [1-3].  However,  only  a  limited  number  of  studies  have  been  performed 
on  the  state  of  local  order  and  strain  in  these  systems.  Gai-zInaAs  [4],  Cdi_xZn,Te  [5], 
and  Cdi_,Mn,Te  [6]  show  that  the  A-C  and  B-C  bond  lengths  are  relatively  constant 
throughout  the  entire  composition  range  despite  the  change  in  lattice  parameter.  Recent 
EXAFS  studies  on  Hgi-.Cd.Te  [7]  also  suggest  this  trend  while  previous  EXAFS  studies 
[8]  led  to  inconclusive  results  or  to  suggestions  that  the  near  neighbor  bond  lengths  are 
bimodal  [9].  The  A- A,  A-B,  and  B-B  distances  in  the  studied  systems  are  reported  as 
being  equal  to  those  calculated  from  the  average  lattice  parameter  of  the  allay.  However, 
standing  wave  measurements  on  Cdo.Tjshfng^sTe  [10]  suggest  the  opposite  effect:  the  A-A, 
B-B,  and  A-B  distances  are  unequal.  Studies  on  the  state  of  local  order  are  also  conflicting. 
Previous  x-ray  diSuse  scattering  studies  [11-13]  as  well  as  electroreflectance  measurements 
in  Hgi_zCdaTe  [14]  suggest  Cd  clustering,  while  Raman  studies  [15]  and  NMR  studies  [16, 
17]  suggest  that  a  Hg:Cd  3:1  cluster  uound  each  Te  atom  is  favored.  This  arrangement  is 
incentive  of  local  ordering  rather  than  clustering.  This  study  is  motivated  to  resolve  some 
of  these  discrepancies. 


II.  Experimental 

The  diffuse  x-ray  scattering  is  sensitive  to  the  difference  between  the  actual  crystal  and 
the  average  crystal  described  by  the  Bragg  peaks.  Consequently,  local  interatomic  strains 
as  well  as  local  ordering  and  clustering  affect  the  shape  and  intensity  of  the  diffuse  x-ray 
scattering.  Borie  and  Sparks[18]  as  well  as  Georgopoulos  and  Cohen[19]  have  proposed 
methods  for  extracting  real  space  information  from  the  diffuse  scattering  by  expanding 
the  kinematic  scattering  equation  out  to  second  order  in  displacements  and  measuring 
the  diffuse  scattering  in  a  volume  of  the  crystal’s  reciprocal  space.  Quintana  [20]  has 
extended  this  formalism  for  pseudobinaiy  zincblende  F43Tn  structures  with  the  result  that 
the  diffuse  scattering  at  each  point  in  reciprocal  space  is  a  sum  of  seventy  linear  terms 
involving  the  short  range  order  pareimeters  and  moments  of  the  interatomic  displacement 
distribution.  The  coefficients  of  these  terms  involve  the  atomic  scattering  factors  as  well 
as  the  reciprocsJ  space  coordinates  where  the  data  are  taken.  By  taking  data  at  symmetry 
related  points  in  reciprocal  space,  the  terms  involving  the  rerd  space  parameters  can,  in 
principle,  be  determined  by  a  least  squares  technique  since  the  scattering  factors  and 
reciprocal  space  coordinates  are  known  [21].  The  number  of  equations  can  be  reduced  in 
such  an  experiment  by  performing  two  experiments  close  to  an  absorption  edge  of  one  of 
the  atoms  on  the  mixed  FCC  sublattice  [20,  22].  When  the  data  are  converted  to  electron 
units,  the  intensity  resulting  from  the  difference  of  the  two  measurements  is  dependent 
only  on  terms  involving  the  atomic  species  that  corresponds  to  the  absorption  edge.  The 
number  of  remaining  terms  in  the  equation  depends  on  the  behavior  of  the  scattering 
factors  and  the  relative  magnitude  of  the  imaginary  parts  of  the  atomic  scattering  factors. 
Fifteen  terms  are  left  in  the  equation  for  Hgo.80Cdo.20Te  and  forty  seven  terms  are  left  for 
Cdo.TzjMno.oTsTe  [20]. 


A  15mm  diameter  n-type  single  crystal  of  Hgo.8oCdo.2o1^  purchased  from  Cominco 
Ltd.  (Trail,  British  Columbia).  Two  measurements  of  the  diffuse  x-ray  scattering  in  a 
volume  of  reciprocal  space  were  performed  on  the  MATRIX  Beamline  X18A  at  the  Na¬ 
tional  Synchrotron  Light  Source,  Brookhaven  National  Laboratory.  One  measurement  of 
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Figure  1;  Plot  of  the  difference  x-ray  diffuse  scattering  on  the  (hkO)  reciprocal  lattice 
plane  from  a  commercial  Hgo.8Cdo.2Te  single  crystal.  The  difference  is  taken  between 
measurements  at  12086  eV  and  12271  eV.  Contours  are  ereiy  50  e.u. 

the  x-ray  diffuse  scattering  was  performed  at  12271  eV,  near  the  Hg  Lm  edge,  and  a  sec¬ 
ond  measurement  performed  at  12086  eV.  The  diffuse  scattering  in  a  volume  of  reciprocal 
space  from  the  single  crystal  of  Cdo.726Mno.275TB  grown  by  U.  Debska  (used  in  Durbin’s 
standing  wave  study  [10])  was  measured  near  the  Mn  K  edge  at  6525  eV  and  also  at  6405 
eV.  Measurements  of  the  direct  beam  were  made  to  convert  the  measured  data  to  electron 
units.  All  measurements  were  made  at  room  temperature  at  a  spacing  of  Ah  =  0.2  in  re¬ 
ciprocal  space  with  the  sample  underneath  an  evacuated  Be  dome  to  minimize  background 
scattering.  The  data  were  collected  with  a  Si(Li)  solid  state  detector  and  corrected  for 
deadtime  [23].  In  the  Hgo.80Cdo.20Te  experiment,  the  Hg  La  and  Mn  Ko  resonant  Ra>- 
man  scattering  was  recorded  simultaneously  with  the  diffraction  data  so  that  the  Hg  Lft 
and  Mn  Kff  resonant  Raman  scattering  could  be  subtracted  from  the  Hgo.80Cdo.20Te  and 
Cdo.72sMno.278Te  data  sets  respectively.  The  real  and  imaginary  parts  of  the  Hg  and  Mn 
scattering  factor’s  in  the  vicinity  of  their  respective  edges  was  also  measured  [24]. 

III.  Results  and  Conclusion 


Figure  1  shows  the  difference  intensity  in  electron  units  between  the  measurements  at 
12271  eV  and  12086  eV  on  the  (hkO)  plane.  This  difference  intensity  is  due  only  to  Hg- 
Hg,  Hg-Cd  and  Hg-Te  interactions.  The  intensity  was  corrected  for  second  order  thermal 
diffuse  scattering  and  separated  using  unbiased  linear  least  squares  techniques  to  yield 
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the  Wairen-Cowley  short  range  order  parameters  as  well  as  the  local  displacements  [25]. 
Only  four  short  range  order  parameters  and  the  first  three  intersnblattice  displacements  are 
significant  and  these  are  given  in  Thbles  I,  II,  and  m.  The  displacements  are  given  as  vector 
quantities  of  the  average  displacement  from  the  ideal  lattice  of  the  Hg-Te  and  Cd-Te  atom 
pairs  for  each  interatomic  vector  ri„n  (e  g-  <  ^£5,^'  >  <  ^fnl*  >  respectively). 

The  Cd-Te  displacements  can  not  be  determined  directly  since  the  difference  intensity 
only  contains  information  regarding  interactions  with  Hg.  However,  the  average  Cd-Te 
displacements  are  related  to  the  Hg-Te  displacements  through  [26]: 

>=  0  (1) 

which  comes  from  the  existence  of  the  average  lattice.  Here,  xcd  and  x^g  are  the  sublattice 
fractions  of  the  respective  components.  The  features  at  the  forbidden  Bragg  reflections  (e.g. 
(531)  and  (310))  ate  primarily  due  to  second  order  strain  effects  on  the  multicomponent 
sublattice. 


Table  I  Warren-Cowley  short  range  order  parameters  for  a  commercial 
Hgo.8Cdo.2Te  crystal. 


1 

m 

n 

0.00 

0.00 

0.00 

1.265 

(71) 

0.50 

0.50 

0.00 

-0.050 

(26) 

1.00 

0.00 

0.00 

0.118 

(35) 

2.00 

2.00 

0.00 

-0.043 

(25) 

Table  II  First  order  Hg-Te  displacements  in  a  commercial  Hg0.gCd0.2Te 
crystal.  Displacements  ate  in  IO^oq. 


(  m  n 

<  y  >lmn 

<  *  >lmn 

0.25  0.25  0.25 

-0.044  (4) 

-0.044  (4) 

-0.044  (4) 

0.75  0.75  0.25 

-0.021  (3) 

-0.021  (3) 

0.010  (5) 

-0.75  -0.75  -0.75 

0.016  (5) 

0.016  (5) 

0.016  (5) 

Table  III  First  order  Cd-Te  displacements  in  a  commercial  Hg0.gCd0.2Te 
crystal.  Displacements  ate  in  lO’oo- 


1  m  n 

<  *  >lmn 

<  y  >lmn 

^  ^  ^fm« 

0.25  0.25  0.25 

0.17  (2) 

0.17  (2) 

0.17  (2) 

0.75  0.75  0.25 

0.08  (1) 

0.08  (1) 

-0.04  (2) 

-0.75  -0.75  -0.75 

-0.06  (2) 

-0.06  (2) 

-0.06  (2) 
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Irbies  n  and  m  clearly  ahow  that  the  near-neighbor  Hg-Tb  and  Cd-Te  distances  are 
not  equal  to  the  average  distance  calculated  from  the  lattice  parameter.  This  effect  has 
been  found  in  other  pseudobinary  zincblende  systems  amenable  to  EXAFS  studies  [4,  6, 
7].  Based  on  this  other  work,  the  average  distance  of  the  Hg-Te  bond  is  expected  to  either 
remain  constant  or  increase  slightly  with  x  since  the  lattice  parameter  in  the  Hgi_.Cd,Te 
system  increases  with  x.  The  first  neighbor  Hg-Te  distance  corresponds  to  a  displacement 
which  is  less  than  the  near  neighbor  bond  distance  in  pure  flgTe  by  0.0015  A.  While 
this  may  seem  counterintuitive  based  on  the  trends  seen  in  these  EXAFS  studies,  a  less 
than  normal  Hg-Te  bond  distance  has  been  predicted  by  Sher  et.  al.  [28]  and  Hass  and 
Vanderbilt  [29]  and  is  thought  to  relate  to  chemical  forces  that  result  in  charge-transfer 
effects  between  Cd^'*^  and  Hg^'*'  ions.  Based  on  EXAFS  results,  Mayanovic  et.  al.  [7], 
suggest  that  the  Hg-Te  bond  distance  is  not  different  from  the  Hg-Te  distance  in  HgTe  and 
that  charge  transfer  does  not  occur  race  no  shift  is  noted  in  the  Hg  L///  edge.  Our  strain 
results  are  in  disagreement  with  the  extension  of  previous  EXAFS  results  to  this  system 
and  support  a  displacement  distribution  assuming  charge  transfer.  This  may  be  due  to  the 
differences  in  the  maimer  that  EXAFS  and  diffuse  scattering  average  the  strain.  EXAFS 
measures  the  average  radial  distance  where  diffuse  scattering,  bong  an  interference  effect, 
measures  the  vectorial  deviation  from  the  average  lattice.  (Also,  the  uncertainty  in  our 
measurements  is  10%  of  the  uncertainty  in  Mayanovic  et.  al.’s  study  [7].) 

Using  short  range  order  parameters  for  the  1/2(1 10], [100]  and  [220]  interatomic  vectors, 
the  local  order  on  the  Hg-Cd  snblattice  was  simulated  using  a  three  dimensional  131072 
atom  modeling  program  [27].  A  comparison  of  the  number  of  configurations  in  the  com¬ 
puter  model  along  with  the  expected  number  for  a  random  system  shows  that  there  is  a 
large  number  of  3:1  Hg-Cd  quadruplets  in  the  actual  alloy  as  compared  to  a  random  array 
in  support  of  the  Raman  scattering  study  of  Compaan  et.  al  [15].  Further  simulations 
were  performed  using  different  values  of  the  1/2[110],  [100]  and  [220]  short  range  order 
parameters  within  the  uncertainties  ^ven  in  Table  I.  In  all  cases,  the  number  of  3:1  Hg-Cd 
quadruplets  was  higher  than  that  for  a  random  alloy.  Farther  inspection  of  the  model 
revealed  that  the  3:1  Hg-Cd  ratio  appears  to  result  from  ordered  (100)  planes  siinilar  to 
CujAu  type  local  ordering  [25]. 

Figure  2  shows  the  difference  intenrity  between  the  measurements  at  6525  eV  and  6405 
eV  on  the  (hkO)  plane  in  electron  units.  This  difference  intensity  is  due  only  to  Mn-Mn, 
Mn-Cd  and  Mn-Te  interactions.  We  found  that  the  quality  of  the  difference  data  was 
substantially  less  than  the  quality  for  the  Hgo.MCdajo'T'B  experiment  and  no  conclusions 
could  be  drawn  from  the  data.  In  fact,  whereas  the  bulk  of  the  Hgo.8oCd«.2oTe  data  had  a 
standard  deviation  which  was  7%  to  10%  of  the  difference  intensity,  94%  of  the  difference 
data  for  Cdo.r26^i>o.276l^  lias  a  variance  which  is  at  least  25%  of  the  difference  intensity. 
As  noted  by  Quintana  [20],  different  components  of  the  diffuse  intensity  can  result  in 
either  a  positive  or  negative  contribution  depending  on  which  absorption  edge  is  chosen 
for  the  experiment.  For  example,  contributions  due  to  short  range  order  and  second  order 
displacements  on  the  multicomponent  sublattice  (e.g.  thermal  diffuse  scattering)  will  tend 
to  counteract  each  other  in  the  difference  pattern  when  the  experiment  is  performed  near 
the  atom  with  the  smaller  scattering  factor.  Since  the  Mn  scattering  factor  is  less  thmi  Cd, 
this  was  the  situation  in  this  case.  An  experiment  performed  near  the  Cd  K  (26719  eV) 
or  Cd  Liii  (3538  eV)  edges  may  have  pven  more  statistically  meaningful  data.  However, 
at  high  energies,  instrumental  considerations  reduce  the  available  experimental  resolution. 
At  low  energies,  the  radius  of  the  Ewald  sphere  limits  the  number  of  measurable  points. 
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Figure  2:  Plot  of  the  difference  x-ray  diffuse  scattering  on  the  (hkO)  reciprocal  lattice  plane 
from  a  Cdo.725Mno.27sTe  single  crystal.  The  difference  is  taken  between  measurements  at 
6405  eV  and  6525  eV.  Contours  are  every  50  e.u. 
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Formation  of  Periodic  Layered  Structures  in 
Ternary  Diffusion  Coupies 
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University  of  Wisconsin-Madison 
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Abstract 

Periodic  layered  structures  were  found  to  ftHin  in  numerous  ternary  diffusion  couples  of  the  type 
Bg<C/A  involving  a  displacement  type  of  reaction.  In  all  of  these  couples,  A  is  the  dominant 
diffusing  species  in  comparison  to  B  within  the  diffusion  zone,  whereas,  C  is  essentially 
immobile.  A  thermodynamic  argument  was  presented  to  rationalize  the  formation  of  the  periodic 
layered  structure.  The  mobilities  of  B  and  A  in  the  reaction  layers  are  the  most  important 
parameters  in  determining  the  relative  stability  of  the  simple  layaed  structure  versus  the  periodic 
layered  structure.  The  periodic  layered  structure  is  favored  if  the  moiety  of  B  is  substantially 
lower  than  that  of  A.  On  the  other  hand,  if  the  mobility  of  A  and  B  are  comparaUe,  the  simple 
layered  structure  is  fovored. 


OWtokm  k>  Oiltnd  Alton 
EdSod  by  B.  Ftiki,  a.W.  Crin,  wd  D.  CwM 
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I.  Introduction 


During  the  last  decade,  a  new  class  of  morphologies  exhibiting  a  periodic  layered  structure 
has  been  observed  in  some  ternary  diffusion  couples  involving  a  displacement  type  of  reaction 
such  as  in  Fe3Si/Zn  [1],  C02Si/Zn  [1,2],  SiC/Ni  [1,2],  CoNi/Mg  [3],  SiQPt  [4],  and  GaAsAI^o 
[3].  In  these  ternary  diffusion  couples,  two  reaction  product  phases,  BsC  and  ABs',  form 
between  the  two  end  phases,  Bg^C  and  A,  with  the  resulting  morphology  consisting  of 
alternating  layers,  BgC/ABg'/BgC/ABg*  ...,  perpendicular  to  the  diffusion  direction.  The 
subscripts  S,  S',  and  S"  are  stoichiometric  coefficients.  The  typical  thickness  of  each  altmiating 
layer  is  1-10  tun.  The  growth  of  the  total  reaction  layers  follows  the  parabolic  relationship  [1,2], 
indicating  diffusion-controlled  kinetics.  The  number  of  periodic  layers  increases  as  reaction 
proceeds  and,  in  some  cases,  the  number  of  layers  also  follows  the  parabolic  relationship  [1,2]. 

The  objectives  of  the  present  study  are  to  present  thennodynamic  arguments  to  rationalize  the 
formation  of  the  periodic  layered  structure  and  to  report  the  results  of  a  kinetic  analysis  on  the 
relative  stability  of  the  sirrqrle  layered  structure  versus  the  periodic  layered  structure  in  such 
ternary  diffusion  couples. 


IL  Thermodynamic  Analysis 


Fig.  1  shows  the  phase  diagram  of  a  hypothetical  tnnary  system  A-B-C  at  tempmture  T  and 
pressure  P.  The  A-B  binary  has  an  intermediate  compound,  AB,  the  B-C  binary  has  two 
intermediate  compounds,  B2C  and  BC2,  and  the  A-C  binary  does  not  have  any  intermediate 
compound.  The  ternary  diffuaon  couple  under  consideration  is  B2C/A,  as  indicated  a  dashed 
line  in  Fig.  1.  The  tnnary  phase  relationships  for  the  couples  Fe3Si/Zn,  Co2Si/Zn,  SiCTNi,  and 
SiCyPt  at  the  temperatures  where  experiments  were  perframed  are  similar  to  diose  shown  in  Rg. 
1 .  The  common  features  of  all  systems  studied  ate  the  con^xrnents  coneqronding  to  A  have  high 


Fig.  1  -  A  hypothetical  ternary 
phase  diagiam.  The  diffusion 
couple  under  consideration, 
B2CyA,  is  connected  by  a  dadied 
line. 
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Fig.  2  -  Sequence  of  the 
morphological  evolution 
for  the  diffusion  couple 
B2C/A  shown  in  Hg.  1.  (a) 
The  diffusion  couple 
B2C/A  at  time  =  0.  G>)  and 
(c)  TVo  possiUe 
arrangements  for  formation 
of  the  initial  double  layers. 
The  arrangement  in  (b)  is 
the  favored  one  for  the 
case  when  C  is  essoitiaUy 
immoMle.  (d)  Formation  of 
the  second  double  layers 
BC2/AB  at  some  time 
later,  (e)  Eventual 
formation  of  periodic 
layered  structure  in  the 
diffusion  couple  B2CyA 
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mobilities  in  the  diffusion  zone  and  the  con^tonents  cone^tonding  to  C  are  essentially  immobile. 


When  a  diffusion  couple  B2CyA  is  annealed  at  a  sufficiently  high  ten^erature,  reactions  wiU 
occur  at  the  interface  resulting  in  the  formadtHi  of  AB  and  BC2.  Two  layered  structures  are 
possible  as  shown  in  Rg.  2(b)  and  2(c).  They  are  B2C/BC2/AB/A  and  B2CyAB,'BC2/'A.  Under 
the  assun^tions  that  A  has  a  high  mobility  and  C  is  essentially  immobile,  the  structure  shown  in 
Fig.  2  (b),  B2C/BC2/AB/A  is  the  prefor^  one.  Rg.  2  (e)  shows  the  periodic  layered  structure 
observed  in  such  ternary  diffiision  couples. 

Since  the  driving  force  for  diffusion  is  the  chemical  potential  gradient  or  activity  gradient  of  a 
particular  component,  it  is  necessary  to  know  the  activities  of  this  component  in  the  various 
heterogeneous  mixtures.  The  stability  diagrams  in  terms  of  the  activity  of  A,  a^.  and  as  a 
function  of  n(3/(nB+nc),  where  n^  and  nc  denote  the  numbers  of  moles  of  B  ind  C, 
req>ectively,  are  shown  in  Figs.  3  and  4.  These  diagrams  can  be  calculated  from  a  knowledge  of 
the  Gibbs  energies  of  formation  of  the  compounds  AB,  BC2,  and  B2C.  Fig.  3  is  a  siiTq>lined 
version  of  Rg.  4,  where  some  ranges  of  homogeneity  are  allowed  for  all  the  intermediate  phases 
and  end  phases.  The  activity  of  A  is  important  in  the  presort  case  since  A  is  the  dominant 
diffusing  species  in  the  diffiision  zone. 

As  shown  in  Rgs.  3  and  4,  at  values  of  a^  higher  than  a  critical  value,  a^*,  B2C  is 
thermodynamically  unstable.  The  value  of  a^*  corresponds  to  the  activity  of  A  in  the  three-phase 
mixture  of  AB+B2C+BC2.  The  value  of  a/^*  can  be  determined  from  the  Gibbs  energies  of 
formation  of  AB,  B2C,  and  BC2  by  using  die  following  three  equations. 


Fig.  3  -  Stability  diagram  for  the  ternary  phase  diagram  in  Hg.l.  Contrary  to  Rg. 
phase  diagram  in  Rg.l.  3,  some  ranges  of  hmnogeneity  are 

allowed  for  all  the  intennediate  phases 
and  end  phases. 
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3A  +  2B2C  =  BC2  +  3AB, 

(1) 

AG®  =  3AG®ab  +  AG®bC2 ' 2  AG®b2C. 

(2) 

aA*  =  exp(AG®/3RT». 

(3) 

where  AG°ab  •  AG°BC2  ’  ^®°B2C  •  arc  Gibbs  energies  of  fonnation  for  AB,  BC2, 

and  B2C  and  the  Gibbs  enetgy  of  reaction  for  Eq.  (1).  respectively;  R  is  the  gas  constant 

It  is  evident  from  Figs.  3  and  4  that  the  B2C'4-BC2  two-phase  mixture  is  thermodynamically 
stable  only  in  the  region  of  0  <  aA<  aA*.  For  values  of  sa  ^  aA*.  the  AB  phase  will  form  at  the 
B2C^C2  interface  provided  nucleation  is  not  a  problem. 

Let  us  now  return  to  the  diffusion  couple  B2C/A.  As  shown  schematically  in  Hg.  2  (b),  the 
BC2- AB  double  layer  grows  by  diffusion  of  A  through  the  AB  layer  to  the  BC2/AB  interface  to 
react  with  B  dicing  from  the  B2CyBC2  interface.  The  reaction  at  BC2/AB  interface  is 


A  +  B  =  AB. 


(4) 


The  reaction  at  the  B2CyBC2  interface  is 

2B2C  =  BC2  +  3B.  (5) 

The  overall  reaction  is  equal  to  {  3  x  Eq.  (4)  +  Eq.  (5)  }  which  is  the  same  as  Eq.  (1).  The 
growth  firont  for  the  AB  phase  is  at  the  BC2/AB  interface  and  the  growth  front  for  BC2  phase  is 
at  the  B2C/BC2  interface. 

As  the  reaction  proceeds,  due  to  the  rapid  diffusion  of  A  over  that  of  B  within  the  diffusion 
zone  the  activity  of  A  at  the  B2C/BC2  interface  increases  with  time.  When  the  activity  of  A 
beccMTKS  greater  than  ba*,  the  B2C/BC2  int^tt^e  becomes  thermodynamically  unstable  (see 
Figs.  3  or  4).  At  a  critical  value  of  ua  >  aA*.  the  phase  AB  will  nucleate  and  grow  at  the 
B2C/BC2  interface.  This  in  turn  leads  to  a  depletion  of  B  at  the  surface  of  B2C.  This  depletion  of 
B  will  cause  the  nucleation  and  growth  of  BC2  betweoi  this  newly  formed  AB  layer  and  the  B2C 
layer.  At  this  stage,  there  are  two  BC2/AB  double  layers  between  B2C  and  A  as  shown  in  Fig. 

2(d).  After  the  formation  of  the  second  double  layer,  the  BC2  phase  m  the  first  double  layer  will 
stop  growing  since  no  supply  of  C  can  reach  tiie  first  double  layer.  The  second  double  layer 
grows  until  the  activity  of  A  at  the  B2C/BC2  interface  again  becomes  greater  than  Sa*.  The 
process  of  forming  another  double  layer  of  BC2/AB  repeats  itself,  resulting  in  the  fonnation  of 
poiodic  layered  structure  in  the  diffusion  zone  of  B2C7A  as  shown  in  Hg.  2(e). 

As  shown  in  Kg.  2(e),  when  A  diffuses  from  the  end  phase  A  to  the  other  end  phase  B2C, 
uphill  diffusion  of  A  in  terms  of  concentration  gradient  occurs.  However,  the  driving  force  for  t 

diffusion  of  A  is  its  chemical  potential  ( or  its  activity )  which  decreases  in  the  diffusion  couple  I 

B2CyA  from  the  end  phase  A  to  the  end  phase  B2C  5 
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The  above  thermodynamic  arguments  ate  not  limited  to  the  specific  type  of  phase  diagram 
shown  in  Fig.  1.  Let  us  take  another  example  when  there  is  one  intermediate  phase  of  equal 
atomic  composition  in  all  three  binaries  as  shown  in  Fig.  S.  Moreover,  the  three  intermediate 
phases  co-exist  with  one  another.  The  corresponding  stability  diagram  in  terms  of  a^  and  as  a 
function  of  n(y(nB-i-nc)  is  given  in  Fig.  6.  Only  the  simpliHed  stability  diagram  is  shown  here. 
In  this  stability  diagram,  the  relative  positions  of  the  activity  of  A  for  the  invariant  equilibria 
AB+B+BC  and  BC-fC+AC  depend  on  the  Gibbs  energies  of  formation  of  AB,  BC,  and  AC  but 
the  values  of  a^  for  both  invariants  have  to  be  less  than  that  of  invariant  AB-t-BC-i-AC.  The  phase 
diagram  of  GaAs/Co  is  similar  to  the  one  given  in  Rg.  S  although  the  actual  phase  equilibria  ate 
much  mote  coir^licated  in  their  details.  The  ternary  diffusion  couple  under  consideration  is  BC/A 
as  indicated  by  a  dashed  line  in  Fig.  S.  As  before,  A  is  assumed  to  have  high  mobility  in  the 
diffusion  zone  and  C  is  immobile.  The  value  of  aA*  in  Fig.  6  is  determined  by  Eqs.  (6)-(8) 


2A  +  BC  =  AB  +  AC, 

(6) 

AG®  =  AG®ac  +  AGOab  -  AGObc. 

(7) 

aA*  =  exp(AG®/2RT). 

(8) 

The  sequence  of  the  morphological  evolution  for  the  diffusion  couple  BC/A  is  summarized  in 
Fig.  7.  The  AC  layer  grows  by  the  reaction  of  BC  with  A  which  diffuses  from  the  AB/A 
interface  to  the  BC/AC  interface.  The  reaction  at  the  BC/AC  interface  is 


Fig.  5  -  Another  hypothetical  ternary 
phase  diagram  A-B-C  with  three 
intermediate  phases  AB,  BC,  and 
AC.  The  diffusion  couple  under 
consideration,  BC/A,  is  connected  by 
a  dashed  line. 


Hg.  6  -  Stability  diagram  for  the 
ternary  phase  diagram  in  Fig.  4. 
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A  +  BC  =  AC  +  B. 


(9) 


The  AB  layer  grows  by  the  leactioa  of  A  fitxxn  die  AB/A  intoAce  at  the  AC/AB  intofiKe  with  B 
released  fiomEq.  ^).  The  reaction  at  the  AC/AB  interfKe  is 

A  +  B  =1  AB.  (10) 

The  overaU  reaction  is  Eq.  (6)  which  is  just  the  sum  of  Eqs.  (9)  and  (10).  The  AC  layer  always 
fornis  next  to  the  BC  layer  because  of  the  inunobility  of  C. 

The  only  potentially  unstable  interface  against  diffusicm  of  A  is  BC/AC  when  aA  becomes 
greater  than  ax*.  This  instainlity  against  A  diffusion  may  result  in  the  formation  of  a  pmodk 
layered  structure,  similar  to  the  case  shown  in  Fig.  7  (d). 


m.  Discussion 

A  detailed  kinetic  analysis  [6]  on  the  fcxmation  of  the  periodic  layoed  structure  shows  that 
the  mobilities  of  B  and  A  in  the  reaction  layers  are  the  most  important  parameters  in  determining 
the  rdative  stability  of  the  sinqile  layered  structure  versus  the  poiodic  layered  structure.  The 
periodic  layoed  structure  is  favored  if  the  mobility  of  A  is  much  higher  than  that  of  B.  On  the 
other  hand,  the  sittqrle  layered  structure  is  favored  if  the  mobilities  of  A  and  B  ate  on  the  same 
order  of  magnitude.  This  conclusion  can  also  be  reached  with  die  following  simple  arguments 
without  going  into  die  detailed  kinetic  analysis. 

Let’s  use  the  diffusion  couple  B2C/A  with  the  phase  relationships  shown  in  Hg.  1  as  an 
example.  The  reactions  in  the  couple  can  proceed  widi  the  single  layered  structure  ot  the  periodic 
layoed  structure  as  illustrated  in  Hg.  8.  In  Oder  for  the  reactions  to  proceed  with  the  single 
layered  structure,  both  A  and  B  have  to  diffuse  a  distance  of  typically  a  few  hundred  microns  as 
illustrated  in  Hg.8(a).On  the  othohand,B  only  has  to  diffuse  a  distance  of  typcally  a  few 
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tnicTons  in  order  for  the  reactions  to  proceed  with  the  periodic  layered  structure  as  illustrated  in 
Fig.  8  (b).  However,  the  periodic  layered  structure  has  the  disadvantage  of  creating  large  annount 
of  BCyAB  intoface.  Therefore,  if  the  mobility  of  B  in  the  BC2  phase  is  much  smalkr  than  that 
of  A  in  the  AB  phase,  the  periodic  layered  structure  is  favored  because  this  structure  avoids  the 
long-range  diffusion  of  the  slow-moving  conqronenL  tf  the  iitobility  of  B  in  the  BC2  phase  is 
comparable  to  diat  of  A  in  the  AB  phase,  the  simple  layoed  strocture  is  favored  bwause  the 
diffusion  distance  of  A  is  cut  by  one-half  and  the  system  does  not  pay  the  penalty  of  creating 
huge  amount  the  AB/BC2  interfoce. 

If  it  is  assumed  for  the  purpose  of  discussion  that  B  is  the  dominant  diffusion  species  in  the 
ternary  diffusion  couple  BaC/A,  no  periodic  layered  structure  will  form.  This  can  be  vorified  by 
constructing  the  stability  diagram  using  die  activity  of  B  as  a  parameter  and  checking  the 
stabilities  of  all  the  interfaces  against  the  diffuaon  of  B. 

It  is  worth  noting  that  perturbation  at  die  BC2fAB  interface  may  lead  to  interfacial  instability. 
This  instability  will  result  in  the  formation  of  an  aggregate  type  of  structure.  However,  in  the 
present  study  we  have  assumed  that  planaf  interface  is  maintained  at  the  BC^AB  interface  and 
considered  only  the  relative  stability  of  a  simple  layered  structure  versus  that  of  a  periodic  layered 
structure. 

IV.  Conclusion 


A  thermodynamic  argument  was  {nesented  to  rationalize  the  formation  of  periodic  layered 
structure  in  some  ternary  diffusion  couples  of  BaCYA  with  the  phase  relatimishtps  shown  in  Ing. 
l.This  type  of  structure  may  also  occur  in  other  ternary  diffusion  couples  of  BOA  with  the 


Fig.  8  -  IWo  possiUe  morphologies  for  a  diffusion  couple  B2C/A  widi  the  iduse  relationship 
shown  in  Fig.  1.  (a)  The  simple  layoed  structure,  (b)  The  periodic  layered  structure. 
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phase  relationships  shown  in  Fig.  S. 

The  mobilities  of  B  and  A  in  the  reaction  layers  are  the  most  impcmant  parameters  in 
determining  the  relative  stability  of  the  simple  layered  structure  versus  the  poiodic  layered 
structure.  The  periodic  layered  structure  is  favored  if  the  mobility  B  is  substantially  lown^  than 
that  of  A.  Qn  the  other  hand,  if  the  mobility  of  A  and  B  are  conq>arable,  the  siiiqde  layered 
structure  is  favored. 
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Formation  and  Growth  of  Intermetallic  Phases  in 
Binary  Diffusion  Coupies 
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Abstract 

The  growth  rates  of  intnmediate  {^ases  in  a  binary  difiusion  couple  A/B  were  modeled 
numerically  in  temis  of  diffusion  theoiy  for  several  binary  systems.  The  results  showed  that  the 
growth  rales  of  phases  depend  primarily  on  their  interdiflusion  coeffkients  (taken  to  be  constant 
for  all  the  phases)  unless  the  range  of  homogeneity  of  a  particular  phase  is  extremely  small 
Numerical  modeling  was  used  to  account  for  phenomena  observed  in  TVAl  and  thin-film  Co/Si 
couples.  In  the  first  case,  'nAl3  was  the  only  i^ase  observed  by  EPMA  when  a  couide  Ti/Al 
was  annealed  at  62S  but  three  other  phases  exist  at  this  temperature  in  the  Ti-Al  phase 
diagram.  This  phenomenon  is  due  to  the  fact  that  the  interdifiusion  cod!&:ient  of  TiAl}  is  at 
least  four  orders  of  magnitude  larger  than  those  of  the  other  phases.  In  the  second  case,  in  a 
diin-filra  Co/Si  couple  annealed  at  54S  it  was  found  experimentally  that  the  initial  growth 
rate  of  Co2Si  was  the  highest,  followed  by  that  of  CoSi.  CoSi2  was  not  observed  until 
sometime  later,  when  the  Co2Si  formed  irutially  was  consumed.  These  phenomena  were  also 
accounted  for  quantitatively,  and  were  shown  to  be  due  not  only  to  the  interdifiusion 
coefficients  of  these  phases,  but  also  to  die  additional  constraint  of  a  limited  initial  supply  of  Co. 

In  addition  to  modeling  the  growth  of  phases  with  essentially  composition-independent 
interdifiusion  coefficients,  we  have  also  evaluated  the  growth  rate  of  NiAl  in  a  Ni/Al  couple.  Fot 

NiAl,  a  plot  of  logD  vs.  composition  exhibits  a  V-shaped  curve.  The  calculated  composition 
profile  within  the  NiAl  ^gle  phase  region  of  the  Ni/Al  diffusion  zone  is  a  sigmcndal  curve,  hi 
fact,  the  existence  of  the  sigmoidal  concentration  profile  might  have  misled  ptevitms 
investigators  to  conclude  incorrectly  that  new  phases,  not  found  on  the  phase  diagram,  appeared 
in  the  coupies  of  Ni/AL 
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L  Introduction 


The  formation  and  growdi  of  intetmediale  phases  in  a  binary  dififiisioa  coufde  (denoted 
A/B)  depend  on  the  nucleation  and  growth  of  the  phases.  If  nucleation  of  die  phases  does  not 
pose  any  difficulty,  all  the  phases  which  appear  in  the  phase  diagram  should  form  and  grow  in  a 
bulk  AfB  diffusion  couple.  Moreover,  if  we  consider  diffusion  to  be  the  only  growth 
mechanism,  the  growth  of  these  {diases  should  follow  a  parabolic  leladonship  with  respect  to 
time.  Since  the  growth  rate  of  a  phase  in  an  A/B  couple  depends  on  the  imetdiffuskm  coefiScient 
and  the  range  of  homogeneity  of  the  phase,  as  well  as  those  of  its  nraghboting  phases,  under 
certain  conditions  the  rate  of  growth  of  a  particular  phase  may  be  extiemdy  small  In  fact,  the 
existence  of  such  a  phase  may  not  be  detected  experimentally  using  techniques  such  as  electitm 
probe  mkroanalysis  (EPMA).  The  apparent  absence  of  the  phase  is  then  due  to  its  extremely 
slow  growth,  not  its  lack  of  nucleation. 

As  was  shown  by  van  Loo  et  al  [1],  the  only  phase  idendfiaUe  by  electron  probe 
mkroanalysis  (EPMA)  in  an  AI/H  bulk  diffusion  couple  annealed  at  62S  vras  1^3.  Yet 
according  to  the  phase  diagram,  three  other  phases,  i.e.  1^2.  TiAl  and  Ti3Al  should  have 
formed  in  the  couple  [2].  On  the  other  hand,  when  a  TiAl3/n  couple  was  annealed  at  800  °C, 
the  duee  intermediate  phases  'nAl2.  IIAI  and  ’n3Al  did  form.  However,  when  a  layer  of  pure 
Al  was  joined  on  the  outside  of  the  mnaining  'nAl3  layer  of  the  above  couple  and  then  annealed 
at  625  %  for  a  few  hours,  the  im»mediate  phases  1^2.  TiAl  and  T13AI  vanished  completely. 
The  resulting  configuration  of  this  couple  became  Al/TtAiyTt 

The  growth  of  intermedude  phases  in  a  dun-film  diffusion  couple  is  more  complex,  since 
the  material  supply  in  one  of  the  mid  phases  is  limited.  As  was  shown  recendy  Jan  et  al  [3], 
the  three  intermediate  phases  in  (3o-Si,  Le.  Co2Si,  CoSi  and  C^i2,  formed  sequentially  in  a 
diin-film  Cki/Si  diffusion  couple. 

Tarento  and  Blaise  {4]  have  claimed  the  formation  of  new  phases  in  Ni/Al  couples, 
which  do  not  exist  in  the  Ni-Al  phase  diagram.  However,  according  to  the  concentration 
profiles  of  several  bulk  diffiisicm  couples  of  Ni/Al  rqiorted  by  Shankar  and  Seigle  [5],  abrupt 
concentration  changes  occur  over  a  small  distance  within  the  hfiAl  angle  phase  region  of  the 
diffusion  zone.  It  is  likely  that  die  sharp  concentration  changes  widiin  the  single-phase  region  in 
thdr  couples  might  have  misled  Tarento  and  Blaise  [4]  to  claim  the  formation  of  new  phases. 

The  objectives  of  die  piesmit  study  are  (i)  to  evaluate  numerically  the  growth  rates  of 
intermediatB  phases  in  model  Irinary  bulk  diffusion  couples  using  the  theory  of  tfifiusion  in  terms 
of  the  interdiffiision  coefficients  of  these  phases  and  (ii)  to  account  qoantitativdy  for  some  of 
the  apparent  anomalies  reported  in  the  literature  of  phase  growth  and  formation  in  bodi  bulk  and 
thin-film  diffusion  couples. 


n.  Diffiisioa  tbeory  for  (he  growth  of  intcmwdiate  phases 
in  a  binary  diflhskm  couple 

Figures  1  a,b  show  the  concentration  profiles,  i.e.  C-x  curves,  for  fiie  growth  ot  an  n- 
phase  binaiy  diffusion  couple  at  constant  temperature  T  and  pressure  P.  The  growth  of  the 
intermediaiB  phases  in  such  a  couple  is  governed  by  three  fundamental  equations.  They  are 
Hek's  first  law,  which  relates  the  flux  to  the  interdiflusion  coefficient  and  concentration 
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Fig.  1  (a)  Tbe  coaoeatratiaa  praffles  of  a  multiphase  binafy  diffnskm  ooupie  at  cooMmi  mpeiaiuie  and 
presmie  for  the  bulk  case.  The  boundary  condhioos  ate  >  constant  at  X  >•<»,  and  »  constaDt  at  X  =  •>». 

(b)  Ihe  oonceniration  profiles  of  a  multiphase  bhiaiy  difliisioo  couple  at  constant  tempentnre  and  pressure  for 


the  thin-film  cate.  The  boundary  oondiUans  are 


constant  at  X  >■•«>. 


gradient,  the  equation  of  continuity,  and  die  interface  mass  balance  equation.  These  equations 
(referring  to  die  symbols  in  Fig.  I)  are 
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where  y  is  the  intetdiffiision  flux,  />  is  the  imeidiffiision  coefBcient,  D  is  the  concentration  of 
the  ith  phase,  x  is  a  distance  coordinate,  and  4*'^^  the  position  of  the  interface  between  the 

M 

(i-l)th  and  ith  phases.  The  superscript  m-1  indicates  that  the  quantities  C  and  J  refer  to  the  ith 
phase  at  the  i/(i-l)  interface  while  i-l,i  refers  to  the  (i-l)th  phase  at  the  i/(i-l)  interface. 

These  equations  are  applicable  to  both  bulk  and  diin-film  couples,  but  the  solutions  to 
these  equations  are  different  in  each  case  due  to  the  different  boundary  conditions.  While  the 
supplies  of  the  two  end  phases  in  the  bulk  case  are  unlimited,  that  for  one  of  the  end  phases  is 
finite  for  the  thin-Hlm  case.  The  solutions  tor  each  of  these  cases  are  given  below. 


A.  The  Bulk  fSemi-Infinitel  Case 

The  boundary  conditions  for  the  bulk  case  are  =  constant  at  x  =  -<»,  and  s 
constant  at  x  =  -t-  <»,  as  shown  in  Fig.  la.  For  these  boundary  conditions  and  assuming  constant 
interdifhision  coefficients,  the  position  of  the  interface  between  the  (i-l)th  and  ith  phases,  i.e. 
is  [6-8] 

4  =Z [4A] 
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Values  of  A^  and  B^  can  be  obtained  by  substituting  Eq.  [6]  into  Eqs.  [I]  and  [2]. 

The  growth  of  the  ith  phase,  can  be  obtained  from  §W+1  and  givwi  below: 

CO  '  =  §  i.i+1  _  ^  i-u  =  [7] 
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(DAT) (Die) 1 

c'-’.'  -  c*  '-* 

When  the  inteidiffusion  coefficients  and  die  phase  boundaries  of  ail  the  phases  at  constant  T  and 
P  are  known  in  a  bulk  couple,  Eq.  [7]  may  be  used  to  calculate  the  growth  of  the  ith  phase  as  a 
function  of  time. 

B.  TTie'nun-FilmCase 

B.l  Concentration-independent  diffiisivitv 

As  shown  in  fng.  IB.  due  to  the  limited  supply  of  the  end  phase  (designated  as  phase  1), 
one  of  the  boundary  conditions  of  the  bulk  case,  i.e.  C  =  constant  at  x  =  -«>  is  no  longer  valid. 
The  appropriate  boundary  condition  for  this  case  is  zero  flux  at  x  =  -«, 


The  other  boundary  condition,  i.e.  -  constant  at  x  =  -h»,  is  still  valid.  Since  a  simple 
analytical  solution  to  the  diffiiskm  equation  does  not  exist  for  these  boundary  conditions,  it  is 
customary  to  solve  the  diffiision  equations  numerically.  Hkki  and  Heckei  [8]  have  successfully 
solved  this  problem  numerically  using  the  raiplicit  finite  diffeience  form,  in  connection  with  their 
study  on  the  kinetics  of  phase  layer  growth  during  aluminide  coating  of  nickeL  However,  this 
approach  is  inefficient  and  takes  an  excessively  ItMig  computing  time  to  (^>lain  the  solutions, 
particulariy  when  the  number  of  intermediate  phases  increases  beyond  one.  In  the  present  stwfy, 
the  diffiision  equations  have  been  transformed  into  a  finite  difference  form  along  the  distance 
coordinate  x  for  20  nodal  points  in  each  phase.  The  partial  differential  equations  now  become  a 
set  of  ordinaiy  differential  equations. 


Since  the  interface  position  moves  during  the  growth  (or  dissolution)  of  the 
phases,  this  is  a  moving  boundary  problem.  The  movement  of  these  boundaries  must  be  taken 
into  account  when  solving  such  problems.  Rearranging  the  equation  of  continuity  Eq.  [2], 
yields 
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If  unifonn  grid  sizes  ate  taken  for  each  phase,  then 
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where  j  is  the  jth  grid  and  n  is  the  total  number  of  nodal  points  in  the  ith  phase.  Cbmbining 
Bqns.  [  10]  and  [11]  yields  the  finite  difference  form  of  the  equation  of  continuity: 


dt  2Ax‘  [V  H-IJ  dt  Vn-lj  dt 


+  D 


(A  x*-  )* 


[12] 


where  Ax*  is  the  grid  size  of  the  ith  phase.  The  finite  difference  form  of  the  interface  mass 
balance  equation,  i.e  Bq.  [3],  then  becomes 


"'(ct  2-4C'  ,  +  3C') 

-D  - lU - 2i  [13] 

2Ax' 

By  solving  the  proceeding  eqaadcms  simultaneously,  the  composition  profile  C*  in  each  phase 
and  the  interface  position,  ^*^'*‘1  may  be  obtained  for  different  periods  of  time. 

In  order  to  use  this  model  to  solve  the  dun-film  diffiision  couple  problem,  an  Budal 
thickness  must  be  assigned  to  each  phase.  In  the  present  study,  the  semi-infinite  boundary 
conditions  are  used  in  the  initial  stage  of  calculations.  In  other  words,  the  tfain-film  couple  is 
treated  as  a  bulk  cou{de  before  B  atoms  of  the  substrate  completely  penetrate  the  film  and  the 
end  phase  A  is  consumed.  Accordingly,  the  initial  thickness  of  each  phase  vrhen  performing  the 
thin-fitan  couple  calculation  is  based  on  the  thickness  predicted  for  the  bulk  case. 
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For  a  system  with  concentration-dependent  difiiisivity.  the  boundary  conditions  are  the 
same  as  in  case  B.l.  The  numerical  technique  for  solving  this  land  of  problem  is  also  die  same  as 
that  used  in  case  B.l,  except  equations  [9]  through  [13]  need  to  be  modified  Equation  [9] 
becomes 

rac'l  a}*  -'a*d.aD  ac 
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dt  dx 

■ix 


dx  dx 


in  which 
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If  uniform  grid  sizes  are  also  taken  for  each  phase,  then  die  finite  difference  form  of  the  equation 
of  continuity  can  be  generated  by  combining  equations  [1 1]  and  [15]: 
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dt 
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id  -2d*d  1  ( fi  _f4 
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\  > 

The  finite  dififeient  form  of  the  intertiKe  mass  balance  equation  then  becomes 

~*>l  +4Ci+*-3C(+*) 


By  using  the  same  numerical  technique  as  that  in  case  B.1,  the  composition  profile  O  in  each 
phase  and  the  interface  position,  may  be  obtained  for  different  periods  of  time. 
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IIL  Numerkai  evalnatioa  of  the  {rowth  of  phases  in  model  binary  diffkision  couples 

Using  the  equations  given  in  the  previous  section,  we  demonstrate  numerically  that  the 
growth  rates  of  intermediate  phases  in  an  A/B  difiusion  couple  depend  primarily  on  thdr 
interdifiusion  coefiKients  (assumed  to  be  constant  for  all  the  phases),  unless  the  range  of 
homogeneity  of  a  particular  phase  becomes  extremely  small  For  the  purpose  of  illustratirm,  we 
shall  assume  the  binary  system  A-B  has  three  intermediate  phases,  i.e.  A3B,  AB  and  AB3,  with 
ranges  of  homogeneity  of  2  at%.  Values  of  the  interdifiusion  co^ficients  for  the  intermediate 
phases  are  taken  to  vary  as  much  as  four  orders  of  magnitude,  and  the  difiiisional  fluxes  for  the 
two  end  phases  A  and  B  are  assumed  to  be  negligible. 

Hg.  2  shows  the  growth  of  the  three  intermediate  phases,  A3B,  AB  artd  AB3,  as  a 
function  of  die  square  root  of  time,  with  their  three  interdifiusion  coefficients  being  100, 10  and 
1  fimVhr.  As  shovm  in  the  figure,  the  growth  rate  of  A3B  is  the  highest  and  that  of  AB3  is  the 
smallest  The  values  of  the  interdifiusion  co^Kients  clearly  dominate  the  growth  rates  of  these 
phases.  Similar  results  are  presented  in  Hg.  3.  In  diis  case,  the  interdifiusion  comments  of 
A3B,  AB  and  AB3  ate  taken  to  be  200, 5  and  SO  pm^/hr,  respectively.  Since  the  interdifiusion 
coefficient  of  AB3  is  greater  than  that  of  AB  in  the  second  case,  the  growth  rate  of  AB3  is 
greater;  as  shown  in  Hg.  3,  in  contrast  to  the  case  shown  in  Hg.  2.  These  results  also 
demonstrate  that  if  the  interdifiusion  coefiiciait  of  AB3  in  the  first  case  or  that  of  AB  in  the 
second  case  is  smaller  than  that  of  A3B  by  two  orders  of  magnitude,  the  amount  of  AB3  or  AB 
in  the  difiusion  couple  would  be  so  small  that  it  may  not  be  determined  by  EPMA.  Hg.  4  shows 
the  results  for  a  couple  A/B  when  the  interdifiusion  coefficient  of  A3B,  AB  and  AB3  are  100, 
0. 1  and  0.05  itm^/hr,  respectively.  As  shown  in  this  figure,  using  the  same  scale  as  that  in  Hg.  2, 
we  could  conclude  that  AB  and  AB3  do  not  form  in  this  diffusion  couple.  In  actuality,  the 
amounts  of  these  two  phases  formed  are  so  small  that  their  thickiiesses  are  essentially  zero,  as 
shown  in  Fig.  4. 

In  all  three  cases  discussed  so  far,  growth  of  the  phases  in  these  couples  follows  the 
parabolic  relationship.  In  other  words,  tiiese  phases  grow  linearly  with  the  square  root  of  time. 
However,  this  would  not  be  the  case  for  tiie  growth  of  phases  in  a  thin-film  diffusion  couple.  Let 
us  now  examine  the  results  of  a  thin-film  A  (Spm)  /  B  difiusion  couple  with  the  interdifiusion 
coefficients  of  A3B,  AB  and  AB3  again  being  100, 10  and  1  funVhr,  respectively.  The  ranges  of 
homogeneity  ate  again  taken  to  be  2  at%.  As  shown  in  Hg.  5,  the  thicknesses  of  the  phases 
A3B,  AB  and  AB3  increase  lineariy  with  the  square  root  of  time  initially,  similar  to  the  results 
shown  in  Hg.  2,  until  the  end  phase  A  is  corapleldy  consumed.  Subsequently,  the  thickness  of 
A3B  decreases  with  the  square  root  of  time  while  those  of  AB  and  AB3  increase  with  the 
square  root  of  time  but  with  increases  in  tiieir  slopes.  This  may  seem  strange  at  first  However, 
when  we  analyze  the  situation,  this  is  exactly  the  result  we  should  expect 
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Hg.  2  Growth  of  phases  in  an  A/B  bulk  diffiisioo  Fig.  3  Growth  of  phases  in  an  A/B  bulk  diffusion 
couple.  The  ineeniiffusion  coefficienis  of  A3B,  AB  and  cou|de.  The  interdiffiision  coefficients  of  A3B,AB  and 
AB3  are  100, 10,  and  1  |ini?/hr,  reflectively:  all  of  AB3  are  200,  S,  and  SO  pm^/hr,  respectively;  all  of 
these  phases  have  a  homogeneity  range  of  2  at%.  The  these  phases  have  a  homogeneity  range  of  2  at%.  The 
solubilities  of  A  in  B  attd  of  B  in  A  are  negligible.  solubilities  of  A  in  B  and  of  B  in  A  are  negligible. 


•  1  1  I  >  t 

(hr"^ 


Fig.  4  Growth  of  |)hases  in  an  A/B  bulk  diffusion  5  Growth  of  phu^  in  a  thin-i.’m  A(5tun)/B 

couple.  The  inieidiffusion  coefficients  of  A3B,  AB  and  dtffiisioo  couple.  The  interdiffusron  coeffVtienis  of 
AB3  ate  100, 0.1,  and  0.05  pm^/hr,  reflectively:  all  of  A3B,  AB  ml  AB3  are  100, 10,  and  1  pm^/hr, 

these  phases  have  a  homogeneity  range  of  2  atSb.  The  lefieetively,  aU  of  these  p.iases  have  a  homogeneity 

solubiUtiesofAinBandofBinAaienegUgible.  tangeof2atft.  ThesolubUitiesof AinBandofBin 

A  are  n^ligible. 
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Initially,  we  have  an  A/B  diffusion  couple  with  the  growth  of  A3B,  AB  and  AB3 
following  those  shown  in  Fig.  2.  However,  when  A  is  completely  consumed,  we  then  have  an 
A3B/B  diffusion  couple.  Even  though  the  interdifiiision  coefficient  of  A3B  is  the  highest,  its 
thickness  must  decrease  with  time,  since  the  end  member  A  has  been  consumed;  there  is  no 
longer  any  supply  of  A.  The  thicknesses  of  AB  and  AB3  increase  accordingly,  bi  the  present 
case,  the  inteediffiision  coefBcient  of  AB3  is  tmly  two  orders  of  magnitude  smaller  than  that  of 
A3B.  If  it  were  more  than  two  orders  of  nu^tiide  smaller,  we  might  not  even  observe  the 
formation  of  AB3  until  A3B  was  completely  consumed. 

Let  us  next  exmaine  the  results  when  a  thin-film  A3B  (5ttm)  /  B  diffusion  couple  is 
annealed  ^t  a  sufficiently  high  temperature.  For  this  example,  the  interdiffusion  coefficients  of 
A3B,  AB  and  AB3  are  taken  to  be  4000,  10  and  1  itm^/hr,  respectively,  and  the  ranges  of 
homogeneity  for  these  phases  are  2  at%.  As  shown  in  Fig.  6,  the  thickness  of  A3B  decreases 
with  time,  while  those  of  AB  and  AB3  .^icrease  with  dme,  with  the  growth  rate  of  AB  being 
considerably  higher  than  that  of  AB3.  After  10  hours  of  annealing  ( i.e.  t>°  =3. 16  hr  ‘^ ),  a  layer 
of  A  is  joined  to  the  outside  surface  of  A3B.  The  couple,  now  with  the  configuration 


Fig.  6  Growth  of  the  phases  AB  and  AB3  in  a  thin- 
flhn  A3B  (5  pm)  /  B  difliisioD  couple  for  ahom  10 
hours  and  the  subsequent  growth  of  phases  in  this 
couple  when  a  layer  of  A  is  joined  a>  the  outside  cf 
the  remaining  A3B  layer.  The  hiteidiflhsiaa 
coefficients  of  A3B,AB  and  AB3  are  4000. 10  Midi 
iun^/br.  lespecdvely;  all  of  these  phases  have  a 
hcmogeneity  range  of  2  st%  .The  solidrility  of  A  in  B 
and  that  of  B  in  A  are  negligible. 


A/A3B/AB/AB3AB  is  again  annealed  at  the  same  temperature.  The  thicknesses  of  AB  and  AB3 
drop  to  neariy  nothing,  while  that  of  A3B  increases  suddenly  to  a  very  high  value.  The  resulting 
configuration  in  essence  becomes  A/A3B/B.  since  the  thicknesses  of  AB  and  AB3  are  so  small 
that  they  are  not  detectable.  As  long  as  there  is  supply  of  A  in  the  end  member,  A3B  grows 
rapidly,  due  to  its  high  interdifliision  coefficient  However,  when  the  supply  of  A  in  the  end 
member  is  not  available,  growth  of  AB  and  AB3  takes  place  in  the  diffusion  couple. 

The  five  examples  demonstrate  the  importance  of  the  interdiffusion  coefficient  on  the 
growth  rates  of  phases  in  a  binary  diffusion  couple.  The  results  clearly  show  that  we  may  not  be 
able  to  detect  the  existence  of  a  particular  phase  by  techniques  such  as  EPMA  when  the 
interdiffiision  coefficient  is  extremely  small,  even  if  nucleation  of  this  phase  does  not  pose  any 
difiiculty.  In  the  following,  we  will  use  the  equations  given  in  section  U  to  account  quantatively 
for  the  actual  behavior  of  several  diffusion  couples  reported  in  the  literature. 

FV.  Application  of  numerical  modeling  to  actual  cases  and  discussion 

A.Ii::Al 

Van  Loo  et  al.  [1]  carried  out  difiusion  couple  experiments  of  Ti/Al  at  62S  ^C.  Even 
though  four  intermetallic  phases,  i.e.  T13AI,  TiAl,  T1AI2  and  TiAl3,  exist  in  the  Ti-Al  system  at 
this  temperature  [2],  the  only  phase  detected  by  EPMA  was  1^3.  They  also  obtained  the 
interdiffusion  coefficient  for  'nAl3  from  their  experiments.  Moreover,  vriten  they  atmealed 
Ti/TiAl3  couples  at  800  OC,  they  found  the  formation  of  Ti3Al,  TiAl  and  T1AI2,  clearly 
indicating  nucleation  of  these  phases  was  not  the  problem.  Furthermore,  when  they  joined  a 
layer  of  Al  onto  the  T1AI3  layer  of  the  TiAl3/TiAl2niAlfri3Aim  couple  annealed  at  800 
and  subsequently  annealed  it  at  62S  *^C,  the  phases  Ti3Al,  TiAl  and  TIAI2  disappeared  rapidly, 
resulting  in  the  configuation  Al/riAl3/Ti.  However,  van  Loo  el  al.  did  not  attempt  to  evaluate 
the  interdiffusion  coefficients  of  Ti3Al,  HAl  and  T1AI2  from  their  experiments. 

The  behavior  of  phase  growth  in  the  Alfll,  TiAl3^i  and  AlfriAl3/riAl2/TiAlfri3Al/Il 
couples  is  similar  to  that  of  the  model  exampte  given  in  Hg.  6.  In  fact,  using  the  interdiffiision 
coefficient  of  T1AI3  obtained  by  van  Loo  et  al.  [IJ,  those  of  Ti,  TLAl  and  Ti3Al  obtained  by 
Ouchi  et  al.  [9],  and  that  of  T1AI2  estimated  by  us,  the  calculated  thicknesses  of  the  phases  in  an 
Al/Ti  couple  at  625  are  shown  in  Fig.  7.  The  interdiffusion  coefficients  for  T1AI3,  TiAl2, 
TiAl,  T13AI  and  Ti  at  625  OC  used  are  8597, 0.1634,  0.02284,  0.02545  and  0.038224  pm*/hr, 
respectively.  The  interdiffiision  coefficient  of  TiAl2  was  estimated  using  the  diffusion  couple 
data  reported  by  van  Loo  et  aL  ( 1].  As  shown  in  the  figure,  the  only  detectable  phase  is  TiAl3; 
its  interdiffusion  coefficient  is  at  least  five  orders  magnitude  larger  than  those  of  the  other 
phases. 

Figure  8  shows  the  growth  of  phases  in  a  ihin-fiim  T1AI3  (5|im)  /  Ti  couple  at  800  ^ 
for  10  hrs(  i.e.  t'®  s  3.16  hr  ).  The  thickness  of  T1AI3  decreases  with  time,  while  Unwe  ci 
T1AI2,  TiAl  and  Tr3Al  increase  with  time.  At  t  =  10  hrs,  a  layer  of  Al  is  jcnned  to  the  couple 
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annealed  at  800  ^C  for  10  his,  and  the  difiusion  couple  of  A]fnAl3fnAl2/TiA]An3AVTl  is 
subsequently  annealed  at  625  °C.  As  shown  in  Ing.  8,  the  thkdtiiess  of 'n3Al  incieases  suddenly 
to  a  veiy  high  value  while  the  thickness  o(  the  other  phases  deciease  pfecifutousiy  to  neariy 
zero.  These  calculated  results  are  consistent  with  the  results  found  experimentally  by  van  Loo  et 
al.  [1]. 


Fig.  7  Grawdi  at  ptaises  in  a  TVAl  biiOc  dlfluiion 
couple  at  62S  %.  Tbe  inienlllliulaa  ooefficKiic  cf 
die  TIAIi,  TIAIg.  TIAt.  TI3AI  and  11  pbaea  are 
8497,  0.16344,  0.02284,  0.02S4S  and  0D38224 
pni^dir,  lapecdvely. 


t’®(hr’®) 


Fig.  8  Growth  ofTI/J'.TA' .'•id  113X1  in  a  ihiD-rilm 
TiAl3  (3  |im)  /  T‘  <■  irurioi.  '^cupfe  annealed  at  800 
9C  tor  3  hooia,  1  .  wei'  ->  a.  -  a^htnfieni  phase 
growth  at  623  %  vii  r,  'if  Al  ia  joined  to  the 
HAI3  cad  of  the  TiAt3>71  cct^ile  annealed  at  800  °C 
for  dm  houn.  Hie  nuenhifitsion  coemdeaB  ai  625 
%  are  given  in  the  capiioa  of  Fig.  7.  The  vafaics  al 
800  °C  are  68.461.  334.  044,  04648  awl  0441 
lui^lhr,  respecdvely.  for  riAl3,  HAI2.  TiAI  and 
Ti3Al. 


B.  Co-Si 

A  number  of  investigaton  have  studied  the  growth  of  phases  in  thin-film  Co/Si  difiusion 
couples,  as  recently  analyzed  and  summarized  by  Jan  et  aL  [3].  It  was  found  that  in  such  a  Ifain- 
filro  couple,  the  phases  formed  and  grew  sequentially.  Here  we  present  the  calculated  growth 
rates  of  the  Co-Si  intermediaie  phases  in  several  thin-film  couples.  The  calculated  results  can 
account  quantitatively  for  the  experimental  dau  rqioned  in  the  literature.  As  shown  in  Bg.  9, 
the  calculated  thicknesses  of  Co2Si,  CoSi  and  CoSi2  in  a  450  nro  CtVSi  diffusion  coiqde  at  545 
oc  are  in  quantitative  agreement  with  the  experimental  data  of  van  Guip  and  Langeteis  (10). 
The  interdiffttskm  coefficients  of  Co2Si,  COSi  and  CoSi2  were  taken  fiom  Jan  et  aL  (3).  The 
growth  rate  of  CoSi2  is  extiemdy  small  before  Co  is  completely  consumed,  and  becomes 


180 


appreciable  after  Co  is  consumed.  The  small  growth  rate  initially  is  due  primarily  to  its  small 
interdifiiision  coefficient 

Tu  et  aL  [11]  measured  the  growth  (as  well  as  dissolution)  of  phases  in  a  thin-film 
couple  «nth  the  following  configuration:  250  nm  Ca/235  nm  CoSi/  bulk  Si  at  430  Bg.  10 
shows  the  predicted  thicknesses  of  Co,  Co2Si,  CoSi,  aitd  CoSi2  as  a  function  of  the  square  root 
of  time.  The  thkdmesses  of  Co  and  CoSi  decrease  initially,  with  a  corresponding  increase  in  the 
thickness  of  Co2Si.  The  predicted  values  of  Co,  C02SU  and  CoSi  at  t  s  0.5  hr  (t*^  =  0.707 
hr''*)  are  in  good  agreement  with  the  experimental  data  of  Tu  et  aL  [11]. 
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Co/Si  Th i n-F i I m  Cfowlh-545*C 


Rg.  9  Growth  of  phases  in  a  450  nm  CoySi  couple  at  S4S  *C:  coaqrarison  between  the 
predicted  values  and  experimental  data  of  van  Gurp  and  Langereis.  [9] 


Co/SI  Thin— Film  Or  430*C 


181 


C.  Ni-Al 


In  all  of  the  calculations  so  &r,  we  have  assumed  the  interdifiusion  coefficients  of  phases 
to  be  composition-independent.  This  clearly  is  not  the  case  even  for  some  of  the  Ti-Al 
intermetallic  phases.  However,  since  the  interdiffiision  coefficients  for  these  phases  do  not 
change  appreciably  with  composition,  the  assumption  of  constant  diffiision  coefficients  does  not 
cause  serious  errors  in  the  calculated  concentration  profile  across  a  diffusion  couple.  However, 
for  the  intermetallic  compound  NiAl  with  the  B2  (CsCl)  structure  in  the  Ni-Al  system,  the 
assumption  of  a  constant  diffusion  coefficient  will  lead  to  serious  errors  in  the  calculated 
concentration  profile  of  NiAl  within  a  Ni/Al  diffiision  couple.  For  the  NiAl  phase,  the  diffiision 
coefficient  in  the  vicinity  of  the  stoichiometric  composition  is  a  minimum,  and  it  increases  by 
several  orders  of  magnitude  as  deviations  from  stoichiometiy  occur  [S].  In  the  following,  the 
Ni-Al  system  is  used  to  demonstrate  the  significant  effect  of  concentration-dependent  difiusivity 
on  the  concentration  profile. 

Figure  1 1  shows  the  calculated  concentration  profile  for  a  specimen  with  a  fixed  surface 
concentration  of  NiAl  at  1000  The  boundary  condition  of  this  calculation  is  based  on  the 
experiment  performed  by  Shankar  and  Seigle  [5].  According  to  the  Ni-Al  phase  diagram  [12],  at 
1000  for  Ni  concentrations  high^  than  ~  43  at%  Ni,  the  equilibrium  phases  are  NiAl,  Ni3Al 
(Q  and  Ni.  The  interdiffiision  coefficients  used  in  the  calculations  are  taken  from  Shankar  and 
Seigle  [S].  As  shown  in  this  figure  there  is  an  abrupt  change  in  the  Ni  concentration  within  the 
single  phase  NiAl  over  a  small  distance  within  the  diffusion  zone  The  calculated  results  are  in 
agreement  with  the  experimental  data  of  Shankar  and  Seigle  [5].  The  apparently  anomalous 
behavior  of  this  concentration  profile  within  the  NiAl  phase  is  due  to  the  sharp  change  in  its 
interdiffiision  coefficient  with  deviations  from  stoichiometry.  In  fact,  it  is  most  likely  this 
phenomenon  that  led  Tarento  and  Blaise  to  conclude  that  new  phases  formed  in  their  diffusion 
couples. 

A  qualitative  rationalization  of  the  results  shown  in  Fig.  1 1  is  given  in  Fig.  12  In  the  top 
portion  of  Fig.  12,  log  D  is  plotted  as  a  function  of  x^  for  an  ordered  phase  AB.  Let  us  now 
perform  a  thought  experiment.  As  shown  in  the  top  portion  of  Fig.  12,  a  diffiision  couple  with 
1 1  diffiision  members  is  annealed  As  was  determined  in  the  numerical  evaJution  of  the  growth 
of  phases  given  m  section  in,  the  phase  with  the  highest  interdiffiision  coefficient  grows  the 
fastest,  while  that  with  lowest  coefficient  grows  the  slowest.  Under  such  conditions,  it  is  evident 
that  the  elements  with  high  interdiffiision  coefficients  grow,  while  those  with  low  coefficients 
shrink.  Eventually,  we  have  under  steady-state  conditions  a  rigmodial  concentration  profile,  as 
shown  in  the  lower  portion  of  Fig.  12. 

It  is  worth  noting  that  this  phenomason  has  been  discussed  by  dHeurie  and  Ghez  [13]. 
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Depth  profile  (  pm) 


Hg.  11  Celcttlaied  coocentralioii  profiles 
of  a  pack-almniniied  nickel  and  NiAl 
aan^le  at  1000 


distance 


Hg.  12  Top:  Plot  of  oonoentration-depea- 
dentdifiusivity  1110  vs.  jcb  within  a  sin^e 
phase  legion,  which  is  divided  into  11 
small  elements.  Bottom;  The  lesnlting 
concentration  profile  at  steady-state  from 
die  diffiisivity  of  top  figure. 


V.  Condusioii 


The  growth  rates  of  intermediate  phases  in  a  Iwiaiy  A/B  diffusion  cou[de  were 
calculated  with  (Uffusion  theory  for  several  model  systems.  It  was  found  that  the  growth  rates  ttf 
these  phases  depend  primarily  on  thdr  interdiffusion  coefficients  (assumed  to  be  composition- 
independent  for  all  the  phases),  unless  the  range  of  homogeneity  of  a  particular  phase  is 
extremely  small  When  the  interdiffurion  coefficient  of  a  specific  phase  is  orders  of  magnitude 
smaller  than  that  of  the  other  phases,  its  growth  rate  is  so  small  in  comparison  thru  its  exist^ice 
may  not  be  detected  analytical  techniques  such  as  electron  probe  microanalysis  (EPMA).  On 
the  other  hand,  when  the  inteidifiiision  coefficient  of  a  specific  phase  is  orders  of  magnitude 
greater  than  those  of  the  other  phases,  this  phase  may  be  the  only  one  detected  expeiimendy  by 
EPMA.  The  growth  rates  of  phases  in  the  thin-film  diffusion  couples  have  the  additional 
constraint  that  the  material  supply  for  one  of  the  end  phases  is  limited. 

The  calculations  for  several  model  binary  systems  were  applied  successfully  to  two 
actual  cases  H/Al  and  thin-film  Co/Sl  Using  interdiffusion  coefficients  (rf  T!Al3,  IIAI2,  TlAl 
and  H3AI  in  11- Al,  the  calculations  showed  that  in  a  diffusion  couj^  of  Ti/Al  annealed  at  625 
°C,  the  only  phase  found  was  TiAl3,  in  agreement  with  the  experimental  findings  of  van  Loo  et 
al  [1].  The  thidEnesaes  of  the  other  three  intermediate  phases  were  on  the  order  of  one  micron. 
This  is  due  to  the  fact  that  the  interdiffusion  coefficient  of  TIAI3  is  at  least  five  order  magnitude 
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larger  than  those  of  the  other  phases.  When  thin-film  Co/Si  couples  were  annealed,  the  (biases 
Co2Si.  CoSi  and  CoSi2  foimed  sequentially  [10].  Using  the  intodiffiision  coefiicients  of  Co2Si, 
CoSi  and  CoSi2  [3],  the  experimental  data  reported  in  the  literature  [10, 11]  for  the  growdi 
the  intermediate  phases  were  reproduced  by  calculation. 

In  addition  to  the  phenomena  obsoved  in  TVAl  and  thin-film  Co/Si  couples,  the 
concmitration  profile  in  single-phase  NiAl  within  the  diffusion  zone  of  Ni/Al  was  also 
reproduced  in  our  calculatinn.s.  The  unusual  concoitration  profile  is  that  of  an  sigmoidal  curve 
of  the  Ni  (or  Al)  concentrations  in  the  diffusion  zone.  This  existence  of  the  sigmoidal  curve  is 

M 

due  to  the  existence  of  a  V-shaped  curve  of  a  logZ>-vs-composition  plot  for  the  NiAl  phase,  a 
highly  ordered  intermetalUc  compound. 
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Abstract 

We  consider  the  mathematics  of  phase  growdt  according  to  diffusion  equations,  and  ex¬ 
amine  the  implications  for  actual  i^ysical  systems.  In  fact,  reacticm  kinetics  are  mote  likely 
to  be  linear-parabolic  than  simply  parabolic.  In  binary  intetinetallic  compounds  with  unequal 
concentrations  of  the  two  components  the  majority  atoms  tend  to  diffuse  more  nqndly  than  die 
mincrnty  atoms.  This  has  beat  formulated  as  the  "ordered  CU3AU”  rule.  CoroUaries  of  this 
rule  can  be  used  to  understand  the  order  of  phase  formatioiis,  and  have  definite  predictive 
value.  Exceptions  to  the  rule  and  its  doivatives  point  out  specific  duracteristics  of  die  sys¬ 
tems.  Although  conceived  in  terms  of  vacancy  difiiision  on  tte  lattice,  the  ordered  CujAu  ride 
is  valid  for  reacdons  occurring  at  low  temperatures  where  grain  bounrlaty  diffusion  processes 
should  be  dmninating.  This  inqilies  that  in  mdeied  conqiouiids,  probably  evmi  more  so  than 
in  pure  metals,  the  mechanisms  of  grain  boundary  diffusion  are  closely  related  to  those  of 
lattice  diffusion. 
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Introdnctioo 


The  reaction  of  two  adjacent  phases,  leading  to  the  fonnation  of  one  or  several  new  phases, 
is  of  such  general  importance  that  one  would  expect  it  to  be  die  object  of  numerous  studies. 
In  fact  diis  is  not  the  case.  In  only  one  book  [1]  is  the  questhm  discussed  in  its  gmieraliiy. 
Initially  one  finds  in  the  literature  two  articles  [2,3]  that  treat  firom  a  purely  mathematical  pt^ 
of  view  the  diffusive  giowdi  of  several  phases  simultaneously.  In  die  last  fifteen  years  dme 
sqipeared  a  number  of  publications  [4-14]  that  shall  be  tniefly  analyzed  here.  One  may  also 
consult  a  survey  [14]  of  the  reacdtHis  of  A1  with  transition  metals,  and  two  articles  [15,16] 
where  reactive  phase  formation  is  discussed  in  general  terms  but  focused  on  Al-Ni.  The  for¬ 
mation  of  amorphous  {diases  has  been  the  object  of  much  attrition  [17-20].  Amorphous 
phases  [21]  form  (by  reaction)  when  the  difference  in  mobilities  between  die  conqxments  of 
a  binary  phase  is  large,  so  that  the  high  mobility  of  a  component  allows  die  phase  to  grow, 
whoeas  die  low  moiety  of  the  other  prevents  it  firom  crystallizing;  typical  of  such  reactions 
is  the  formation  of  amorphous  SiOj,  where  the  difference  in  mobilities  b^ween  Si  and  Oj  is 
astronomicai.  The  subject  is  probably  more  complex:  it  will  not  be  discussed  here.  Refnmice 
shall  be  made,  however,  to  a  discussion  [22]  of  the  nuclealion  of  such  phases.  Resumed 
differences  between  dun  film  and  "bulk*  reactions  are  trivial  [13]  and  hardly  deserve  dis¬ 
cussion.  A  beautiful  study  [23]  of  bulk  reaction  in  the  Ag-Zn  system  shall  be  mentioned,  as 
well  as  a  study  [24]  by  the  same  authors  of  a  specific  aspect  of  growth  instalnlity.  Reaction 
in  temary  systems  will  not  be  discussed;  readers  may  consult  the  literature  [9,25,!%].  Stresses 
[27-29]  and  nucleation[8,22]  shall  be  discussed  Mefly. 

Mathematic^  CoaaideratlMia  and  Coane«|nenccs 

The  nwthHiMitiw  ft£.4iifivwffB-99ntt9dff^ 

The  mathematics  [23]  for  die  sunultancous  growths  trf  several  layers  is  com{dicated.  Here, 
we  consider  only  two  layers  growing  between  two  elements  totally  insoluUe  into  each  other. 
Moreover,  it  shall  be  assumed  that  only  one,  and  the  same,  element  is  mobile  in  both  of  the 
growing  layers;  such  is  die  case  [30,31]  almost  precisely  during  the  growth  of  Ni2Si  and  NiSi 
between  Ni  and  Si  at  tmnpaatuies  between  200°C  and  400°C.  The  geometry  is  shown  as  in 
Rg.  1.  In  the  nudiematics  of  diffusion,  both  phases  should  start  to  grow  simultaneously  at  time 
zero.  With  A  akme  moving  die  reactions  would  be,  ibr  the  formation  of  AjB,  at  the  AjB/AB 
intoface: 


AB  +  A  =  A2B  (1) 

widi  driving  force  AF|.  For  the  formation  of  AB,  again  at  die  A2B/AB  interface: 

A2B-A  =  AB  (2a) 


Figure  I  -  Schematic  representation  of  the 
growths  of  two  phases  A2B  and  AB  be¬ 
tween  the  elements  A  and  B. 


186 


X 


and  at  the  AB/B  imerface: 


B  +  A  =  AB  (2b) 

The  sum  of  2a  and  2b  gives: 

A2B  +  B  =  2AB  (2) 

with  driving  force  AF2.  In  the  examples  given  the  driving  fences  corre^nd  to  the  motion 
of  single  A  atoms.  However,  one  shcaihl  be  careful;  this  need  not  be  die  case  for  all  possible 
reactions.  The  fluxes  (jj's)  of  A  atoms  in  the  two  idiases,  written  in  tom  of  die  Nonst-Einstein 
equation,  are: 

ji  =  CiXDi/kTxAFi/Li  (3) 

where  Cj  is  the  concentration  of  A  atoms  in  die  respective  phases,  D.  their  diffusion  coeffi¬ 
cients,  and  Lj  the  lengths  of  the  two  (diases.  One  should  use  the  exact  potential  gradient  for 
the  moving  species  inside  the  respective  phases,  from  one  interface  to  the  other,  but  this  is 
often  not  available.  One  should  also  consider  that  the  D's  in  Eq.  3  are  averaged  over  the  whole 
composition  range  for  each  phase,  regardless  of  how  narrow  the  composition  limits  mi^t  be. 
For  heuristic  purposes,  the  driving  frxees  as  defined  here  can  be  used,  aldiough  this  is  not 
striedy  correct  [see  13].  For  the  lengths,  it  is  clear  that  the  rate  of  growth  of  phase  1  should 
be  proportional  to  jj  minus  j2  since  for  every  A  atom  moving  through  1  one  forms  one  mol- 
ecide  of  A2B,  but  for  every  A  atom  moving  duough  2  one  destroys  one  molecule  of  A2B. 
One  may  then  write: 

dL,/dt  =  a/L,-p/L2  W 

and 

dL2/<tt  =  2p/L2-a/L,  (5) 

Except  for  some  geometrical  factors,  a  and  P  are  given  by  Eq.  3.  Starting  from  zero,  L,,  Lj 
and  ^ir  sum  L  will  grow  as  ^Jt.  According  to  pure  diffusion,  phases  cannot  disrqrpear  since 
if  any  phase  Lj  becomes  sufficiently  small  tte  corresponding  dL./dt  becomes  infinitely  large. 
If  one  were  to  prepare  samples  with  arbitrary  values  of  L,  and  L2,  Eqs.  4  and  5  define  the 
behavior  of  die  two  respective  lengths,  since  they  define  die  respe^ve  values  of  the  Lj's  for 
which  the  phases  may  grow  or  not  According  to  [7]  one  may  rqiresent  the  situation  as  de- 
sonbed  in  Fig.  2,  where  the  field  defined  by  L,  and  Lj  is  divided  into  diree  different  areas, 
M,  N  and  O;  these  are  separated  by  lines  1  and  2  corre^ionding  respectively  to  the  conditions 
where  dL^dt  and  dL,/dt  are  equal  to  zero.  Only  in  the  middle  regkm  N  would  bodi  phases 
grow  simultaneously.  In  eidier  one  of  the  extreme  fields,  M  and  O,  one  phase  would  decrease 
in  size  (without  ever  distqipeating)  while  the  other  would  grow.  Let  us  assume  that  one  starts 
with  a  sample  consisting  of  A  (semiinfinite),  AjB,  AB  and  B  (semiinfinite),  widi  the  lengths 
of  die  two  inimnediate  phases  given  by  pmnt  P  in  dranain  O  (Rg.  2).  Phase  1  is  sufficiendy 
diidc  that  Eq.  4  is  negative;  ctmsequentty  it  will  shriiik,  while  phase  2  grows.  The  behavior 
is  described  by  the  curved  line  with  an  arrow.  As  the  trajectory  crosses  into  domain  N  (at 
Q),  die  curve  becomes  v«tical  since  on  line  2  dL,/dl,  which  may  be  written  as  (dL,/^)  x 
(dLj/dt),  is  equal  to  zero.  Prom  then  on  the  trajetioty  will  tend  asymptotically  towards  line 
3.  A  parallel  situation  occurs  for  a  sample  defined  initially  by  a  poim  in  domain  M.  Starting 
from  die  oriRin,  with  L,  and  L,  both  equal  to  zero,  the  growths  of  die  two  phases  would  occur 
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simultaneously,  their  ratio  would  be  a  constant  described  by  line  3.  Because  D|  and  D2  will 
generally  have  different  activation  energies,  the  behavior  may  change  by  simply  changing  the 
temperature.  Regardless  of  the  starting  configuration  the  respective  thickness  will  evolve  to¬ 
ward  an  asymptotic  value  shown  in  Rg.  2  by  the  dotted  line  3; 

L,/L2  =  (a-p  +  '^(a-P)^  +  8aP  )/2p  (6) 

which  tends  towards  a/p  when  a  is  much  larger  than  p. 

Setting  both  Eqs.  4  and  S  greater  than  zero  defines  tiie  limits  required  for  the  simultaneous 
growths  of  the  two  phases: 


Since  generally  the  geometrical  fiKtms  and  fiee  energy  terms  tiiat  enter  into  a  and  P  vary  little 
from  phase  to  phase  in  conqratison  with  the  diffusion  coefficients,  they  can  be  neglected. 
Then  by  rearranging  the  terms,  the  relations  in  7  can  be  written  as: 

f  L2/Li>D2/D,  >L2/2L,  (8) 

The  lengths  of  the  different  laym  scale  linearly  with  their  respective  difliisioo  coefficients 
I  and  not,  as  could  be  anticipated  given  tiie  relationships  as  -y/t,  as  the  square  root  of  these 

coefficients.  As  a  ccmsequence  if  D|  and  D2  ve  in  the  ratio  of  KXXVl,  whoi  the  one  layer 
would  have  grown  to  100  nm,  tire  oder  would  remain  below  0.1  nm.  in  practice  it  would  not 
exist  Until  phase  2  (AB)  be^ns  to  be  physically  present,  phase  1  (AjB)  would  not  have 
grown  as  in  1  but  as; 

0.SB  +  A  =  0.5A2B  (9) 


( 

i 


A 
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with  a  ctMTespondiiig  free  energy  change  per  mobile  A  mom  of  AFj',  greatm  dian  AF,. 
Mathematically  as  a  first  approximation.  D,  would  remain  the  same;  i^ysically  diings  could 
be  quite  different  since  to  the  change  beiiig  considered  would  correspond  a  change  in  con- 
centratimi  limits,  which  could  greatly  affect  dte  diffusion  coeffident  Thus  in  multiple  phase 
growth,  the  initial  growth  of  the  first  phase  diould  be  especially  fast,  not  only  because  in  Eq. 
4  the  negative  tmm  is  absent,  but  also  because  an  increase  in  the  driving  force  leads  to  a  high 
value  of  a.  When  dm  square  of  the  measured  Aiclmess  is  plotted  as  a  functirm  of  t.  a  straight 
line  drawn  through  the  data  points  intercepts  the  time  axis  at  a  positive  value  (the  so-called 
incubation  time),  which  reveals  that  phenomena  other  than  difiusion  control  die  initial  period 
of  growth. 

Experimental  evidence 

hi  order  to  illustrate  the  above  formalism,  one  may  chose  the  rather  extreme  exanqde  of 
the  formations  of  WjSij  and  WSi^.  In  diin  film  experiments  [32,33]  at  temperatures  below 
1000°C,  and  reactions  [34,33]  carried  out  at  hi^ia'  temperatures,  <me  observes  only  WSij,  not 
WjSij.  The  respective  activation  eimgies  [3435]  are  3.7  eV  and  2.1  eV.  Assuming  equal 
(xeexponential  factors,  at  about  1225°C  the  ratio  of  thicknesses  for  WjSij  and  WSij  would 
be  10  i.e.  when  WSi^  would  be  10  pm  thick,  WjSi^  would  remain  of  the  order  of  0.1  nm, 
and  that  ratio  would  be  even  smaller  at  Iowa  temperatures.  The  same  observations  would 
apply  for  MoSi^,  MOjSi^,  and  MOjSi,  with  reflective  activation  energies  reported  [3435]  as 
2.2  eV,  3.7  eV  and  3.4  eV.  The  disilicides  cmly  should  be  obsoved  in  thin  film  experiments 
with  metal  thickness  less  dian  100  nm  and  low  tempoatures.  In  ’bulk”  experiments  several 
phases  will  be  observed  only  at  very  high  temperatures,  if  the  experiments  are  conducted  for 
long  periods  of  times,  and  if  the  techniques  for  detecting  the  minor  phases  are  more  sensitive 
than  those  employed  for  measuring  the  growth  of  the  major  phases.  Detection  sensitivity  is 
a  major  cause  of  alleged  differences  between  tiiin  film  bulk  experiments.  It  may  be  a 
problem  the  whole  family  of  reactions  of  V,  Nb,  Ta  and  Cr  with  Si.  where  only  the  disilicides 
are  usually  observed. 

■Self  Reyulaticm 

One  aspect  of  phase  formation,  periifis  unexpected,  that  follows  from  Eqs.  8  is  the  self- 
regulatory  character  of  multiple  phase  growtii.  Since  the  lengths  are  inversely  proportional 
to  die  diffusion  coefficients,  the  gradients  of  free  energy  AEj/Li’s  will  be  inversely  proportional 
to  Di's,  and  consequently  the  jj's  neatly  equal  to  each  other.  This  is  physically  mandated  by 
the  requirement  that  for  phase  growth  to  occur,  as  dictated  by  tire  overall  decrease  in  free 
energy  of  the  system,  atoms  leaving  from  eitiier  one  of  the  two  sources,  A  a  B,  must  in  some 
way  reach  the  other.  The  situation  is  clearer  in  the  case  of  a  singfe  phase  with  a  diffusion 
coefficient  that  varies  witii  composition.  Then  the  flux  must  be  constant  from  one  end  of  the 
phase  to  the  other,  since  there  cannot  be  any  creation  of  new  lattice  sites  except  at  die  inta- 
frtces.  Thus,  with  j  equal  to  the  product  D  dc/dx  being  constant,  in  regions  where  D  is  small 
the  gradient  will  be  big,  which  is  obtained  by  die  relatively  slow  growth  of  the  corresponding 
physical  regions  [see  19].  Multiple  (diase  growth  behaves  in  a  similar  fashion. 

First  riiase  formed,  a  theoretical  point 

The  free  energy  of  formation  of  phases  frmn  reaction  between  elonents  is  usually  high 
enou^  so  that  nucleation  is  easy  and  does  not  contribute  to  a  rate  controlling  factor.  This 
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should  be  reconsidered  for  ordered  phases  with  low  critical  temperatures.  To  this  observation 
one  should  add  that  when  several  phases  are  possible,  their  free  energies  of  frxmation  from 
the  elements  do  not  vary  much  frtmi  phase  to  phase;  factors  of  10  are  certainly  ^lite  rare. 
On  the  other  hand,  diffusion  coefficients  are  expected  to  vary  widely.  Thus  in  die  cranpedtion 
between  sevmal  phases,  as  defined  by  Eqs.  3  and  9,  it  is  anticipated  that  the  first  (diase  formed 
should  be  die  one  with  the  highest  diffusion  coefficient  The  choice  is  determined  by  kinetic 
factOTs  rather  than  thermodynamic  ones. 

Competitive  growth.  Nemst-Einstein's  versus  Rck’s  law. 

An  interesting  analysis  [24]  of  instabilities  is  based  entirely  on  diffusion  kinetics.  In  Fig. 
3,  phase  1  has  grown  to  a  length  L‘,  according  to  a  relation  such  as  in  Eq.  9.  At  that  time 
phase  2  starts  forming,  most  likely  locally  and  not  as  a  continuous  layer  as  considered  up  to 
now.  Its  thickness  must  be  some  minimum  or  it  would  be  subcritical  and  dissolve.  There 
are  now  two  different  conditions  at  the  two  interfaces  with  B. 

a)  The  interface  A2B/B  will  move  as; 

dL',/dt  =  a'/L',  (10) 

where  a'(  corresponds  to  APj  (Eq.  9,  greater  than  AF,  from  Eq.  1). 

b)  The  motion  of  the  interface  AB/B  will  be  given  by  die  sum  of  Eqs.  4  and  5,  namely: 

dLydt  =  dL,/dt  +  dL2/dt  =  P/L2  (11) 

Comparison  of  Eqs.  10  and  1 1  shows  that  there  will  exist  conditions  such  that  the  interface 
AjB/B  will  move  faster  than  the  interface  AB/B.  Consequendy  the  nascent  AB  phase  embryos 
would  become  buried  into  AjB  and  are  thaefcne  unstable.  Thus,  otherwise  simple  diffusion 
kinetics  may  lead  to  different  results  depending  on  whether  the  layers  are  continuous  or  not. 

All  diffusion  equations  above  are  written  according  to  the  Nemst-Einstein  equation  rather 
than  according  the  more  univnsally  accepted  Hck's  law.  There  are  several  advantages  to  such 
a  procedure.  Let  us  remaric  here  that  when  writing  the  equations  fm  multiple  phase  growth 
using  Inck's  law,  one  ends  up  with  die  factms  Acj,  corresponding  to  the  limits  of  concentrations 
the  various  [diases.  Consequently  the  literature  contains  numerous  statements  to  the  effect 


that  phases  with  broad  concentration  limits  should  grow  fast  This  is  wrong!  The  driving 
forces  for  diffusion  are  the  respective  chemical  potentials;  these  do  not  vary  in  propoition  to 
the  concentration  limits. 

Interface  Reaction  Rates  and  Critical  Phase  Loigths 

Diffusion  equations  predict  infinitely  fast  rates  for  thin  layers.  Physically  this  is  impossible. 
Indeed,  careful  plotting  of  growth  data  [e.g.  Ru2Si3,  36]  reveals  that  the  initial  rate  of  (diase 
growth  is  smaller  than  what  ensues  from  a  t’^  dependence.  One  may  assume,  that  at  the  be¬ 
ginning  growth  occurs  as  K  x  t',  and  call  K  the  intoface  reaction  rate,  even  if  one  does  not 
have  a  precise  idea  of  what  the  term  implies  [as  pointed  out  in  13,19].  This  leads  to  linear- 
parabolic  kinetics  initially  defined  by  Evans  [37],  expressed  as; 

L^  +  AxL  =  Bxt  (12) 

from  which  one  extracts  the  values  of  K  equal  to  B/A,  and  "a”  equal  to  B,  the  reaction  and 
diBusion  rate  constants. 

The  consequences  of  linear-parabolic  kinetics  on  sequential  phase  framations  have  been  the 
object  of  several  analyses  [4,3,11,12].  For  small  values  of  Lj,  ^2  cannot  become  infinite  but 
must  be  limited  to  a  finite  value,  proportional  to  K^.  Equation  S  then  becomes; 

dL2/dt  =  2K2-a/L,  (13) 

For  this  term  to  be  positive,  namely  for  phase  2  to  start  growing,  L,  must  exceed  a  value  L,^ 
given  by: 

L,c  >  aJ2K.2  (14) 

If  the  reaction  rate  Kj  is  extremely  rapid,  L,^  will  tend  towards  zero,  so  Jiat  phase  2  will  start 
growing  immediately,  as  given  by  pate  diffusion  kinetics.  Reference  to  Eq.  13  e;q>lains  why 
L,j  should  be  proportional  to  AF,  and  Dj  (o);  because  after  (and  at)  the  birth  of  {diase  2,  phase 
1  consumes  phase  2.  Equation  13  is  v^d  only  for  small  values  of  I^.  The  general  formu¬ 
lation  [13,16]  for  Eqs.  4  and  3  becomes: 

dL,/dt  =  a/(L,+a«,)-p/(L2  +  p/K2)  (13) 

and 

dL2/dt  =  2&((L2-»-p/K2)-a/(L,+a/K,)  (16) 

The  authors  of  Ref.  10  emphasized  that  Eqs.  13  and  16  are  equivalent  to  Eqs.  4  and  3,  sinqriy 
with  a  translation  of  the  origin  for  L,  and  Lj.  This  allows  one  to  plot  Lj  and  L^,  as  in 
2,  but  with  the  configuration  found  in  Rg.  4.  Depending  on  the  values  of  the  different  pa- 
rametos  thoe  are  three  possible  cases,  a)  the  one  shown  in  Hg.  4,  b)  one  in  which  the  origin 
would  be  found  between  lines  1  and  2,  and  c)  by  symmetry  with  a,  one  in  which  bodi  lines 
1  and  2  would  intercept  die  vertical  axis.  With  cases  a  (Hg.  4)  and  c,  and  starting  with  phases 
of  arbitrary  diickness,  there  exist  ctmditions  where  one  of  die  phases  would  actually  disappear, 
ediich  is  illustrated  by  the  cross-hatched  region  in  Hg.  4.  The  discussion  on  the  trajectoiy  for 
phases  of  arbitrary  thickness  in  Hg.  2  remains  essentially  valid  here.  Starting  fiom  the  inter¬ 
section  of  line  1  widi  the  L,  axis  (at  R)  and  woridng  backwards  (decreasing  Lj),  one  can 
follow  a  trajectory  that  must  be  tangent  M  the  point  of  intosection  and  go  iq>  for  smaller  values 
of  L,  and  larger  ones  (positive)  for  Lj.  That  circumscribes  the  hatched  domain  within  sdiich 
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Figure  4  -  Plot  of  the  respective  thicknesses 
L|  and  L2  of  phases  1  and  2  growing  ac¬ 
cording  to  linear-parabolic  kinetics  (widi  fi¬ 
nite  reaction  rates,  Kj  and  K2),  from  [10]. 


phase  2  would  actually  disappear.  Starting  from  the  origin,  with  L,  and  equal  to  zero, 
phase  1  alone  would  grow  until  the  critical  length  is  reached,  at  which  point  phase  2  also 
would  start  growing;  the  trajectory  ^Kiuld  move  towards  the  dotted  line  from  then  on.  Under 
the  c  ondit.ons  described  here  a  phase  might  actually  disappear,  which  is  in  contradistinction 
with  what  can  happen  with  pure  diffusion  Idnetics;  then  phases  may  be  reduced  in  size  but 
not  actually  cease  to  exist.  As  one  might  have  expected,  jihase  disaj^jearance  would  occur 
only  for  relatively  thin  layers.  Physically,  such  disaiqrearance  would  be  enhanced  by  the  fact 
that  sufficiently  thin  layers  are  thermodynamically  unstable  [8].  For  thick  layers  aitd  long 
times,  the  kinetics  become  indistinguish^le  from  pure  diffusion:  the  respective  phase  lengths 
approach  the  values  given  by  the  dotted  line  in  Fig.  4.  The  existence  of  critical  values,  L.^, 
dictates  that  phases  should  appear  sequentially  (equally  in  "bulk”  and  thin  film  experinKnts). 

Is  there  much  experimental  evidence  for  such  behaviors?  The  answer  to  this  question 
should  remain  ambiguous,  because  the  concept  of  interface  reaction  is  poorly  defined.  Here, 
a  the  definition  has  been  eluded,  sinqrly  by  saying  that  diffusior.  fluxes  cannot  become  infi¬ 
nitely  fast  even  for  infinitely  small  layers.  Observations  of  the  initial  stages  of  phase  growth 
remain  poor.  In  the  one  well  documented  case  [38]  of  linear-parabolic  growth,  that  of  Si02, 
precise  measurements  show  diai  die  initial  growth  [39,40]  does  not  actually  fit  on  the  curve. 
Undoubtedly  many  cases  of  initial  "incubation”  times  ate  not  due  to  limited  reaction  rates,  but 
to  impurities,  oxide  or  other  substance,  at  the  original  interface.  An  argument  based  on  this 
'dea  loses  weight,  however,  when  lefening  not  to  the  first  phase  formed,  but  to  the  subsequent 
ones,  when  impurities  at  the  origiiial  interface  should  play  an  increasingly  minor  role.  New 
ideas  and  observations  [22,4’]  about  die  leginning  of  phaM  growth  remain  to  be  genetr>Uzed, 
and  incorporated  into  overall  kinetic  equations.  It  is  this  author's  opinion  diat  interface  re¬ 
action  plays  a  significant  role  in  phase  growth.  The  evidence  seems  overwhelming.  1)  To 
begin  with,  the  argument  about  the  impossibility  of  infinitely  fast  diffufflcm  appears  logically 
incontrovertible.  2)  One  encounters  accounts  of  phase  disappearance.  In  orto  to  be  mean¬ 
ingful  the  examples  must  be  sudi  diat  the  sources  (for  elemmts  A  and  B)  have  not  been  ex- 
iuuisted.  3)  In  thin  film  experiments,  the  various  phases  appear  one  at  a  time,  since  quite  often 
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at  ka^  one  of  the  two  reactants  is  present  in  amounts  so  small  that  obtaining  jriiases  of 
tfiickness  equal  to  or  greatn  than  L,^  is  impossible.  (Scant  transmission  election  microscopy 
in  cross  section,  now  available  with  atomic  level  lesolutioii,  fails  to  reveal  the  presence  of 
embtycmic  "missing"  phases  at  intofsces).  4)  There  are  several  examples  of  sequential  phase 
formation  repotted  in  "bulk"  experimmits  when  the  observatkms  are  made  with  sufBdent  care, 
namely;  a)  Fe-Zn  [42]  n4iere  phases  of  increasing  Fe  content  form  at  intervals  with  remaik- 
able  regularity,  b)  For  Ag-Zn,  the  propm  kinetic  equations  reported  in  [23]  dmw  diat  the 
phases  do  not  start  to  grow  simultaneously,  c)  Sequential  phase  growth  was  rqxnted  quite 
Itmg  ago  in  the  formation  [43]  of  conq>lex  oxides  from  the  reaction  of  simple  oxides.  5)  As 
already  noted,  the  initial  stage  of  phase  growth  usually  proceeds  at  a  rate  smaller  dum  dkmted 
by  diilusion  alone,  namely  with  an  exponent  of  t  greater  than  0.5  [36]. 

The  presentation  of  the  problem  here,  using  only  one  moving  q>ecies  and  only  two  inter¬ 
mediate  phases,  and  reducing  the  questirm  of  interface  reaction  to  a  lower  limit  for  difiiisiim 
fluxes,  is  an  ovorsinqdification.  A  greatly  more  detailed  study  is  available  in  [12].  What  is 
die  actual  magnitude  of  L-^?  It  will  vary  of  course  fonn  system  to  system,  and  for  a  givmi 
system  it  will  dumge  with  tenqierature.  From  Eq.  14  we  note  that  varies  as  the  cmre- 
sponding  D.,  and  therefore  as  ^  activation  energy  for  diis  term.  However,  in  die  absence 
of  any  proper  physical  understanding  of  K  and  of  its  potential  activation  energy,  it  is  inqx»- 
sibk  to  estimate  how  should  vary  as  a  function  of  temperature.  Consider  some  exper¬ 
imental  examples:  a)  In  Ni-Si  reactitms  for  die  traiuition  from  IhjSi  to  NiSi,  is 
undoubtedly  greater  than  400  nm  in  the  usual  range  of  reaction  temperatures  300X  -  400°C 
[44,45].  It  has  beoi  shown  [46]  tobea8bigas25pmm  600°C  in  lateral  diffusion  exper¬ 
iments.  The  corresponding  critical  length,  however,  is  certainly  quite  analkr  in  die  iriinikr 
transition  bmween  COjSi  and  CoSi.  Thus,  wtdk  it  is  relativdy  easy  to  form  metal-silicon 
reaction  a  film  of  pore  Ni^Si,  it  is  radier  difficult  to  form  one  of  pore  ^  of 
ence  of  CoSi.  b)  Again,  in  lateral  diffusion  sanqiks  [47],  m  280°C  about  5  pm  of  CUjSi  have 
to  form  before  Cu,jSi^  becomes  detectibk-  c)  1^  Fe-Zn  reactions  at  385°C,  the  photographs 
published  in  [42]  ykid  values  of  of  die  order  of  some  600  run  for  the  different  phases. 
Ihus,  whik  the  initial  stage  of  phase  formatirm  remains  to  be  properly  explored,  the  availabk 
expreimental  evidmice  prnnts  to  die  existence  of  initially  slow  grot^  modulated  by  some 
process  altin  to  interface  reaction.  Multipk  phases  appear  sequmdially.  Before  leaving  this 
toftic,  kt  us  note  diat  during  die  initial  stages  of  growth  when  reaction  rales  pky  a  significant 
rok  in  the  kinetics,  the  conoeitication  limits  of  the  varioos  phases  are  reduced  to  values  within 
those  reported  in  equifibrium  diagrams. 


A  common  question  asked  about  die  formation  of  a  new  pluue  is:  Whicb  is  the  draninant 
moving  species?  In  "bulk"  experiments,  and  widi  phases  widi  suffickatly  broad  conqwsitioii 
limits,  it  is  possibk  widi  care  to  use  classical  evaluations  including  the  determination  of  the 
Matano  intniisce  md  its  motion.  Exanqdes  are  found  in  [23]  for  Ag-Zn  reactions,  and  [48] 
on  Al-Ni.  In  thin  films  such  predae  analysis  is  inqxMsibfe;  one  must  content  oneself  with  an 
overall  measumnent  of  die  motion  of  d^osited  or  inflamed  marken  [see  8,44,49].  Markm 
dis|dacement  shows  that  one  conqiQoent  of  the  intermmaUic  otmqiound  diffuaes  at  a  rate  diat 
is  at  least  ten  to  twenty  times  greater  dian  the  odier,  but  do  not  provide  any  estimate  of  the 
iqiperliimt.  A  better  evduation  of  the  difiference  hu  been  obtained  [8]  widi  btlayers  of  similar 
ehnneats:  e.g.  Mo  and  W  on  SL  The  iaomotphoos  disilkides  are  formed  as  usual  at  about 
600"C-70(fC,  but  after  formation  the  two  silkides  remain  quite  distuKt  hfixing  of  die  metal 
atoms  requiies  tempeiatutes  in  excess  of  lOOCPC,  dun  shows  at  once  that  the  silicides  are 
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fwmed  by  Si  motioii,  and  that  tfae  metals  are  greatly  less  mobik  than  Si.  The  same  procedure 
can  be  with  oxides  [21]  where  oxygen  is  the  dominant  moving  species. 

Attempts  have  been  made  to  use  kinetic  data  to  decide  whether  growdt  occurs  via  grain 
boundary  or  lattice  diffusion  [50-52].  Unfortunately,  it  has  been  shown  [53,54]  drat  it  is  neatly 
impossible  to  dilferraitiate  these  mechanisms  except  in  die  case  of  SiOj  [55].  To  distinguisb 
betwera  the  inodes  of  diffusion,  one  needs  to  sbuty  Iwlk"  saiqdes  and  conqmte  die  growdi 
data.  In  die  case  of  Ni2Si,  it  has  been  possible  to  attribute  growA  to  grain  boundary  diffuaon 
[56].  Space  limitations  prevent  one  to  go  into  further  detail',  relevent  information  can  be  found 
in  [57-61] 

Hie  Ordered  CujAn  Rule  and  its  CoraDarics 


Except  for  SiOj  and  other  such  inordinately  opened  structures,  and  for  imcistitial  [62] 
compounds,  and  Hkgg  [63]  phases,  diffusion  in  intermetallic  ctm^iounds  results  almost  always 
bom  vacancy  [58,64]  mechanisms.  In  compounds  sudi  as  AJBg,  with  mhi  greater  than  1, 

A  atoms  should  diffuse  faster  than  B's  if  dtere  exists  a  continnous  network  of  A  lattice  sites 
cm  which  ”A"  vacancies  can  be  propagated  without  disturi^  tfae  overall  crystal  structure. 
On  the  contrary,  if  there  exists  no  such  network  for  the  B  atoms,  dmr  diffusion  will  require 
either  die  local  destruction  of  the  ordered  structure  or  die  cmncidmice  of  two  vacancies  (on 
die  A  and  B  sublattkes);  this  will  also  require  stnne  additional  activation  energy  as  compared 
to  die  diffusion  of  A.  The  excess  should  be  commensurate  with  the  formation  energy  of  the 
conqiound.  This  is  found  for  AlNij  [16,65].  Therein,  the  activation  energies  for  the  diffusion 
of  Co  and  Cr  (which  diffuse  on  die  Ni  sublattice),  are  325  kJfoxd  and  366  U/mol,  respectively; 
however,  for  Tt  (which  substitutes  for  Al)  the  value  is  468  klAnol.  The  difference  is  compa¬ 
rable  to  the  heat  of  formaticm  [66]  of  AlNij,  150  kJAnol  of  Al  (or  AlNi3).  The  ensuing 
C}u3Att  rale  (after  die  well  known  LI2  strocture),  states  [8]  that  in  intermetallic  compounds, 
die  majority  atoms  A  diffuse  faster  than  those  of  the  minority  component  The  rriiability  of 
the  rule  will  vary  as  mfo  differs  frcxn  1.  It  is  ptobdily  always  valid  for  mfa  equal  to,  or  greato’ 
than  3.  For  mAi  equal  to  2  the  sttuation  becomes  amlngootts  already.  In  structures  [67]  sodi 
as  diose  going  fiom  TiSij  to  WSij,  all  the  metal  atimis  are  totally  isolated  from  eadi  other, 
consequently,  growth  always  occurs  via  Si  atom  motion  [8.49].  In  order  to  achieve  similar 
mobilities  for  die  metal  atoms,  much  higher  tenqmatures  are  required.  However,  in  [68] 
structures  such  as  AljC^  MgjCu,  and  MgjNi,  wfam  continuous  cbaiiis  [69]  of  Cu  and  Ni 
atoms  exist  both  species  ate  found  to  be  niotnle  during  growth  from  metal-metal  interaction. 
In  equiatomic  compounds,  of  ^pe  AB,  one  does  not  expect  the  diffusion  of  either  species  to 
be  favored.  As  a  matter  irf  foct  as  compared  to  compound  of  the  type  AmB^  diffusion  in  AB 
compounds  should  be  relatively  difRcnltfbarring  dw  effects  of  constitutional  defects  as  en- 
countnted  in  AlJ4i  and  CoGa).  In  general  the  CUsAu  role  depmids  only  on  local  atomic  en- 
viromnertt,  and  as  such  appUes  independently  of  cry^  symmetry.  Thus,  in  the 
quasicry8tals[72,73]  Al4Mn  and  Al4Pe,  Al  atom  constitute  die  fast  diffnsiiig  species.  For  a 
recent  compOatkm  of  <tata  on  dififosion  in  intennetallic  compounds  corisoItfTO].  Since  the 
activation  energy  for  die  motion  of  die  nunority  atom  ihoukl  be  equal  to  that  coneqwndiiig 
to  the  majority  mom  pins  a  fraction  the  beat  of  formation  of  the  compound,  the  rale  should 
became  less  and  less  valid  as  the  interaction  between  dements  becomes  weaker,  and  as  the 
heat  of  ordering  becomes  nnatler.  It  ceases  to  have  my  vaBdhy  when  the  phases  are  not  or¬ 
dered,  as  is  apparently  the  case  in  the  Cu-Oe  system  1^  die  phase  most  lidi  in  Cu  (besides 
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the  temiiiial  solid  solution),  an  hexagonal  phase  that  fmns  [71]  by  the  joint  motion  of  die  two 
elements. 


In  compounds  where  elements  of  die  majority  atoms  form  a  crmtinuous  network,  die  dif¬ 
fusion  of  diese  atoms  should  have  characterisdcs  i^iproadiiiig  those  of  die  pure  elments.  In 
NijAl ,  for  exarqile,  diChisirm  of  Ni  has  neatly  the  same  activation  ener^  [58,70,74]  as  in 
pure  hti,  about  300  kJ  mol'*.  Consider  now  reactions  between  elements  A  and  B  in  s^di  A 
has  a  significandy  lower  melting  point  than  B.  Given  that  the  first  |diase  formed  should  be 
one  widi  the  highest  difiusion  co^cient,  that  phase  is  likely  to  be  the  one  with  die  hi^iest 
cortient  in  A.  There  are  many  examples  to  confirm  diis.  We  have  already  mentioned  die 
Fe-Zn  [42]  reactions.  There  are  numerous  teacticMis  [14]  between  A1  and  transition  metals; 
the  first  phases  formed  are  such  as  NLAI3,  Co^M^  CcjAlj^,  TiAlj,  MoAlj2,  NbAlj  [75], 
ZrAlj,  WA1j2,  TaAlj,  and  HfAlj.  To  these  one  may  add  [76,77]  CuAlj  and  ItjAl,.  Exper- 
imei^  evidmice  inqilies  that  NiAl^  fixms  from  the  voy  beginning  on  an  atranic  scale[78]. 
In  Cu-Mg  [79]  reactions,  MgjCu  forms  before  MgCu^,  as  in  Ni-Mg  [69]  MgjNi.  Other  ex- 
amides  of  first  idiase  formed  include  AuGSj  [80,81],  PtHg^  [82],  Agliij  [83],  PdSn^  [84], 
Ni3Sn4  [85],  NiCdj  [86],  PdCuj  and  PtCuj  [87],  and  probably  FeSoj  [88],  or  in  Ag-Hg  the  y 
ph^  widi  a  crmqiosition  close  to  AgjHgj  [89].  In  a  series  of  reactions  [90]  betwem  Au  and 
transiti<Hi  metals,  die  first  phases  formed  were  diose  widi  the  highest  Au  crmienL  However, 
in  Au-Pb  reactions  [91]  the  first  phase  formed  is  PbjAu;  in  Pb-Pt  reactions  [91],  it  is  PbjPt 

There  follow  some  corollaries  to  the  ordered  CUjAu  rule  and  its  applications  to  die  pre¬ 
diction  of  the  first  phase  formed.  1)  In  gennal,  the  mi^ty  atoms  will  constitute  the  domi¬ 
nant  moving  species  in  the  first  idiase  formed.  This  is  not  a  matter  of  cause  and  effect,  as 
sometimes  im{riied.  Radm,  the  structural  similarity  between  element  A  and  conqmonds  rich 
in  A  dictates  that,  if  A  has  a  low  melting  point,  attmts  of  A  will  have  high  diffusion  coeffi¬ 
cients  in  A-rich  compounds,  decreasingly  from  phase  to  {diase  widi  decreasing  concentrations 
of  A.  2)  Aldnu^  dianges  in  structure  may  effect  dif^on  coefficients  unpredictably,  we 
expect  that  compounds  of  the  form  A^^B,  will  form  in  order  of  decreasing  mfri  ratios.  A 
beuitiful  example  of  such  a  sequence  is  the  Fe-Zn  [42]  reaction  udiere  die  phase  C  with  7  at% 
Fe  forms  first,  followed  by  S  and  T  widi  8-13  at%  and  23  at%  Fe,  reflectively.  Moreover, 
Kirkendall  voids  [92]  rev^  that  growth  occurs  via  the  motion  of  Zn  atoms.  Reference  [93] 
stides  "the  first  compound  is  formed  diiectly  from  die  starting  metals,  the  second  is  formed 
by  the  reactkm  of  die  first  compound  with  excess  of  the  high-melling  metal,  and  the  diiid 
by  the  reaction  of  die  second  compound  with  die  excess  of  die  hi^melting  metal”.  This  is 
in  agremnent  with  the  analysis  presented  here. 


Exceptions  to  diese  rules  are  inleiesting  for  they  suggest  importance  of  odier  physical 
phenom^.  An  exoqition  to  the  CujAu  rule  is  enooimtered  in  die  frxmations  die 
iaomotphous  NtSi,  and  CoSij,  CaF,  structure,  where  the  metal  atoms  have  been  frxmd 
[94,95]  to  be  more  mobile  than  the  majorfry  Si  atoms.  Failnie  of  the  rule  here  is  rHaled  to 
dw  open  atmctme,  with  ooordiiiation  number  4  for  Si,  and  to  die  abaence  of  metal  atoms  in 
4  of  fee  8  lattioe  sites  availaibie  in  the  unit  oril;  dms  die  diflosk»  proceaa  is  not  Ifetdy  to  be 
a  simple  vacancy  mechanism. 
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A  striking  excq^oo.  in  Au-Al  [96]  interactioas,  is  the  initial  fonnation  of  AujAl  ntho' 
than  die  aliuniniun-rich  compound  AuAlj.  We  expect  this  related  to  anomalously  hi^  m^ing 
temperature  of  AuAlj,  1060°C.  Anodier  excqition  is  Al-Fe,  sriiere  die  first  phase  to  fmm 
would  be  anticipated  to  be  the  aluminum-rich  Al^Fe,  although  some  odier  phase  is  usually 
observed  [13,73].  The  aluminum-rich  oon^)ounds  formed  with  tiansitkin  demems  of  die 
fourdi  period  exhibit  a  curious  regularity:  AljCu,  AljNi,  Al^^Co,  AljFe,  AI^Mn,  Al^Cr,  and 
Aljg^V.  Clearly,  AljFe  does  not  fit  in  ^  soies.  Several  stable  conqiouiids  richer  in  A1  than 
Al^^  sudi  as  Al«Mn  of  Mn  structure,  or  die  quasiaystal  Al4Fe  have  hi^  mobilities  of  A1 
atoms  vriuch  is  in  full  agreement  with  CU3AU  rule.  On  die  othm  hand,  diere  are  also  A1  atom 
deficient  stable  cmnpounds,  such  as  Al2jFe[97]  which  riiow  large  atomic  mobilities  due  to  a 
diffiermit  reason  namely  die  presence  of  high  density(16%)  of  constimtional  vacancies  on  die 
A1  sublatdce.  Howeva,  stable  phases  have  relatively  close  conqiositioiis,  minor  structural 
details  can  afGect  considerably  die  respective  mobilities.  In  such  cases,  the  corollaiies  to  the 
CUjAu  rule  (although  not  the  rule  itself)  should  fail  quite  frequently.  Impurities  can  affect  the 
ordn  of  phase  formation  and  cause  rqipareiit  failure  of  the  nites  formulmed  here.  Smnetimes 
duU  can  be  attributed  to  gross  modifi^ons  of  tfaermodynamic  factors,  qiecially  where  the 
activity  of  <Hie  of  the  reactants  is  particularly  liable  to  be  lowmed  by  impurities:  such  are  A1 
and  Si  in  the  presence  of  oxygen  [16]. 


The  ordered  CujAu  rule  is  conceived  in  toms  of  vacancy  diffusion  on  crystalline  lattices. 
It  is  remarkable  diat  it  seems  to  apply  to  sdid  interactioas  regardless  of  temperature,  especially 
since  many  of  the  observations  on  first  phase  formatimi  are  made  with  thin  films  after  re¬ 
actions  at  quite  low  temperatmes  where  one  expects  grain  boundary  diffiisioa  to  be  dominanL 
Unfortunately  while  data  on  lattice  diffuskm  in  interroetallic  compounds  are  beginning  to  ac¬ 
cumulate,  precise  infixmition  about  grain  boundary  diffusion  in  these  conqioands  is  hardly 
existent  ^  one  is  limited  to  generalizations  based  on  phenomenological  observmions.  The 
presently  noted  validity  of  die  Ca3An  rule  and  its  corollaries  in  low  tenqierature  reactions 
implies  that  the  processes  of  grain  boundary  difiusion  are  not  too  different  fiom  diose  in  the 
lattice.  A  case  in  point  is  the  similarity  of  diffusion  profiles  in  Al-Ni,  regardless  of  ndiedier 
the  reactions  are  carried  out  at  temperatutes  [48]  above  10(X}°C,  or  at  much  lowm  tenqientures 
[98]  220°C.  In  particular  the  very  curious  and  chanctoistic  profiles  of  the  NiAl  phase  are 
the  same  [analyzed  in  detail  in  15],  aldioagh  throu^  diis  large  temperature  range  the  relative 
contributions  of  lattice  and  grain  boundary  migiations  should  vary  considerably.  Indeed,  the 
similarities  of  the  complex  profiles  implies  that  die  lattice  and  grain  boundary  diffusion  coef¬ 
ficients  for  NiAl  vary  in  the  same  way  as  a  function  of  cmqiosition.  In  many  pure  metals  it 
is  now  known  [99]  that  bodi  tranqxMts,  in  die  lattice  and  along  grain  bounthnies,  occur  via 
vacancy  mechanisms.  The  extension  of  diis  observation  to  intermetallic  compounds  justifies 
the  mdeted  CujAu  rule  even  wfane  grain  boundary  diffri»»  ptedomiiiales.  In  a  Zr  matrix, 
Co  and  Fe  atmns  diffuse  [100]  via  interstitial  mechanisms  b^  in  the  fadtice  and  in  grain 
boundaries.  In  matrices  where  lattice  diffuskm  involves  mtoniBloasly  fast  processes,  die  same 
is  observed  [105]  for  the  grain  boundaries.  In  NiO  [101],  l*fi  is  a  fester  diffuser  dian  oxygen 
bodi  in  the  lattice  and  along  grain  boundaries;  die  i^iective  diffusion  coefficients  vary  in  die 
same  way  as  a  fimction  of  Oj  pressure.  In  CtjO,  it  [103]  on  the  contrary,  oxygen  diffiises 
faster  dian  Cr,  bodi  in  die  lat^  and  akmg  die  grain  boundaries;  diffuskm  does  not  depend 
on  the  O2  pressure.  Oxygen  (fiffuskm  in  the  lattice  and  in  the  grain  boundaries  of  0^,0 
proceeds  via  the  same  interstitial  mechardsm  [104].  In  general  it  seems,  gram  boondaiy  dif- 
firskm  fellows  approximalely  the  same  modalities  as  lattice  diffeskm.  In  ordered  cottipounds 
this  effect  should  be  even  more  pronounced  since  grain  boundaries  must  nwressrily  adopt  a 
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configuration  close  to  that  of  dte  lattice,  for  were  it  not  so  die  grain  boundary  energies  would 
beccraie  enramous. 


Nodentioa 

When  A  reacts  widi  B  to  form  some  die  Bee  enngy  diange  dF  is  usually  sufficiently 
lag  that  as  a  first  qipioxiination  one  may  ignore  nuckation  effects.  However,  die  subsequent 
fornudion  (rf  new  phases,  let  us  s^  rkto  in  B,  occurs  by  die  reaction  rrf  A„B,  widi  B.  The 
process  can  go  on  until  one  reaches  some  A^,  where  dF  dianges  sign,  then  A^^  ceases  to 
be  staUe,  and  under  normal  cueumstances  will  not  fixm  at  alL  However,  the  formation  die 
preceding  phase  A^B^,  will  be  accompanied  by  a  AF  of  die  right  sign  (negative),  but  its 
fiMgnihMfc  may  be  very  small.  A  decreasing  AF  with  increasiiig  amounts  of  dther  A  or  B,  is 
a  fundamental  feature  of  diemical  systems.  Then,  because  for  small  diidaiess  of  A^B  the 
overall  gain  in  free  energy  is  smaller  than  die  enogy  required  to  create  an  extra  inteitace, 
nucleadon  can  be  extremely  difficult  and  become  rate  controlling.  Examination  of  die  acti- 
vation  enmgy  for  nucleation,  of  the  form  Ao’/AF^  (where  Arr  is  the  increase  in  surfece  energy) 
makes  this  immediaiely  clear.  The  modalities  rd'  six;h  phase  formation  have  been  ex|doted  in 
a  series  [8,10S]  of  publications.  For  the  first  cmc  or  two  phases  to  grow  dus  behavior  is 
usually  not  found,  which  justifies  tme's  neglect  of  nucleation  effects.  The  situation,  however, 
may  not  be  so  siitqde.  Thtte  is  evidence  [41]  diat  interface  reactions  may  ofien  begin  with 
die  nudeatitm  of  some  metastable,  amorphous  phase  (because  the  interface  energies  would 
be  smaller  for  amorphous  fdiases  than  fra  crystal^  ones).  A  recent  analysis  [22]  reveals  that 
such  initial  nucleatirai  would  not  fundamentally  affect  the  ordra  of  phase  growdi  proposed 
above.  Diffusion  radier  than  nucleatirai  is  die  dominating  factor.  Stresses  [see  27-29,106] 
should  affect  the  kinetics  of  phase  formatkm,  eithra  by  modification  of  die  dieniical  potential 
terms  in  die  Nernst-Einstein  equation,  and  perhaps  more  fundammitally  by  dianging  the 
equilibrium  conditions  between  staUe  and  metastable  phases.  Calculations  of  stresses  during 
phase  growdi  are  conqdex  and  are  unforturudely  nuuied  by  a  totally  erroneous  discussiaa  of 
nucleation  in  the  literature.  The  truly  detailed  analysis  of  the  relationship  between  stress  and 
phase  growdi  are  essentially  limited  to  SiOj  [29,107,108-1 10]  but  its  dismission  is  beyond  the 
scope  of  this  article.  Intoested  readers  may  consult  a  few  other  publications  [111-113] 

CoadafciaB  and  Snamiary 

1)  Analysis  of  diffusion  eqmdions  provides  die  relatkms  between  duckness,  diffusion  coeffi¬ 
cients,  and  fiee  energy  chimges  that  govern  die  "mathematical”  growths  vi  several  phases:  a) 
ff  one  starts  fiom  zero,  all  phases  should  grow  in  proportion  to  b)  The  ratios  of  die 
various  thickness  should  remain  constard.  The  exact  fnnetion  is  conqdicaled  but  surprisingly 
the  ratios  should  vary  neatly  as  the  respective  diffusion  coefficients  ndier  than  di^  square 
roots,  c)  According  to  difi^on  equatim  done,  phases  of  arbittaty  diidaiess  can  decrease 
in  thickness  but  sbodd  never  disappear  (mathematically!  Physicaliy  dungs  may  behave  dif¬ 
ferently  since  sufficiendy  dun  laym  cease  to  exist). 

2)  butoducing  the  simple  phytical  comfition  that  a  phase  does  not  teaDy  exist  b^ote  hs 
thickness  readies  several  A,  immrdiatrly  complicates  the  kiiietics  fra  the  otter  phases.  Thus: 
a)  a  small  modification  of  "pure”  diflusioo  conditioiis  introduces  the  notion  sequential  phase 
formation,  and  b)  since  the  rate  of  growth  oi  a  phase  should  decrease  as  the  munber  of  "ex¬ 
isting"  phases  inraeases,  die  absence  of  experimental  observations  revealing  initially  (at  time 
t  s  0)  npH  growdi  inqilies  that  fiKtors  other  than  diffusioo  control  die  very  first  stage  ot  phase 
formation. 
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3)  Even  siiiq>te  difiosion  kmetics  may  lead  to  unstable  cooditioiis  if  smne  of  the  growing 
layers  are  not  continuous. 

4)  Vl^tfa  the  introduction  of  interface  teacdmt  rates,  die  simple  yjt  kinetics  become  modified 
to  linear-parabolic. 

5)  When  growth  is  controltod  initially  by  interface  reaction  rates,  new  phases  appear  only  after 
otho'  phases  have  reached  a  critical  thickness.  This  results  in  die  sequratial  phase  formatitm 
which  is  usually  obsoved  when  experiments  ate  crmducted  widi  sufficient  cate.  Contrary  to 
what  follows  fitom  pure  diffusion  kinetics,  when  growth  becomes  a  function  of  interface  re¬ 
action  rates  dun  phases  of  arbitrary  thickness  may  actually  dis^ipear  for  purely  kinetic  rea¬ 
sons. 

6)  Although  the  values  of  the  critical  thickness  dut  must  be  reached  by  one  phase  beftxe  an¬ 
other  one  can  aj^iear  will  vary  fiom  system  to  system,  physical  examples  of  values  equal  to 
or  greater  than  SOO  run  are  found. 

7)  According  to  the  ondered  CujAu  rule,  in  lunary  couqxmnds  die  atoms  of  the  majority  ele- 
rnerds  should  difiiise  foster  than  those  of  the  minority.  This  will  be  geaoally  true  whoi  the 
ratio  of  concentrations  is  greater  than  3  to  1.  but  may  be  valid  also  for  ratios  of  2  to  1. 

8)  Where  several  {diases  may  form,  the  order  of  phase  fmmation  is  likely  to  be  dmtated  by 
kinetic  radier  dian  thermodynamic  factors.  According  to  the  ordered  CU3AU  rule  and  its  cor¬ 
ollaries,  when  two  metals  with  different  melting  points  react  widi  each  odier,  the  first  phase 
formed  should  contain  the  maximum  concentration  of  the  metal  widi  die  lowest  meltiiig  point 
^Mo  facto  in  that  phase,  atoms  of  the  low  melting  metal  should  constitute  the  dominaiit  dif¬ 
fusing  species.  Both  statmncnts  are  usually  valid.  One  may  want  to  go  hather  and  consider 
the  sequence  of  phases  that  grow  consecutively:  they  should  contain  increasing  amounts  of 
the  mc^  with  die  high  melting  point  (e.g.  in  I^Zn  reactions). 

9)  Exceptions  to  rules  7  and  8,  deserve  attention.  They  may  be  due  to  anomahwsly  high 
melting  points  (AljAu),  to  special  structural  details  (MgjCu,  MgjNi,  or  NiS^  and  CoSij),  or 
to  the  presence  of  constitutional  defects  (e.g.  FeAlj  and  FeAl2j). 

10)  When  the  free  energy  change  upon  the  formation  of  a  new  phase  becomes  small  (of  the 
order  of  SO  cal/cm^)  nucieation  becomes  difiScult,  and  at  low  temperature  may  prevent  the 
formation  of  such  phases.  This  is  usually  not  inqiottaiit  for  die  first  few  phases  to  form. 
However,  should  <me  want  to  penetrate  die  intricacies  of  initiai  phase  fiinnation,  other  more 
subtle  nucieation  effects  might  be  important 

11)  Stresses  should  play  a  role  in  reaction  kmetics.  Except  for  die  thermal  oxidation  of  silicon, 
there  appears  to  be  little  of  a  quantitative  nature  to  report 


Bart  of  diis  pubhcation  was  presented  at  a  summer  school  on  thia  films  in  Himenlinna, 
Finland,  June,  1992.  The  author  is  greatly  indebted  to  coworkers  in  die  field  of  interface  re¬ 
actions,  V.  I.  DyUov,  P.  Gas,  D.  Gupta,  C.  S.  Petersson,  J.  Philibert  L.  Stoh,  O.  Thomas, 
Std-Li  Zhang,  and  many  others. 
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Creep  and  Diffusion  in  intermetaiiic  Alioys 


G.  Sauthoff 
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D-4000  DQsseldorf,  Germany 


Abstract 

Inteimetaliics  for  stnicturai  applications  at  hi^  temperatures  must  show  a  sufficient  high 
temperature  strength  which  is  controlled  by  creep  processes.  In  the  first  section  the  creep 
behaviour  of  single-phase  intermetaiiic  alloys  is  overviewed  with  respect  to  stress  and  tempe¬ 
rature  dependence  and  effects  of  composition  and  microslructure.  It  is  shown  in  particular  that 
creep  defomution  is  controlled  by  diffusion.  The  second  section  refers  to  multiphase  interme¬ 
taiiic  alloys,  and  both  particulate  and  non-particulate  alioys  are  regaitlecL  Data  ate  presented  for 
single-phase  and  multiphase  alloys  based  on  B2  phases  and  less-common  phases  and  the  con¬ 
sequences  of  diffusion  control  for  alloy  design  ate  discussed. 
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1.  Introduction 


Intermetallic  phases  fiann  because  of  a  strong  predominantly  metallic  hnnrfing  between 
unlike  metal  atoms.  From  this  not  only  particular  ordered  crystal  structures  and  physical  pro¬ 
perties  result,  but  also  comparatively  high  strengths  at  low  and  high  temperatures  and  low 
ductilities  at  low  temperatures.  Strength  and  defiarmability  are  controlled  by  various  different 
mechanisms  depending  on  stress,  temperature  and  microstnicture.  A  quick  overview  cm  the 
prevailing  deformation  mechanisms  is  given  by  the  deformation  mechanism  map  for  a  given 
material  [1]. 


Fig.  1  -  DeformationmapwithcurvesofconstantshearstrainrateasafunctionofnormaliTcd 

shear  stress  and  temperahire  (p  =  shear  modulus,  T,  =  melting  temperature)  for  Cr 
with  0.1  mm  grain  siae  (a)  and  ZrC  with  0.01  mm  grain  size  (b)  [1]. 
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Complete  deformation  maps  are  available  for  many  metals  and  alloys  as  well  as  for  some 
non-metallic  materials  [1],  but  not  yet  for  intermetallic  phases.  The  comparison  of  a  map  for  a 
pure  metal,  e.g.  the  transition  metal  Or  with  cubic  A2  structure  -  Fig.  la  - ,  and  a  map  for  an  only 
partially  metallic  interstitial  compound,  e.g.  the  refractory  carbide  ZrC  with  cubic  B1  structure 
-  Fig.  lb  - ,  shows  that  these  maps  which  refer  to  normalized  scales  do  not  differ  too  much  for 
these  dissimilar  materic  Is  in  spite  of  the  differences  in  atom  bonding  and  crystal  structure.  Figure 
2  [21  shows  the  high-temperature  part  of  the  deformation  map  for  the  ternary  intermetallic  phase 
(Ni,^gFeo,i)Al  with  cubic  B2  structure  which  is  known  as  L2o  structure,  too,  and  results  from  the 
A2  structure  by  atomic  ordering.  Again  the  behaviour  of  the  intermetallic  does  not  differ  too 
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much  from  ttat  of  the  other  two  examples.  Obvksusly  the  normalization  of  applied  stress  by  the 
respective  shear  modulus  and  temperature  by  the  respective  melting  temperature  is  sufficient 
for  a  unifying  description  of  the  global  deformation  behaviour  of  various  materials  including 
intermetallics. 

In  view  of  the  shown  deformation  maps  die  transition  from  low-temperature  deformatkm 
which  is  controlled  by  the  conservative  motion  of  dislocations,  to  high-temperature  deformation 
which  is  controlled  by  thermally  activated  creep  processes  is  supposed  to  occur  in  the  temperature 
range  0.3  T_  -  0.5  T.  for  intermetallics,  too,  where  T.  is  die  melting  temperature.  This  means 
that  the  mechanical  properties  of  intermetalUc  phases  at  high  temperatures  are  determined  by 
creep  processes  and  depend  sensitively  on  temperature  and  deformation  rate.  In  the  following 
this  is  discussed  in  some  more  detail  on  the  basis  of  earlier  reports  [4-10].  The  temperature 
dependence  of  creep  resistance  is  regarded,  and  the  effects  of  stoichiometry,  solutes,  grain 
boundaries  and  second  phases  are  shown.  The  examples  for  the  following  discussion  are  taken 
from  the  work  of  the  author’s  group  which  is  centered  on  B2  phases,  NiAl-base  alloys  and 
less-common  phases. 

2.  Creep  of  Single-phase  IntermetalUc  Alloys 

The  creep  behaviour  of  intermetallic  phases  is  exemplified  by  that  of  the  ternary  B2  phase 
(Ni,Fe)Al  which  was  studied  in  detail  as  a  function  of  stress,  temperature,  composition,  and  grain 
size  [2,3,11,12].  The  B2  crystal  structure  of  this  phase  results  from  atom  ordering  in  the  bcc 
lattice,  and  with  stoichiometric  composition  -  50  at.%  A1  -  the  phase  is  completely  ordered  up 
to  the  melting  point.  The  Ni  and  Fe  atoms  substitute  each  other  in  one  of  two  sublattices  of  the 
B2  structure,  i.e.,  (Ni,Fe)Al  may  be  regarded  as  an  intermetallic  alloy  of  the  binary  phases  NiAl 
and  FeAl  -  both  with  B2  structure  -  with  complete  mutual  miscibility. 

2.1.  Stress  Dependence 

At  high  (emperatures  -  e.g.  tiO  %  of  the  melting  temperature  or  higher  -  the  secondary  creep 
at  rates  between  about  lO**  s'*  and  10'^  s'*  shows  power  law  behaviour,  i.e.,  the  observed  secondary 
creep  rates  are  described  by  the  familiar  Dom  equation  for  dislocation  creep  [1]: 

'e~A(DGb/kT)(a^T  (1) 

where  e  s  secondary  strain  rate,  A  =  dimensionless  fector,  D  =  effective  diffusion  coefficient, 
O  =  shear  modulus,  b  =  Burgers  vector,  k  =  Boltzmann’s  constant,  T  =  temperature,  o  =  applied 
stress,  and  the  exponent  n  is  between  3  and  5. 


0  0.2  0.4  0,6  0.B  1.0  T/T* 


Fig.  2  -  High'temperature  deformation  map  with  curves  of  constant  compressive  strain  rate 
as  a  function  of  normalized  compressive  stress  and  temperature  (G  =  shear  modulus, 
T„  =  melting  temperature)  for  (Nio.,Feo,i)A!  with  0.1  mm  grain  size  [2,3]. 

Dislocation  creep  of  conventional  disordered  alloys  is  produced  by  gliding  and  climbing 
dislocations.  If  climb  is  the  slower  step  as  in  pure  metals,  foe  creeprate  is  controlled  by  dislocation 
climb  which  gives  rise  to  a  well-defined  subgrain  structure,  and  the  stress  exponent  is  4  or  S. 
This  is  characteristic  for  the  so-called  class-II  alloys.  Otherwise  viscous  ilislocation  glide  is  rate 
controlling  which  leads  to  dislocation  tangles  without  subgrain  formation  and  a  stress  exponent 
3  as  characteristics  of  the  class-I  alloys  [13]. 

The  secondary  creep  behaviourof(Fe,Ni)Ai  shows  analogous  characteristics.  In  the  Ni-rich 

phases  and  in  the  binary  NiAl  a  well-defined  substructure  is  found  after  creep.  The  subgrain  size 

is  of  the  order  of  10  |un,  and  the  dislocation  density  within  foe  subgrains  is  about  10^  cm'^  In 

agreement  with  this,  stress  exponents  between  4  and  4.5  have  been  fourx)  for  foe  Ni-iich  phases, 

i.e.,  these  phases  behave  like  class-II  alloys  with  dislocation  climb  controlling  the  oeep.  In  foe 

Fe-rich  phases  and  in  PeAl,  however,  no  subgrain  formation  has  been  observed  even  after  kmg 

creep  times.  The  dislocation  density  remains  high  -  about  10"*  cm'’  - ,  and  the  stress  erqxment 

varies  between  3  and  3.6.  This  indicates  class-I  behaviour,  i.e.,  here  the  creep  is  controlled  by 
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the  viscous  glide  of  the  dislocations.  In  both  cases  only  <100>  dislocations  have  been  observed. 
Obviously  the  driving  force  and  the  atom  mobility  which  is  necessary  for  subgrain  formation  is 
sufficient  only  in  the  Ni-rich  phases. 

Besides  dislocation  creep,  grain  boundary  sliding  was  observed  in  (Ni,Fe)Al.  Tbe  process 
is  of  course  not  an  independent  deformation  mechanism  since  the  resulting  grain  shifts  lead  to 
stress  concentrations  at  grain  boundary  junctions  and  must  be  accommodated  by  defamation 
processes  within  the  grains,  i.e.  by  dislocation  creep  of  the  grains  in  the  regarded  stress- 
temperature  range.  For  such  coupled  deformation  processes  the  total  creep  rate  is  controlled  by 
the  slower  process,  which  is  dislocation  creep  in  the  present  case  as  is  indicated  by  the  observed 
stress-strain  rate  relationship.  However,  dislocation  creep  is  accelerated  by  foe  additional  dritdng 
force  -  the  more  the  smaller  the  grain  she  -  and  at  very  low  grain  sizes  there  is  a  transition  to 
superplastic  flow  with  grain  boundary  sliding  as  rate  controlling  mechanism  [14,15]. 

At  lower  stresses  which  produce  secondary  creep  rates  below  lO**  s'‘,  the  observed 
stress-strain  rate  relationship  deviates  from  the  power-law  behaviour,  i.e.,  foe  apparent  stress 
exponent  is  smaller  than  3  and  decreases  with  decreasing  stress.  This  deviation  indicates  the 
contribution  of  diffusion  creep  which  is  a  linear  function  of  stress: 

k^-A^QDIkTd^ya  (2) 

where  Asff  is  a  dimensionless  factor  (usually  A^s  14),  £1  is  the  atomic  volume,  D  is  the  effective 
diffusion  coefficient  which  considers  both  the  diffusion  through  the  grain  (Nabarro-Herring 
creep)  and  along  foe  grain  boundaries  (Coble  creep),  and  d  is  foe  effective  diffusion  length  which 
is  usually  approximated  by  the  grain  size  [1].  Dislocation  creep  and  diffusion  creep  are  inde¬ 
pendent  creep  processes  which  act  in  parallel  in  the  grains,  aixl  the  total  creep  rate  is  given  by 
foe  sum  of  foe  partial  rates.  Because  of  foe  stronger  stress  dependence  of  dislocation  creep  (Eq. 
1)  tbe  contribution  of  diffusion  creep  becomes  more  prominent  with  decreasing  stress.  Furt¬ 
hermore,  a  smaller  grain  size  accelerates  diffusion  creep  and  thus  shifts  foe  transition  from 
dislocation  creep  to  diffusion  creep  to  higher  stresses. 

2.1.  Temperatare  Dependence 

In  view  of  Eqs.  1  and  2  it  is  expected  that  tbe  temperature  deperrdence  of  creep  for  a  given 
stress  is  determined  primarily  by  that  of  the  diffusion  coefficient  since  the  other  parameters  in 
these  constitutive  equations  show  a  significantly  weaker  temperature  dependence.  However,  the 
temperature  dependence  of  the  creep  resistance  of  the  binary  phases  NiAl  and  FeAl  and  foe 
ternary  (Ni,Fe)Al  phases  cannot  be  characterized  by  a  constant  activation  energy  as  is  demon¬ 
strated  by  Fig.  3.  Only  at  lower  temperatures  -  about  half  tbe  melting  temperature  -  foe  activation 
energy  of  creep  correspotxb  to  that  of  seif-difftision  whereas  at  higher  temperatures  the  activation 
energy  of  creep  is  larger  than  that  of  self-diffusion. 
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Fig.  3  -  Creep  resistance  in  compression  (stress  for  10'^  s'‘secoiKlaiy  creep  rate)  as  a  function 

of  temperature  for  (Nio.»Fea2)Al,  NiAl,  (Nio.2Feiu)Al,  and  FeAl  (for  the  latter  two 
alloys  the  effective  creep  stress  is  shown  at  *750  'C  which  considers  the  observed 
threshold  stress)  [3,9]. 

In  other  cases,  too,  either  the  activation  energies  of  diffusion  or  higher  activation  energies 
were  found  for  creep,  and  the  reasons  for  the  activation  energy  increases  ate  not  yet  clear  -  see 
e.g.  [16-18].  Hiis  means  that  in  contrast  to  conventional  disordered  alloys  die  microstructure- 
dependent  parameter  A  in  Eq.  1  may  exhibit  a  strong  temperature  dependence,  loo,  siiKe  the 
shear  modulus  G  still  depends  only  weakly  on  temperature  [19]. 

23.  Eftects  of  Composition 

Figure  4  shows  the  creep  resistance  of  the  ternary  aluminide  (Ni,Fe)Al  as  a  function  of 
composition,  and  it  can  be  seen  that  the  creep  resistance  depends  sensitively  on  both  die  A1 
content  and  the  Ni:Fe  ratio.  The  B2  lattice  is  composed  of  two  sublattices,  one  (rf  which  is 
occupied  by  the  Al  atoms  whereas  the  other  sublattice  is  occupied  by  the  Ni  and  Fe  atoms.  This 
exclusive  distribution  of  atoms  on  the  respective  sublattices  represents  the  crmipletely  ordered 
state  of  these  phases  and  is  possible  only  for  the  stoichiometric  composition  with  SO  aL%  Al. 
Any  excess  or  deficiency  of  Al  leads  to  comtitutional  disorder,  i.e.  constitutional  point  defects. 
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Fig.  4  -  Creep  resistance  of  binary  and  ternary  B2aluminides  at  900  *C  (in  compression  with 
10'^  s'‘  strain  rate)  as  a  function  of  A1  content  [3,12]. 

The  presence  of  such  point  defects  enhances  diffusion  [20]  and  thereby  creep  at  sufficiently 
hi^  temperatures,  i.e.,  the  creepiesistaoceieachesamaximum  at  the  stoichiometric  composition 
as  was  shown  for  NiAl  long  ago  [16].  At  low  temperatures  the  constitutional  defects  are  immobile 
and  act  as  point  obstacles  for  moving  dislocations.  Consequently  a  minimum  was  found  for  the 
low-temperature  strength  at  the  stoichiometric  composition  [16]. 

The  creep  resistance  of  (Ni,Fe)Al  (Fig.  4)  indeed  decreases  with  decreasing  A1  content  - 
i.e.  increasing  deviation  from  stoichiometry  -  at  900  *C  which  corresponds  to  high-temperature 
behaviour.  However,  the  strength  decrease  depends  sensitively  on  the  Ni:Fe  ratio.  In  particular 
the  binary  FeAl  shows  nearly  no  effect  of  deviations  from  stoichiometry  on  creep  resistance  at 
900  *C  according  to  Fig.  4  which  indicates  the  transition  firom  low-temperature  behaviour  to 
high-temperature  behaviour.  Obviously  the  transition  fiom  low-temperature  behaviour  to 
high-temperature  behaviour  occurs  at  lower  temperatures  for  the  Ni-rich  phases  than  for  the 
Fe-rich  phases.  This  is  surprising  since  creep  becomes  dominant  at  about  half  the  melting 
temperature  which  is  higher  for  NiAl  than  for  FeAl.  In  other  words,  creep  scales  with  the  melting 
temperature,  and  therefore  the  high  temperature  regime  is  expected  for  FeAl  at  lower  tempe¬ 
ratures  than  for  NiAl.  The  reasons  for  the  observed  behaviour  of  (Ni,Fe)AI  are  not  yet  clear. 
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For  a  given  A1  content  -  in  particular  for  the  stoichiometric  composition  -  the  creep  resi¬ 
stance  of  the  binary  NiAl  is  higher  than  that  of  FeAl  which  is  expected  in  view  of  the  hitter 
melting  temperature  of  NiAl.  However,  the  highest  creep  resistance  -  see  Fig.  S  -  is  shown  by 
the  ternary  (Ni4oFe,o)AI;o  which  is  a  solid  solution  of  the  softer  FeAl  (20  %)  in  the  stronger  NiAl. 
For  (Ni,Fe)Al  the  diffusion  coefficient  has  been  estimated  as  a  function  of  composition  on  the 
basis  of  available  data  -  see  Pig.  6.  Clearly  tte  creep  resistance  maximum  for  (Ni4oFe,g)Alj(i  in 
Fig.5  results  from  a  minimum  of  the  diffusion  coefficient.  Such  a  creep  resistance  maximum  is 
shown  t»t  only  by  (Ni,Fe)Al,  but  also  by  the  other  ternary  B2  aluminides  (Co,Ni)Al  and 
(Co,Fe)Al  as  is  illustrated  by  Fig.  S. 


M'Al  M"  content  in  Qt%  M"A1 

Fig.  5  -  Creep  resistance  (in  compression  with  lO'^s'*  secondary  creep  rate)  of  various  stoi¬ 
chiometric  (M’,M")A1  with  B2  structure  at  900  *C  as  a  function  of  M"  content  for 
M’,  M"  =  Ni,  Fe.  Co  [8]. 

It  has  to  be  noted  that  the  analysis  of  creep  data  with  respect  to  diffusion  coefficients  poses 
problems  because  -  apart  from  the  scarcity  of  data  -  the  diffusion  coefficients  in  Eqs.  1  and  2 
are  effective  ones  depending  on  the  particular  creep  process  which  determines  the  coupling  of 
partial  diffusion  fluxes,  i.e.,  the  needed  effective  diffusion  coefficients  ate  not  those  which  ate 
measured  in  diffusion  experiments.  For  binary  solid  solutions  expressions  for  the  effective 


iron  content  in  Qt% 


Fig.  6  -  Estimated  interdiffiision  coefficient  D  as  a  function  of  iron  content  for  stoichiometric 

(Ni,Fe)Al  at  various  temperatures  [3,12,21]. 

diffusion  coefficients  ate  available  for  various  creep  mechanisms  [22,23],  whereas  for  multinary 
phases  an  expression  for  the  effective  diffusion  coefficient  is  known  only  for  the  case  of  diffusion 
creep  [24].  Here  more  theoretical  and  experimental  work  is  necessary. 

The  correlation  between  the  observed  creep  resistances  of  various  binary  and  ternary  B2 
phases  and  the  respective  diffusion  coefficients  as  found  in  the  literature  ot  estimated  on  the 
basis  of  literature  data  is  shown  directly  by  Fig.  7  [3,9,12].  It  can  be  seen  that  the  correlation  is 
surprisingly  good  and  corresponds  to  Eq.  1  in  spite  of  the  problems  with  the  appropriate  deter¬ 
mination  of  the  effective  diffusion  coefficients.  The  question  now  is  why  the  diffusion  coefficient 
depends  in  the  shown  way  on  the  composition  of  the  B2  phases.  As  other  properties  the  diffusion 
coefficient  depends  on  the  crystal  properties,  i.e.  on  the  character  and  strength  of  atomic  bonding 
and  indeed  the  activation  energy  of  diffusion  iiKteases  with  increasing  beat  of  phase  formation 
as  is  illustrated  by  Fig.  8.  However,  data  for  the  effects  of  alloying  additions  on  the  diffusion 
behaviour  which  are  necessary  for  any  high-temperature  materials  design  are  scarce  or  not 
available  for  the  intermetallic  systems  of  interest  For  understanding  the  effects  of  composition 
variations  on  the  respective  diffusion  coefficients  the  correlation  with  the  character  and  strength 
of  bonding  must  be  studied  in  detail.  Here  again  much  more  ttieoretical  and  experimental  work 
is  necessary. 
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10'”  10‘”  10*''^ 

diffusion  coefficient  in  m^/s 


Fig.  7  •  Creep  resistance  of  binary  and  ternary  stoichiometric  B2  aluminides  at  900  *C  (in 
compression  with  10'^  s'*  strain  rate)  as  a  function  of  diffusion  coefficient  as  found 
in  the  literature  or  estimated  from  available  data  [2,3, 9, 21, 25* 27]. 
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heot  of  formation  in  kJfg  atom 

Fig.  8  •  Activation  energy  of  diffusion  [1,28]  as  a  function  of  total  heat  of  phase  formation 
for  Ni,  Al,  NiAl  and  Ni,Al  [7,29]. 
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In  view  of  the  discussed  composition  dependence  of  the  creep  resistance  it  is  concluded 
that  the  effective  diffusion  coefficient  is  of  primary  importance  for  controlling  the  creep  resi¬ 
stance.  This  of  course  does  not  mean  that  the  other  parameters  in  Eqs.  1  and  2  can  be  neglected. 
This  is  demonstrated  by  the  apparent  activation  energy  of  creep  which  may  vary  with  temperature 
as  already  mentioned  in  the  preceding  section. 

3.  Creep  of  Two-Phase  Intermetallk  Alloys 

As  with  conventional  metallic  alloys,  single-phase  intermetallic  alloys  can  be  strengthened 
by  second  phases  which  may  be  disordered  alloys  or  other  intermetallics.  Such  second  phases 
may  be  faesent  as  dispersed  or  precipitated  particles  in  particulate  alloys  or  as  coarse  (diase 
distributions  to  form  duplex  structures  or  continuous  lamellar  or  fibrous  structures  in  non¬ 
particulate  alloys.  The  creep  behaviour  of  such  two-phase  intermetallic  alloys  has  been  studied 
up  to  now  only  to  a  small  extent,  and  some  examples  are  {xesented  in  the  following. 

3.1.  Parficubte  alloys 

The  B2  aluminide  (Ni,Fe)Al  forms  stable  equilibria  with  other  ordered  or  disordered  Fe- 
Ni-Al  phases  [2].  In  particular,  Fe-rich  particles  with  disordered  bcc  structure  can  be  precipitated 
from  Ni-rich  (Ni,Fe)Al,  and  the  creep  behaviour  of  the  resulting  particle-strengthened  inter¬ 
metallic  alloy  was  studied  [30].  It  was  found  that  -  as  in  the  case  of  conventional  alloys  -  the  soft 
Fe  particles  act  as  obstacles  to  the  movement  of  dislocations  because  of  the  attractive  interaction 
between  particle  and  dislocation.  This  interaction  gives  rise  to  a  threshold  stress  in  Eq.  1,  and 
the  creep  resistance  of  the  matrix  alloy  is  increased  by  diis  threshold  stress.  The  threshold  stress 
is  inversely  proportional  to  the  particle  distance  and  of  the  order  of  the  Orowan  stress  -  see  [6]. 

However,  it  has  to  be  mted  that  in  such  a  two-phase  alloy  the  composition  of  the  constituent 
phases  cannot  be  chosen  and  optimized  independently  since  the  compositions  of  the  two  phases 
ate  determined  by  the  particular  two-phase  equilibrium.  In  the  regarded  case  the  equilibrium 
between  NiAl  and  Fe  enforces  an  off-stoichiometric  composition  for  the  NiAl  matrix  which  thus 
has  a  lower  creep  resistance  than  the  stoichiometric  NiAl.  In  this  case  the  strength  gain  by  the 
particles  is  more  than  outweighed  by  the  strength  loss  by  off-stoichiometry,  and  thus  a  finer 
distribution  of  particles  by  an  appropriate  pre-treatment  or  a  shift  of  the  two-{diase  equilibrium 
by  alloying  with  further  elements  -  or  both  -  is  necessary  for  an  improved  creep  resistaixe. 

Following  the  example  of  conventional  ODS  alloys,  strengthening  by  dispersions  of  oxides, 
borides  or  carbides  has  been  applied  to  intermetallic  phases,  too,  and  in  particular  to  NiAl  since 
its  high-temperature  strength  is  insufficient  for  structural  af^lications  -  see  e.g.  [31-36].  Such 
alloys  are  produced  by  powder  metallurgy  mefoods  and  the  resulting  multiphase  alloys  are  usually 
not  in  equilibrium.  Thus  reactions  may  occur  between  the  constituent  phases,  i.e.  chemical 
compatibility  of  the  phases  in  such  an  alloy  may  be  problem  [37,38]. 
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3.2.  Non-particiibte  alloys 

For  describing  the  mechanical  properties  of  alloys  with  coarse  two-phase  structures  rules 
of  mixtures  are  frequently  used  [39-43].  In  dre  case  of  creep  resistance  a,  this  means  a  linear 
superposition  of  the  creep  resistances  of  the  constituents: 

(3) 

I 

=  volume  finction  of  phase  i),  i.e.,  die  alloy  is  regarded  as  composite  with  lamellae  ot  fibres 
in  stress  direction. 

Such  a  superposition,  which  refers  to  the  secondary  creep  stage  with  stationary  creep  - 
after  the  initial  primary  stage  with  instationary  creep  -,  would  mean  that  the  creep  behaviour  of 
the  two-phase  alloy  is  similar  to  that  of  a  single-phase  alloy.  However,  a  rule  of  mixtures  is  only 
a  phenomenologic  first  approximation  which  neglects  effects  of  phase  distribution.  The  effect 
of  phase  distribution  on  the  creep  behaviour  was  studied  in  detail  in  [44,45].  For  this  a  Ni- 
40at.%Fe-18at%Al  alloy  was  chosen  which  was  produced  by  directional  solidification  to  pro¬ 
duce  a  lamellar  microstructure  with  the  phases  B2  NiAl  and  y-Fe-Ni  with  equal  volume  fractions. 
It  was  found  that  the  creep  resistance  of  such  a  lamellar  alloy  is  related  to  the  creep  resistances 
of  the  constituent  (^ases  according  to  a  rule  of  mixtures  as  long  as  the  lamellae  spacing  is  larger 
than  a  critical  spacing  which  is  of  the  order  of  the  free  dislocation  path.  If  the  lamellae  spacings 
are  smaller  than  this  critical  value  then  the  lamellae  interfaces  give  rise  to  an  additional 
strengthening  effect.  This  strengthening  effea  can  be  described  as  in  Eq.  3  by  an  additional 
threshold  stress  which  again  is  proportional  to  the  reciprocal  lamellae  spacing. 

However,  the  above  discussion  has  referred  to  secondary  creep  only.  The  situation  is  less 
clear  for  the  transient  primary  creep  stage  which  precedes  secondary  creep.  As  discussed  in  [8] 
the  primary  creep  strain  is  reduced  significantly  by  the  presence  of  second  phases  and  it  decreases 
with  increasing  stress  and  with  decreasing  interface  spacing  at  least  in  some  NiAl-base  alloys 
[44,46],  Such  a  behaviour  is  known  for  conventional  alloys,  too,  but  there  are  other  alloys  which 
show  an  opposite  behaviour,  i.e.  an  increasing  primary  strain  with  iiKreasing  stress  (see  [8]). 
Such  effects  are  not  yet  understood  even  for  disordered  alloys.  It  is  further  t»ted  that  not  cmly 
the  normal  primary  creep  with  decelerating  creep  rate  is  observed  for  NiAl  alloys  with  streng¬ 
thening  Laves  phase,  but  also  inverse  primary  creep  with  accelerating  creep  rate  [47]  as  has 
already  been  reported  for  NijAl  [48,49].  Inverse  creep  results  from  an  insufficient  number  of 
mobile  dislocations,  and  a  classic  example  for  such  a  deformation  behaviour  is  silicon  where 
the  deformation  behaviour  has  been  analysed  in  detail  [50,51]. 

4.  CoDclinions  and  prospects 

The  creep  behaviour  of  intermetallic  phases  and  alloys  is  quite  similar  to  that  of  conven¬ 
tional  disordered  alloys  and  can  be  described  phenomenologically  by  the  known  constitutive 


equations.  The  particularities  of  the  various  intermetallic  phases  find  expression  in  die  respective 
materials  parameters  which  are  the  effective  diffiisions  coefficient  D,  the  shear  modulus  G  and 
the  microstructure  parameter  A  in  the  case  of  dislocation  creep.  The  physical  understanding  of 
the  rate  controlling  processes  is,  however,  far  from  complete  and  much  more  experimental  and 
theoretical  work  is  necessary.  In  particular  the  fundamental  data  with  respect  to  diffusion  and 
elasticity  ate  lacking  in  most  cases. 

Present  materials  developments  on  the  basis  of  intermetallic  phases  aim  at  high  strengths 
and  creep  resistances  at  high  temperatures  with  reasonable  fracture  toughness  at  low  tempera¬ 
tures.  In  view  of  this  aim  candidate  idiases  are  alloyed  with  further  elements  and  processed  in 
special  ways  to  obtain  optimum  properties.  However,  the  effects  of  alloying  elements  cm  diffusion 
which  controls  high-temperature  deformation  are  not  yet  understood  sufficiently  for  these 
intermetallic  alloys.  One  should  know  in  what  way  a  composition  change  in  a  particular  phase 
changes  the  elastic  moduli  on  the  one  hand  and  the  diffusion  behaviour  on  the  other  hand.  It  is 
hoped  that  more  diffusion  work  is  done  with  respect  to  the  alioy  systems  of  interest  to  obtain 
the  missing  diffusion  data  and  that  more  theoretical  work  -  including  quantum-mechanical  ab 
initio  calculations  -  is  done  to  understand  why  the  properties  in  general  and  the  diffusion  coef¬ 
ficients  in  particular  change  with  specific  alloying  additions  in  specific  ways. 
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Abstract 

Ordered  intermetallics  based  on  aluminides  and  silicides  possess  many  promising 
properties  for  elevated-temperature  applications;  however,  poor  fracture  resistance  and 
limited  fabricability  restrict  their  use  as  engineering  material.  Recent  studies  have 
shown  that  environmental  embrittlement  is  a  major  cause  of  low  ductility  and  brittle 
fracture  in  many  ordered  intermetailic  alloys.  There  are  two  types  of  environmental 
embrittlement  observed  in  intermetailic  alloys.  One  is  hydrogen-induced  embrittlement 
occurring  at  ambient  temperatures  in  air.  The  other  is  oxygen-induced  embrittlement  in 
oxidizing  atmospheres  at  elevated  temperatures.  In  most  cases,  the  embrittlements  are 
due  to  a  dynamic  effect  involving  generation  and  penetration  of  embrittling  agents  (i.e., 
hydrogen  or  oxygen )  during  testing.  Diffusion  of  embrittling  agents  plays  a  dominant 
role  in  fracture  of  these  intermetailic  alloys.  This  chapter  summarizes  recent  progress  in 
understanding  and  reducing  environmental  embrittlement  in  these  alloys. 
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1.  Introduction 

Ordered  intennetallics  based  on  aluminides  and  silicides  generally  possess  attractive 
high-temperature  propeities.  However,  brittle  firacture  and  poor  ductility  at  ambient 
temperatures  have  limited  their  use  as  structural  materials  for  engineering  applications 
[1-7],  For  the  past  15  years,  substantial  efforts  have  been  devoted  to  understanding  the 
brittleness  in  ordered  intennetallics.  As  a  result,  significant  progress  has  been  made  in 
understanding  metallurgical  factors  goveming  the  low  ductility  and  brittle  firacture  in 
these  intennetallics.  Recent  studies  have  shown  that  the  poor  firacture  resistance  in 
intennetallics  is  caused  not  only  by  intrinsic  factors  (such  as  lack  of  sufficient 
deformation  modes,  poor  cleavage  strength,  etc.)  but  also  extrinsic  factors. 
Environmental  emlxitdement,  an  extrinsic  factor,  is  found  to  be  a  major  cause  for  brittle 
fracture  in  many  ordered  intennetallics  [8-32],  particularly  in  bcc-  and  fee-  ordered 
intermetallic  alloys. 

There  are  two  types  of  environmental  emteittlement  observed  in  intcrmetallics.  One 
is  hydrogen-induced  embrittlement  occurring  at  ambient  temperatures  [8-25]. 
Surprisingly,  it  was  found  recendy  that  many  intermetallic  alloys  show  a  substantial 
decrease  in  room-temperature  tensile  ductility  due  to  moisture-induced  hydrogen 
embritdement  in  moist  air.  The  other  is  oxygen-induced  embritdement  in  air  at  elevated 
temperatures  [26-32].  In  most  cases,  the  emtmtdements  are  due  to  a  dynamic  effect 
involving  generation  and  penetrarion  of  an  embritding  agent  (i.e.,  hydrogen  or  oxygen) 
during  testing.  In  this  chapter,  these  two  types  of  environment-sensitive  embrittlement 
are  treated  separately  in  sections  2  and  3.  The  last  section  discusses  metallurgical 
means  to  alleviate  the  environmental  embritdement 


2.  Ambient-Temperature  Environmental  Embrittlement 

Hydrogen,  introduced  either  by  exposure  to  moist  environments,  by  cathodic 
charging,  or  by  testing  in  hydrogen  gas,  has  been  shown  to  embritde  a  large  number  of 
single-phase  intennetallics,  as  listed  in  Table  1.  Most  notable  is  the  suscepdbility  of  all 
Ll2  intcrmetallics  which  have  been  examined  to  date,  i.e.,  Ni3Al  [21-23],  NisAl+Cr 
[32],  Ni3Fc  [33],  NisSi  [34, 35],  C03T1  [13],  (Coj:e)3V  [36, 37],  and  Ni3(Al,Mn) 
[14].  Therefore  it  is  highly  likely  that  all  LI2  intennetallics  containing  substantial 
amounts  of  the  transition  metals  Fe,  Ni  or  Co  will  prove  to  be  susceptible  to  such 
embritdement.  Data  for  other  superlattice  structures  remain  scarce.  Two  B2  alloys  are 
embrittled  by  hydrogen:  FcCo-2%V  and  FeAl  [9,11,12].  FesAl  alloys  show  severe 
environmental  emlnitdement  when  tested  in  air  or  hydrogen  environment  [10,38,39]. 
The  D0i9  superlattice  TisAl  (a2)  and  its  alloys  with  niobium  are  reported  to  form 
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hydrides  when  exposed  to  hydrogen  gas,  and  are  therefore  embrittled  by  hydrogen 
[40].  TiAl  also  is  susceptible  to  embrittlement  in  air  or  in  hydrogen  gas,  but  the  effect 
is  much  smaller  than  in  02  alloys  [41-43].  Ni2Cr  is  highly  susceptible  to  hydrogen 
embrittlement  in  both  the  ordered  and  disordered  conditions  [44]. 


L12 

DO3 

B2 

Llo 

DOw 

KiyM 

NisAl  +  Be 

FeaAl 

FeAl 

TiAl 

TiaAl 

NisAl  +  Cr 

FcaAl  +  Cr 

FeCo-V 

TiaAl  +  Nb 

NiaF^ 

Ni3(AlJMn) 

Cos'll 

NiaSi 

Nr3(Si,ri) 

(NU^)3V 

(CoJe)3V 

TiaAl  +  Nb  +  Mo 

Table  1 ;  Intcrmetallic  alloys  sutqect  to  hydrogen  embrittlement  at  ambient  temperatures. 
2.1  LI2  hitermetallics 

In  terms  of  environmental  embrittlement,  cnxiered  intetmetallics  can  be  grouped  into 
two  categories:  (1)  alloys  containing  no  reactive  elements  and  (2)  alloys  containing 
reactive  elements  (c.g.,  Al,  Ti,  Si).  For  the  first  category,  the  alloys  arc  severely 
embrittled  only  when  being  frncefully  charged  with  hydrogen,  such  as  by  cathodic 
charging.  For  the  second  category,  the  alloys  themselves  are  capable  of  generating 
hydrogen  from  hydrogen-containing  environments  at  ambient  temperatures.  The  most 
striking  case  is  the  severe  embrittlement  of  iron  aluminides  in  moist  air  at  room 
temperature. 

Ni3Fe  is  a  model  material  for  study  of  environmental  degradation  in  ordered 
intermetallic  alloys  containing  no  reactive  elements  [33].  Ni3Fc  can  be  disordered  by 
quenching  from  above  its  critical  ordering  temperature,  Tq.  This  has  permitted  a  direct 
comparison  between  the  ordered  and  disordered  conditions  of  Ni3Fc  (see  Table  2) 
produced  by  quenching  and  aging  treatments.  In  each  case,  hydrogen  was  cathodically 
charged  for  one  hour  prior  to  tensile  testing  at  room  temperature.  Note  that  Ni3Fe  is 
slightly  embrittled  by  precharging  in  both  the  ordered  and  diswdered  conditions; 
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simultaneous  charging  and  testing  cause  greater  loss  of  ductility  than  precharging,  with 
an  especially  severe  effect  f<x  the  ordoed  condition.  Similar  effects  are  observed  in 
ordered  and  dis<»dered  (FeJ^i)3V  [45].  Fractographic  studies  conHnn  a  change  in 
fracture  mode  from  microvoid  coalescence  to  intergranular  fracture  in  hydrogen 
accompanying  the  reduction  in  elongation.  However,  the  intergranular  embrittlement 
zone  is  only  about  one  third  as  deep  in  precharged  samples  of  ordered  Ni^Fe  as  in 
disordered  samples. 

Embrittlement  of  the  ordered  condition  is  much  more  severe  when  charging  occurs 
during  testing,  and  unlike  precharged  samples,  the  entire  fracture  surfaces  of  the 
simultaneously  charged  samples  are  intergranular  [33].  The  fracture  surfaces  of 
disordered  samples  display  a  mixed  mode.  The  diffusivity  of  hydrogen  in  ordered 
NisFe  is  undoubtedly  lower  than  that  in  the  disordered  condition.  Therefore,  only  a 
shallow  layer  can  be  embrittled  by  hydrogen.  However,  when  plastic  deformation 
accompanies  hydrogen  charging,  dislocations  can  carry  hydrogen  inward  to  a  much 
greater  depth  than  through  diffusion  alone;  hence  embrittlement  is  more  severe,  and  the 
fracture  path  is  intergranular  to  a  greater  depth  than  in  precharged  material. 

As  shown  in  Table  2,  both  ordered  and  disordered  NisFe  display  extensive  ductility 
and  ductile  fracture  in  air,  indicating  that  moisture  does  not  embrittle  the  alloys.  This 
can  be  explained  from  the  fact  that  Ni3Fb  contains  no  reactive  elements  (such  as  Al,  Ti, 
etc.)  and  is  not  able  to  release  hydrogen  from  nmisture  in  air  [46].  Similarly,  Ni3Mn 
exhibits  transgranular  ffacture  and  good  ductility  in  air  at  room  temperature  [47], 


DigoidCTPd 

Ordered 

Air 

Simultaneously 
Rtecharged  Charged 

Air 

Sinauhaneously 
ftectaarged  Charged 

Oys(MFa) 
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112 
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180 
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UTS  (MPa) 
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328 
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598 
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%E1. 

43 

30.5 

17.5 

37 

32 

7 

Avge.dq>th 

ofKJaooe 

(Mm) 

0 

130 

590 

0 

45 

Totally 

Krfiaciiite 

Table  2:  Room-temperature  tensile  piopatiea  NisFe  tested  in  various  environmental 
conditions  [33]. 


Most  Ll2  intometallics  of  interest  for  structural  applications,  on  the  other  hand, 
contain  reactive  elements  such  as  A1  (for  aluminides).  Si  (for  silicides),  Ti,  and  V. 
These  intermetallics  show  severe  environmental  embrittlement  not  only  in  the 
hydrogen-charged  condition  but  also  in  hydrogen-containing  atmospheres  such  as 
moist  air.  Severe  embrittlement  has  been  observed  in  many  LI2  intermetallics, 
including  Ni3(Al,Mn),  B-doped  NiSAl,  Co3Ti,  (Co  Je)3V,  Ni3Si,  and  Ni3(Si,Ti) 
tested  in  moist  air  at  room  ten^erature.  In  this  case,  embrittlecoent  involves  the  reaction 
of  reactive  elements  with  moisture  in  air  and  generation  of  atomic  hydrogen  which 
penetrates  into  crack  tips  and  causes  brittle  crack  [sopagation. 

Figure  1  shows  environmental  embrittlement  of  Ni3(Alo.4Mno.6)  tested  at  room 
temperature  in  various  environments  and  at  several  strain  rates  [14].  Manganese  at  a 
level  of  IS  at.  %  was  added  for  the  purpose  of  enhancing  grain-boundary  cohesion  in 
NisAl.  At  a  low  strain  rate  of  lO'^s'*,  the  alloy  showed  about  40%  elongation  in 
vacuum  but  only  5%  in  air  at  room  temperature.  The  ductility  was  further  reduced  by 
hydrogen  rharging,  followed  by  testing  in  air.  The  loss  in  ductility  was  attributed  to 
moisture-induced  hydrogen  embrittlement  during  the  air  tests.  Consistent  with  the 
environmental  effect,  the  ductility  increases  with  increasing  strain  rate,  and  the  yield 
strength  is  essentially  independent  of  both  test  environment  and  strain  rate  (see  Fig.  1). 
The  decrease  in  ductility  due  to  environoMntal  embrittlement  is  accompanied  by  a 
change  in  the  fracture  mode  from  ductile  transgranular,  through  mixed  mode,  to  brittle 
intergranular.  This  observation  suggests  that  hydrogen,  generated  either  by  the 
moisture/aluminum  reaction  or  by  hydrogen  charging,  diffuses  mainly  along  grain 
boundaries  and  causes  intergranular  fracture. 


strain  ret*  (s'l) 


Hgurel:  Effect  of  strain  rate  and  hydrogen  charging  on  tensile  properties  of 
Ni3(Alo.4Mno.6)  Ksted  at  lotnn  tempenture,  in  air  and  vacuum  [14]. 


Similar  to  Ni3(Alo.4  Mno.6).  C03H  [13, 18]  and  (Co,  Fe)3V  [36,  37]  alloys  have 
been  found  recently  to  be  susceptible  to  environmental  embrittlement  at  room 
temperature.  As  indicated  in  Fig.  2,  (Co78Fe22)3V  shows  ductile  transgranular 
fracture,  with  a  tensile  ductility  of  35.8%  in  vacuum  [37].  The  room-tempmture 
ductility  reduces  to  20%  in  air  and  1.5.3%  in  distilled  water.  The  reduction  in  ductility 
is  accompanied  by  a  change  in  firacture  mode  ficom  ductile  transgranular  to  mixed 
transgranular  and  intergranular  fracture.  Grain-boundary  fracture  was  observed  mainly 
at  the  comer  of  the  fracture  surface,  indicating  that  moisture-induced  hydrogen  diffuses 
from  surface  to  interior,  mainly  through  the  grain  boundaries,  and  causes  intergranular 
fracture.  The  yield  strength  and  work  hardening  behavior  are  insensitive  to  test 
environment  The  environmental  embrittlement  in  (Co  JPe)3  V  is  completely  eliminated 
by  increasing  the  strain  rate  from  3.3  x  10*5  3  3  ^  lO 's*!  [36,  37].  Note  that  a 

similar  reduction  in  ductility  and  change  in  fr^ture  mode  has  been  observed  in  other 
LI2  intometallic  alloys  (Table  1). 


Strain  (%) 

Figure  2:  Effect  of  test  environment  on  stress-strain  curves  of  (CoJFe)3V  tested  at 
room  tenqierature  [37]. 

Recently,  intergranular  fracture  and  environmental  embrittlement  have  been  studied 
in  alloys  based  on  NisSi  [35].  Ni3Si  showed  no  appiedable  plastic  deformaticMi  when 
tested  in  moist  air  but  an  elongation  of  7.5%  when  tested  in  dry  oxygen  (Table  3), 
demonstrating  that  Ni3Si  is  prone  to  environmental  embrittlement.  Since  the 
elimination  of  the  environmental  effect  by  testing  in  dry  oxygen  does  not  lead  to 
extensive  ductility  (e.g.,  30%  ra  more)  and  complete  suppression  of  intergranular 
fracture  in  Ni3Si,  moisture-induced  hydrogen  embrittlement  appears  not  to  be  the  sole 
source  of  grain-boundary  brittleness  in  the  silicide.  This  is  further  indicated  by 
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comparison  of  the  tensile  data  for  Ni3Si  and  Ni3(Si,Ti)  [34].  As  shown  in  Table  3, 
Ni3(Si,Ti)  is  also  susceptible  to  environmental  embrittlement.  The  Ni3(Si,Ti)  alloy, 
however,  exhibits  considerable  ductility  (7%)  when  tested  in  air  at  room  temperature. 
It  displays  excellent  ductility  (29%)  when  tested  in  vacuum,  indicating  that  titanium 
enhances  the  intrinsic  grain-boundary  cohesion  of  Ni3Si.  The  effect  of  boron  additions 
on  alleviation  of  environmental  degradatitm  will  be  discussed  in  section  4. 


AUoy  Test 

envirotunent 

Tensile 
ductility  (%) 

Yield 

stiengdi  (MPa) 

Fracture 

noodel* 

NisSi 

Air 

0 

— 

GBF 

NiaSi 

Vacuum 

4.7 

677 

GBF 

NiaSi 

Oxygen 

7.5 

685 

GBF 

NiaSi  +  B 

Air 

7.0 

610 

GBF 

NiaSi  +  B 

Oxygen 

6.6 

590 

GBF 

Nia(Si,Tr)» 

Air 

7 

606 

GBF  +  TF 

Nia(Si,rr)* 

Vacuum 

29 

586 

TF 

Nia(Si,Ti)+B» 

Air 

36 

593 

TF 

Nia(Si,ri>fB* 

Vacuum 

34 

613 

TF 

•Ni-ll%Si-9.5%ri[34] 

•»  GBF  =  grain-boundiny  fracture ;  TF  =  transgranular  fracture 

Table  3:  Effect  of  test  environnKnt  on  room  teiuperatute  tensile  prc^)erties  Ni3Si 
and  Ni3(Si,  'n)alloys  [35]. 

Test  environment  affects  mechanical  properties  of  ordered  inteimetallics  under  both 
static  and  cyclic  loading  conditions.  Hydrogen  gas  at  1  atm  pressure  has  no  effect  on 
fatigue  crack  growth  in  a  disordered  (Fe,Ni}3V  alloy  at  room  temperature  [45],  but 
there  is  a  marked  effect  on  crack  growth  ram  in  the  ordered  condition  (see  Fig.  3). 
These  results  are  consistent  with  those  obs^ed  in  tension  under  static  loading  in 
demonstrating  the  heightened  susceptibility  to  hydrogen  embrittlement  when  the  lattice 
is  ordered.  The  influence  of  hydrogen  was  severe  at  all  cyclic  stress-intensity  levels 
studied,  and  the  fracture  surface  revealed  a  primarily  intergranular  path.  Embrittleroent 
under  cyclic  loading  also  has  been  studied  in  FejAl  alloys,  as  described  in  the 
following  section. 
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AK(MNm'*'*) 

Figure  3:  Effects  of  long-range  order  and  test  environment  on  crack  growth  of  LRO- 
60  (Fc5oNi5o)3(V9gTi2)  doped  with  0.04  wt  %  Ce  [45]. 


The  two  iron  alutninides,  FcAl  and  FejAI,  fonn  the  bcc  ordered  crystal  structures 
B2  and  DO3,  respectively.  Despite  this  difference  in  crystal  structure,  these  aiiiniinid*-s 


show  sunilar  embrittlement  in  hydrogen-containing  atmospheres  at  room  temperature. 
Both  alutninides  exhibit  only  a  few  percent  ductiUty  (1  to  4%)  when  tested  at  ambient 


ten^ieratures  in  air.  This  led  many  workers  to  conclude  that  these  alloys  are  inherently 
brittle.  However,  it  has  been  demonstrated  conclusively  that  when  water  vapor  and 
hydrogen  are  ehminated  from  the  external  environment,  both  alloys  exhibit  considerable 
ductility  (8-12, 39].  Fw  an  FeAl  (36.5  at  %  Al)  alloy,  tensile  elongations  up  to  18% 
have  been  achieved  in  "dry"  environments  such  as  dry  oxygen,  sec  Fig.  4.  The 
increase  in  ductility  from  2  to  18%  is  accompanied  by  a  change  in  fincture  nwde  from 
transgranular  cleavage  in  air  to  mainly  grain-boundary  separatitm  in  dry  oxygen.  This 
observation  suggests  that  cleavage  planes  are  more  susceptible  to  embrittlement  than  are 


gram  boundaries.  The  maximum  degree  of  moisture-induced  embrittlement  occurs  on 
cither  side  ambient  temperatures  [48]  (Fig.  5).  At  higher  temperatures  in-situ 
protective  oxide  films  can  form  readily  on  specimen  surfaces  and  an  entropy  effect  may 
red^  hydrogen  concentration  at  crack  tips,  while  at  low  temperatures  the  aluminum- 
moisture  reaction  is  stowed  and  the  equilibrium  moisture  content  in  air  is  lower. 
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Figure  4;  Influence  of  test  environment  on  room-temperature  tensile  ductility  of  FeAl 
(36.5%  Al).  _ _ 


o  so  too  ' 

TEST  TEMfEWnUHE  PCI 


Figure  5:  Effects  of  test  temperature  on  tensile  ductility  of  FfeAl  (36.5%  Al)  tested  in 
moist  air  at  room  temperature  [48]. 

The  environmental  sensitivity  of  FeAl  is  reduced  marlredly  when  the  aluminum 
content  is  higher  than  38  at  %  [11,12].  For  Fe-43  8t%  Al.  the  ductility  is  nil  in  air 
as  well  as  in  dry  oxygen;  all  qiecimens  fail  intergranulariy.  This  difference  in  behavior 
with  piinniniim  content  suggests  that  grain  boundaries  in  FtAl  aUoys  wifli  Al  >  38%  are 
intrinsically  brittle.  Therefore,  environmental  embrittlement  and  intrinsic  effects  must 
be  in  oniw  *o  establish  strategies  for  reducing  brittleness.  It  has  been 
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demonstrated  that  the  intrinsic  grain-boundary  brittleness  in  FeAl  and  other 
intermetallics  can  be  alleviated  by  tnicroalloying  with  boron. 

FesAl  with  a  DO3  crystal  structure  displays  about  15%  elongation  in  dry  oxygen, 
but  only  S%  in  moist  air  at  room  temperature  [49],  see  Fig.  6.  Its  ductility  drops  to 
3%  in  Hz  gas  and  to  less  than  1%  when  charged  with  hydrogen.  Chromium  additions 
to  FeaAl  increase  its  ductili^  in  air.  but  do  not  suppress  embrittlement  by  hydrogen  gas 
or  by  hydrogen  introduced  by  electrolytic  charging.  Under  cyclic  loading  conditions, 
vacuum  or  oxygen  environments  raise  the  fatigue  threshold,  reduce  crack  growth  rates 
and  raise  the  stress  intensity,  K^,  at  which  cracks  propagate  in  an  unstable  manner. 


Strain  (%) 

Figure  6:  Comparison  of  hydrogen  embrittlement  as  a  result  of  various  environments 
for  Fe3Al  (DO3)  with  grain  size  =  10-12  pm;  strain  rate  =  3  x  10"^  s'*  [49], 


2.3  Titanium  Aluminides 

Considerable  effort  has  been  devoted  to  determining  the  hydrogen  susceptibility  of 
yTiAl  (Llg  structure)  and  a2  Ti3Al  alloys  (DO19  structure).  Ti3Al  takes  up  hydrogen 
much  more  readily  than  TLAl,  but  not  as  r^idly  as  titanium  [40],  Hydride  formation 
occurs  in  both  binary  Ti3Al  and  Ti-Al-Nb  alloys  [50,  51].  Embrittlement  due  to 
gaseous  hydrogen  occurs  in  both  Ti-24  at.  %  Al-llNb  and  Ti-25Al-10Nb-3V-lMo 
(super  az).  Severe  embrittlement  of  super  02  in  34.5  MPa  hydrogen  occurs  at  room 
temperature  and  at  204*C.  Crack  paths  differ  in  the  two  environments:  they  followed 
the  az/P  interface  in  hydrogen,  while  in  helium  the  cracks  tend  to  remain  in  the  ductile 
P  phase.  Super  a2  also  is  reputed  to  crack  after  exposure  to  hydrogen  at  temperatures 
as  low  as  510'C. 


Environmental  embrittlement  of  TiAl  (50-50)  in  air  and  in  hydrogen  gas  has  been 
studied  recently  by  both  bend  tests  and  tensile  tests  at  room  temperature  [41-43]. 
Hguie  7  shows  that  bend  ductility  is  considerably  higher  in  vacuum  than  either  in  air  or 
in  hydrogen  gas  at  500  mm  Hg  pressure  [43].  To  date  there  have  been  few  other 
published  reports  on  hydrogen  effects  on  mechanical  properties  of  TiAl.  Neither 
hydride  foitnadon  nor  embrittlement  was  detected  in  TiAl  exposed  to  high  pressure 
hydrogen  gas  at  high  temperatures  [52].  The  foimadon  of  hydrides  appears  to  have  the 
same  embrittling  effect  as  in  the  at  alloys. 


Figure  7;  Effect  of  test  environment  on  bend  jMoperties  of  HAl  at  room  temperature 
[43]. 

2.4  Embrittling  Mechanisms 

As  mendoned  in  the  previous  sections,  many  ordered  intermetallics  show 
environmental  embritdement  in  hydrogen  (charged  or  uncharged)  environments  or  in 
moist  air  at  ambient  temperatures.  It  has  been  demonstrated  that  some  intermetallics 
containing  reactive  elements  (such  as  FeAl  and  Fe3Al)  exhibit  more  severe 
embritdement  in  moist  air  than  in  dry  hydrogen.  T  he  chenucal  reaction  for  the 
moisture-induced  embritdement  involves  [9, 46]: 

xM  +  yH20-^Mx0y  +  2yH  (1) 

where  M  is  a  reactive  element  in  intermetallics.  It  is  the  high-fugacity  atomic  hydrogen 
that  rapidly  penetrates  into  crack  tips  and  causes  severe  embritdement.  Thus,  the 
underlying  mechanism  of  moisture-induced  embrittlement  in  FeAl  and  other 
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intennetallics  is  similar  to  embrittlement  in  hydrogen  observed  in  €03X1,  NisAl, 
NisCAl,  Mn)  and  (Fe,  Ni)3V  alloys  [13-15,38,45,53],  with  the  principal  difference 
being  the  manner  in  which  atomic  hydrogen  is  generated  from  water  vapor  and 
absorbed  at  crack  dps.  The  yield  strengths  of  the  intennetallics  are  found  to  be 
insensitive  to  test  environmenL  The  highest  ductility  is  generally  obtained  in  dry 
oxygen  environments  because  oxygen  suppresses  the  reaction  in  Eq.  (1)  and  the 
generation  of  atomic  hydrogen  through  direct  fonnation  of  oxides  [54]: 

2xM  +  y02-»  2MxOy  (2) 

Both  bcc-  and  fee-  ordered  intennetallics  show  severe  environmental  embrittlement 
at  ambient  temperatures.  In  the  case  of  iron  aluminides  with  bcc-ordered  crystal 
structures,  the  embrittlement  occurs  along  cleavage  planes,  resulting  in  brittle  cleavage 
fracture.  The  brittle  cleavage  is  suppressed  when  FeAl  alloys  are  tested  in  dry  oxygen 
instead  of  moist  environments.  In  the  case  of  LI2  intennetallics,  the  loss  in  ductility  is 
accompanied  by  a  change  in  fracture  mode  from  ductile  appearance  to  brittle  grain- 
boundary  separation.  The  fcc-ordered  intcrmetallics  prone  to  environmental 
embrittlement  include  Co3Ti,  (Co J^e)3V,  NySi,  Ni3(Si,Ti),  Ni3(Al,Mn),  and  TiAl 
alloys.  The  difference  in  the  fracture  between  bcc-  and  fee-  ordered  intennetallics  may 
be  due  to  differences  in  hydrogen  diffusion  along  grain  boundaries,  with  more  rapid 
diffrjsion  in  the  LI2  boundaries. 

Hydrogen  embrittlonent  is  known  to  be  a  very  complex  phenomenon  in  metals  and 
alloys.  The  underlying  mechanisms  suggested  fra  hydrogen  embrittlement  in  ordered 
intennetallics  can  be  grouped  into  four  categories  [54];  (1)  leducticm  of  atomic  bonding 
across  cleavage  planes,  (2)  reduction  of  cohesive  strength  across  grain  boundaries, 
(3)  reduction  of  dislocation  mobility  and  crack  tip  plasticity,  and  (4)  fonnation  of  brittle 
hydrides.  Environmental  embrittlement  in  the  bcc-ordered  iron  aluminides  occurs 
mainly  along  cleavage  planes,  suggesting  the  reduction  of  cleavage  strength  by 
absorbed  hydrogen.  Experimental  results  are  supponed  by  recent  first-principles 
quantum-mechanical  calculations,  which  indicate  that  absmbed  hydrogen  significantly 
reduces  the  cleavage  strength  and  energy  of  FeAl  (by  as  much  as  20  to  709E>,  depending 
on  the  hydrogen  concentration)  [55].  Superdislocations  have  been  suggested  to  be  the 
carriers  for  enhanced  diffusion  of  hydrogen  at  crack  tips.  In  the  case  of  fcc-ordered 
intennetallics,  hydrogen  embrittlement  takes  place  mainly  along  grain  boundaries  and 
reduces  of  the  boundary  cohesive  strength. 

Limited  studies  by  in-situ  TEM  experiments  indicate  that  hydrogen  accumulated  at 
crack  tips  may  introduce  a  large  number  of  defects  which  hinder  the  emission  and 
motion  of  dislocations  and  thereby  decrease  the  associated  plastic  wrak  at  crack  tips 
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[18, 56].  Hydrides  have  been  detected  only  in  titanium  aluminides  [51]  and  they  may 
be  responsible  for  lowering  tensile  ductilities  in  hydrogen  environments.  However, 
embrittlement  in  the  absence  of  hydrides  cannot  be  excluded.  Recent  analyses  of 
dislocation  structures  in  intermetallics  suggest  that  hydrogen  can  promote  the 
formation  of  <100>  edge  dislocations  and  help  the  combination  of  them  to  form 
microcracks  [57,  58]. 


3.  Embrittlement  at  Elevated  Temperatures 

Environmental  degradation  in  ordered  intermetallics  occurs  not  only  at  ambient 
temperatures  but  also  at  elevated  temperatures.  The  embrittling  mechanism  and  agent 
are,  nevertheless,  quite  different  in  these  two  cases.  Hydrogen  is  the  major  embrittling 
agent  and  oxygen  is  beneficial  at  room  temperature,  whereas  oxygen  is  the  major 
embrittling  agent  at  elevated  temperatures  (typically  above  300'C).  At  present,  only  a 
few  intermetallic  systems  have  been  studied  for  enviroiunental  degradation  at  elevated 
temperatures,  and  data  are  available  mainly  for  Ni3Al ,  NijSi ,  and  (Fe,Co)3V  alloys 
[26-31,  59]. 

3.1  Ni^Al  Alloy.<i 

Tensile  properties  of  Ni3Al  ate  sensitive  to  test  temperature  and  environment. 
Figure  8  compares  the  tensile  elongation  of  a  Ni3Al  alloy  (Ni-21.5Al-0.5Hf-0.  IB) 
tested  in  air  and  vacuum  (l(h3  Pa)  as  a  function  of  test  tcmpcratuie  [26, 32].  The  alloy 
tested  in  air  showed  distinctly  Iowct  ductility  than  that  tested  in  vacuum  at  temperatures 
above  300’C,  and  the  severest  embrittlement  occurred  around  750'C,  despite  the  fact 
that  NisAl  alloys  exhibit  good  oxidation  resistaiKe  in  air.  The  loss  in  ductility  is 
generally  accompanied  by  a  change  in  fiactuie  mode  from  ductile  transgianular  to  brittle 
into’gianular.  Similar  embrittlement  has  been  observed  in  other  Ni3Al  alloys,  such  as 
B-doped  NisAl  containing  up  to  16%  Fe  [60]  and  B-doped  (Ni,Co)3Al  alloys  [28].  In 
these  cases,  oxygen  has  been  identified  as  the  embrittling  agent. 

Test  environments  also  affect  the  fatigue  life  of  boron-doped  Ni3Al  (24  at.  %  Al)  at 
elevated  temperatures  [27].  The  alloy  shows  a  sharp  dre^  in  fatigue  life  at  temperatures 
above  500’C  (Fig.  9),  even  when  tested  in  ccmventional  vacuum  (Ifh^  Pa).  This  result 
suggests  that  a  conventional  vacuum  may  not  be  good  enough  to  suppress  the 
environmental  embrittlement  in  NisAl.  The  drop  in  fatigue  life  is  accompanied  by  a 
change  in  fracture  mode  from  transgranular  to  intergranular. 
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Figure  8;  Change  in  tensile  elongation  with  tranpcrature  for  Ni-21.5%  Al-0.5%  Hf- 
0.1%  B  tested  in  vacuum  and  air  [26], 


Figure  9:  Change 
in  high-cycle  fatigue 
life  with  teiX9>erature 
for  NisAl  doped 
with  boron  and 
tested  in  vacuum 
[27]. 
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3.2  l>fi^Si  Alloys 

Like  NisAl,  NisSi  aUoys  also  exhibit  severe  enviromnental  embrittlement  in 
oxidudng  environments  at  elevated  temperatures  [61].  For  NisSi  and  NisCSLH)  alloys 
with  and  without  B,  tensile  ductility  decreases  sharply  at  tanperatures  above  300*C  in 
moist  air  [29].  The  ductility  of  low  silic(»  alloys  (e.g..  19  at.%)  reaches  a  minimum  at 
600’C,  and  above  that  teopaature  the  ductility  increases  sharply.  Tests  in  vacuum 
result  in  an  inoease  in  ductility  at  600*0  by  a  factor  as  high  as  20.  For  high  (Si+Ti) 
alloys  (e.g.,  21%),  ductility  decreases  continuoudy  with  increasing  temperature  and 
approaches  zero  above  600*0.  The  alloys  show  no  improvement  in  ductility  at 
temperatures  above  600*0  m  a  conventknud  vacuum. 

3.3  rFe.OoV|V  Alloys 

(Fe.Oo)3V  alloys  exhibit  environmental  embrittlement  at  ambient  and  elevated 
temperatures.  Hgute  10  shows  the  temperature  dependence  of  the  yield  strength  and 
tensile  elongation  of  a  (Fe220o78)3V  alloy  tested  in  air  and  vacuum  (10^  Pa)  [S9].  The 
yield  strength  shows  a  positive  tenqterature  dqrendence  from  300*0  to  Tc  (»  910*0), 
the  critical  tndering  temperature  of  the  alloy .  Anomalous  yielding  has  been  observed 
in  many  LI2  intermetallics  and  is  generally  explained  by  the  cross-slip-pinning 
mechanism  [62, 63]. 


TEMKMTUflE  TO 


Figure  10:  Temp¬ 
erature  dependence  of 
(o)  the  yield  strength 
(0.2%  offset)  and  (b) 
the  tensile  elongation 
of  (Fe22Co78)3V 
obtained  in  both  air 
and  vacuum  [39]. 
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The  tensile  ductility  of  the  alloy  decreases  sharply  at  temperatures  above  S00*C  and 
reaches  a  miniiiium  around  Tc  when  tested  in  air  and  vacuum  [59].  The  ductility  in  air 
is  lower  than  diat  in  vacuum  in  the  tanperature  range  of  S00*C  to  Tc.  The  reduction  in 
ductility  is  due  to  oxygen  which  penetrates  and  embritdes  grain  boundaries  in  the 
alloys.  It  is  not  clear  at  present  that  the  decrease  of  ductility  in  vacuum  with 
temperature  is  due  to  an  intrinsic  factmr  (such  as  increase  in  yield  stiengdi  with 
temperature)  or  residual  oxygen  (extrinsic  factor)  existing  in  convmrtional  vacuum 
systems,  or  both.  The  alloy  exhibits  a  dtarp  increase  in  ductility  and  becomes 
insensitive  to  test  environment  at  tonperatures  above  Tc  because  of  the  loss  long- 
range  order. 

3.4  Other  Intermetallics 

The  titanium  aluminide  TisAl  is  prone  to  oxygen-induced  eminittlement  at  elevated 
temperatures  [64].  Iron  aluminide  alloys  based  on  FesAl-FfcAl.  on  the  other  hand. 
exhiUt  no  ituhcation  of  elevated-ten^erature  embrittlement  in  oxidizing  environments 
[65],  even  though  they  show  sevoe  ambioit-temperature  embrittlement  in  moist  air. 
The  reason  for  the  absettce  of  elevated-wtrqretatureembtitttenent  in  these  aluminiries  is 
not  well  understood,  but  is  possiUy  related  to  the  lack  of  a  substantial  yield  aiK>maly 
togediCT  with  rapid  fmmation  of  protective  oxide  films  due  to  rapid  difiiision  in  these 
bcc  materials.  Further  studies  are  requited  to  clarify  these  points. 

3.5  Embrittling  Mechanisms 

Embrittlement  at  elevated  temperatures  is  caused  by  a  dynamic  effect 
simultaneously  involving  high  localized  stress  concentration,  elevated  temperature,  aixl 
gaseous  oxygen.  Such  a  dynamic  effect  involves  rqieated  weakening  and  cracking  of 
grain  boundaries  as  a  result  of  oxygen  absorption  and  penetration  at  crack  t^.  Based 
on  a  detailed  study  of  crack  growth  in  Ni3Al  alloys  tested  in  oxidizing  environments,  a 
fracture  mechaiusm  of  stress-assisted  grain-boundary  oxygen  penetration  has  been 
suggested  by  Hippsley  and  Devan  [30]  to  explain  the  elevated  temperature 
embrittlement  (Fig.  11).  This  model  consists  (tf  four  sequential  stq>s:  (i)  occurrence 
of  surface  cracks  at  the  initial  stage  of  deformation,  (ii)  chemistsption  of  gaseous 
oxygen  to  the  crack  tips  where  a  high  localized  stress  field  is  involved,  (iii)  oxygen 
penetration  in  its  atomic  form  to  the  stress  field  ahead  of  tips,  and  (iv)  inward 
development  of  surfoce  cracks  preferentially  along  the  grain  boundaries,  leaving  some 
secondary  cradts.  Steps  (ii)  to  (Iv)  proceed  continuously  and  repeatedly  during 
deformation,  leading  to  premature  fracture  and  severe  loss  in  ductility  at  elevated 
temperatures  in  oxidizing  environments. 
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Alleviation  of  Environmental  Embrittlement 


Environmemai  embrittiemeat  has  been  identified  as  a  main  cause  of  tbe  low  ductili^ 
and  brittle  Cnicture  in  many  ordered  intermetailics.  This  proUem  has  to  be  solved 
satisficiorily  if  intermetallic  alloys  are  to  be  used  as  engineering  materials.  De^tedieir 
different  embrittling  agents,  ambient-temperature  and  elevated-temperature 
emlnittlements  can  be  treated  together  because  bodi  invtdve  suifiMe  reactions  and  are 
sensitive  (o  localized  stress  concentrations.  Results  generated  to  date  indicate  that  die 
embrittlements  can  be  alleviated  or  reduced  by  0)  contnri  of  surfice  condidmis,  (ii) 
conmd  of  grain  size  and  shqie,  and  0ii)  alloy  additions. 


Control  of  surface  oOMfidons  is  a  sinqile  way  to  alleviate  environmental  d^ttriatkai 
[  involving  surface  reactions.  In  several  cases,  preoxidation  and  formation  of  proteedve 

oxide  scales  were  proven  to  be  beneficial  in  reducing  environmental  embritdement  at 
!  ambient  and  elevated  temperatures.  Preoxidation  at  lOOO’C  efiecdvely  reduces 

ambient-temperature  embrittlement  in  boron-doped  NisAl  charged  with  hydn^en  [45]. 

t 
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Formation  of  protective  oxide  scales  increases  the  tensile  ductility  of  FeAl  and  FesAl 
alloys  in  air  at  ambient-temperatures  and  the  ductility  of  boron-dt^ted  NiaAl  alloys  at 
elevated  teiiqteratuies  [26].  Unfortunately,  the  oxide  films  crack  afio-  stretching  a  few 
peroem,  and  their  protective  effect  disiqtpears.  Sur&ce  coatings  also  should  be  useful 
in  protecting  underlying  alloys  from  hydrogen  or  oxygen  penetration  along  grain 
boundaries  or  bulk  material;  however,  dsis  effect  has  not  yet  been  well  demonstrated. 


Qdumnar  grained  structures  have  proven  to  be  effective  in  increasing  the  ductility 
of  hfisAl  alloys  tested  in  nx>ist  air  at  room  and  elevated  temperatures.  Liu  and  Oliver 
[66]  fint  reported  that  die  tensile  elongation  of  cast  hypostoichiometric  NisAl  (24  at  % 
Al)  increased  from  1.2  to  14.1%  with  a  change  in  grain  shape  from  equiaxed  to 
columnar.  In  this  case,  the  columnar  grain  structure  with  a  strong  <1(X)>  texture  was 
produced  by  a  directional  levitation  zone  remelting  technique.  The  beneficial  effect  of 
the  columnar  grain  structure  tested  in  die  direction  parallel  to  the  growth  direction  is 
attributed  to  minimizing  the  normal  stress  across  the  boundaries  and  thus  reducing 
nucleation  and  propagation  of  cracks  along  the  boundaries.  Recently,  even  higher 
tensile  ductilities  were  reported  for  stoichicxnetric  and  hypeisKnchiomettic  Ni3Al  alloys 
with  a  columnar  grain  structure  with  a  <1Q0>  +  <lll>or<llQ>4-<lll>  texture  [67]. 
For  instance,  a  tensile  ductility  >1(X)%  has  been  obtained  in  stoichoimetric  NisAl 
tested  in  the  direction  parallel  to  the  growth  direction.  Surprisingly,  the  same  material 
tested  perpendicular  to  the  growdi  direction  also  showed  a  high  ductility  (28  to  31%) 
and  transgranular  fracture.  A  detailed  analysis  of  grain-boundary  chemistry  and 
character  (e.g.,  low  angle  vs.  random  boundaries)  as  well  as  the  influence  of 
environment  on  different  boundary  types  is  required  to  fully  understand  these 
interesting  results. 

The  role  of  grain  size  seems  to  be  the  same  whether  alloys  fracture  intergranularly 
(e.g.,  NisAl)  or  ttansgranularly  (e.g..  FesAl  and  FeAl)  [11,  68].  As  in  the  case  of 
structural  steels,  refining  grain  size  tends  to  reduce  susceptibility  to  embrittlement 


ConsideraUe  effort  has  been  devoted  to  alleviating  envirmrmental  embrittlement  by 
alloying  additions  in  intermetallic  alloys.  The  nxrst  prominent  case  involves  CosTi 
containing  23  at  %  TL  As  shown  in  Hg.  12.  tire  elements  V,  Ta,  Cr,  Mo,  W,  and  Ge 
at  a  level  of  3  at  %  have  no  beneficial  effects  on  ttxrisiure-uiduced  embrittlemem  in  air 
at  room  temperature,  whereas  the  elements  Fe  and  Al  completely  eliminate  the  moisture- 
induced  embrittlement  in  air  [18,15].  It  has  bemi  suggested  that  iron  may  create  a  more 
hotrxrgeneous  electron  distributioa  at  grain  boundaries;  however,  there  is  no  direct 
evidence  to  support  this  hypoOesis. 
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Hgure  12:  Effect  of  allt^  addition  on  nxxn-teaqieraturc  ten^  elonption  of  Co3li(23 
at  %  Ti)  tested  in  air  and  vacuum  [IS.  18]. 

Boron  has  been  found  to  be  effective  in  tediiciiig  moistue-induced  embrittlement  of 
grain  boundaries  in  certain  Llj  intennetallics.  As  shown  in  Table  3,  boron-ffee  NisSi 
and  Ni3(Si,Ti)  are  prone  to  environmental  embiittlemeat,  whereas  boron-doped 
NiafSi.H)  is  insensitive  to  test  environment  at  room  temperature  [34, 35].  This  result 
cleariy  indicates  that  boron  is  very  effective  in  alleviating  ambient-temperature 
embrittlement  in  NisCSi,!!).  Carbon-doped  bff3(Si,T!)  also  mchitats  high  ductility, 
independnit  of  test  environment  Boron  and  carbon  are  known  to  segregate  strongly  to 
grain  boundaries  in  Ni3(Si,Ti),  and  their  beneficial  effect  has  been  suggested  to  arise 
firan  slower  hydrogen  diffuskm  through  reducdmi  in  site  occupation  by  hydrogen  at 
the  boundaries.  Boron,  on  the  otha  band,  does  not  alleviate  embrittlement  in  CosTi 
[13],  possibly  because  there  is  no  strong  segregation  of  boron  to  grain  boundaries. 
Note  that  boron  eliminates  environmental  embrittlement  of  I>n3Al  in  nooist  air  [69],  but 
it  does  not  prevent  embrittlonent  induced  by  hydrogen  charging  in  Ni3Al  alloys  [16, 
17]. 

FqAI  and  FeAI  exhibit  severe  onbtittleaient  when  tested  in  mdst  air  at  ambient 
tenqieraturBS,  Recem  efforts  on  alloy  design  show  diat  die  ductility  <^Fe3Al  in  air  can 
be  substantially  improved  by  increasing  the  aluminum  concentration  ffom  25  to  28% 
and  by  an  addition  of  chromium  to  a  level  of  2  to  6%  [69-72].  The  increase  in 
aluminum  concentration  sharply  lowers  the  yield  strength  of  the  aluminide.  The 
chromium  additions  double  die  tensile  ductility  when  there  are  tntide  scales  formed  on 
qiedmenturfoces  during  hot  rdBflg  or  subieqaem  heat  treatment  in  air.  Refinementof 
grab  structure  and  control  of  the  degree  (rfieaystaOiaatioa  ate  effective  in  iiiqpvoving 
the  ductility  of  FesAl  and  FeAI  alloys  tested  at  room  tempenture  in  moist  air.  Aiso, 
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avoidance  of  water  lubricatioa  daring  machining  FeAl  alloys  has  been  shown  to 
prevent  surface  cracking  during  fabrication  [73]. 


A  ^tematic  stutly  of  alloiying  additions  on  the  tensile  ductility  of  NisAl  shows 
that  no  element,  except  chromiuni,  signiiicantly  alleviates  elevated-temperature 
embrittlement  in  air  [32].  Alloying  NisAl-t-B  with  8%  Cr  is  effective  in  alleviating 
oxygen  endnittlement  at  elevated  temperatures  (Fig.  13).  The  chromium  addition 
increases  the  minimum  ductility  of  NijAl  and  N^-fFe  alloys  at  700*C  firom  6%  to 
above20%.  Chromium  is  also  efEective  in  redudngelevaied-tenqieratineembrittlaDent 
in  Ni3Si  alloys  [61].  Cyclic  loading  tests  indicate  titat  chromium  additions  improve  die 
fatigue  resistance  of  NisAl  alloys  tested  in  air  at  elevated  temperatures  [74],  The 
benericial  effect  of  chromium  is  related  to  the  rapid  fctmation  of  protective  chrcnnium 
oxide  films  that  reduce  the  penetration  of  oxygen  into  NisAl  grain  boundaries. 


Hgure  13:  Effect  ofchromium  on  elevated  tenveratureductilbyctfNiyAl  [32]. 
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Abstract 

Modem  microelectronic  devices  rely,  almost  exclusively,  on  the  use  of  AI(Cu) 
thin  films  for  interconnection  metallurgy.  As  density  of  these  devices  increases, 
stringent  demands  are  imposed  on  their  performance  where  foilures  occur  by 
dififusion-induoed  mechanisms,  notably  electromigration  and  hillock  growths.  To 
suppress  dififiision  processes  of  various  kinds,  difiiision  barriers  are  interposed 
between  thin  film  structures.  A  novel  approach  in  this  r^ard  is  the  in-aitu  fm- 
mation  of  difiusion  barriers  of  the  TiAl3  intermetallic  compound  which  has  been 
successfully  employed  in  the  IBM  bipolar  transistors  and  612Kb  SRAMs.  The  re¬ 
sulting  devices  have  exceeded  tlm  electromigratitm  performance  of  tlm  earlier 
metallizatian  schemes.  In  this  article,  the  difiusimi  processes  operating  during  the 
growth  of  the  TiAl3  films  are  described.  New  measurements  of  the  *^Cu  radiotracer 
in  TiAl3(0.5wt%Cu)  polycrystalline  films  have  been  made,  and  are  compared  with 
the  intrinsic  difiusion  of  Ti  and  A1  obtained  earlier  liom  the  growth  kinetics. 
Finally,  the  implications  of  tihe  difiusion  kinetics  of  the  various  atmnic  species  in¬ 
volved  are  examined  in  context  to  the  outstanding  improvemmrts  achieved  in  the 
electromigrati<m  peiformance  of  the  thin  film  package  en^>lQyed  fiv  interoon- 
nectums  in  the  above  mentioned  IBM  devices. 
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Introduction 


Aluminum  metallization  has  been  the  mainstay  of  metal-oxide-semiconductor 
(MOS)  devices  in  the  microelectronic  industry  since  their  inception.  However  in 
the  modem  devices,  pure  A1  metallization  has  given  way  to  oomidex  structures 
incorporating  multilevel  thin  filmw  of  A1  alloy  as  conductors,  difihsion  barriers, 
stacked  contact  vias  etc.  The  driving  force  in  these  complex  ULSI  circuits  has  been 
high  density  and  operating  speeds  in  the  nanosecond  range  which  have  become 
possible  coupled  with  hif^  reliability  against  failure  mechanisms  such  as 
spikingd],  electromigration  and  unacceptable  materials  reactions.  Difiusion  bar¬ 
riers  are  critical  components  of  such  structures  as  tiiey  separate  A1  and  other 
metals  firom  Si.  Since  diffusion  processes  are  significantly  slower  in  intermetallic 
compounds  compared  to  their  constituent  metals,  transition  metal  aluminide  thin 
films  have  been  studied  extensively  for  their  formation  kinetics  and  difiusion  bar¬ 
rier  properties.  These  studies  have  been  recently  reviewed  by  Colgan[2}. 

Of  the  numerous  transition  metal  aluminide  systems  investigated  during  the 
last  decade,  TiAl3  films  have  shown  the  best  properties  for  application  in  the  IBM 
bipolar  logic  and  array  chips[3]  and  512Kb  SRAM[4]  devices.  This  is  due  to  the 
ease  of  in-situ  formation  at  low  temperatures  in  the  300-400*  C  range,  accompa¬ 
nied  by  such  needed  properties  as  thermal  stability,  good  adhesion,  low  level  of 
stresses  and  defect-free  planar  interfaces  over  the  entire  area  of  the  200mm  dia 
Si  wafers  currently  used  in  the  VLSI  industry.  In  Fig.Ka  and  b),  sdiematic  cross 
sections  of  the  IBM  four-level  bipolar  transistor[3]  and  three-level  612Kb  CMOS 
SRAM[4]  are  shown.  During  device  processing,  the  Ti  over  and  under  the  AKCu) 
metallization  results  in  the  formation  of  TiAlsCCu)  thin  film  diffusion  barriers. 
In  the  final  product,  the  electromigration  resistance  improved  by  a  factor  of  -100 
with  respect  to  the  AKCu)  metaIlization[6I  and  current  density  limits  could  be 
raised  to  as  hi^  as  500,000A/cm^.  In  the  past,  the  electromigration  lifetimes  for 
pure  A1  thin  film  conductors  have  been  only  about  45  hours  at  a  current  density 
of  -10^  A/cafi  and  at  an  average  temperature  of  SS'C,  and  addition  of  4%Cu  re¬ 
sulted  in  improvements  by  a  factor  of  -70(6]. 

In  this  article,  we  will  describe  difiusion  properties  of  the  binary  TiAls  and 
ternary  TiAl3(0.5wt%Cu)  blanket  thin  films.  Incorporation  of  Cu  into  TiAl3  films 
is  important  to  prevent  cheminal  divergence  in  the  multilevel  metallizations  during 
electromigratimi.  Two  kinds  of  measurements  will  be  discussed:  (1)  Ibe  instrinsic 
diffusion  of  Ti  and  A1  during  the  formation  of  the  TiAl3  films  from  the  evaporated 
Ti/Al  thin  film  couples  with  or  without  Cu  whidr  have  been  studied  earlier  by 
Tardy  and  Tu[7].  In  these  studies  Rutherford  Badr  ScatteringfRBS)  technique  was 
employed.  (2)  Grain  boundary  difiusion  studies  employing  ^Cu  radiotracer  and 
sectioning  techniques  in  the  pre-reacted  TiAl3(0.6wt%Cu)  films. 
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Pig.  1  Rn>ii>w»i«:ir«  of  multilayer  metallizations  in  ULSI  applications,  (a)  IBM 

bipolar  transistor  with  four-levd  wiring  of  WAKCuyTi  and  Al(Cu)  via 
contacts,  B  =  base,  E  =  emitter,  C  =  collector  (after  Brown  et.  al  Ref. 
3  IBM  copyright  1992  reprinted  with  permission),  and  (b)  512Kb 
SRAM  with  3-level  wiring  of  Ti/AKCuVTi  and  CVD  W  via  contact 
(after  Joshi  et.  al  Ref.4) 

Blaterials,  Methods  and  Results 

Re»rtion  studi«.  in  Ti/Al  and  Ti/Al-0.8wt.%Cu  tfijn  film  g^upl^  (IntriBsic_difc 
fusion  studies) 

Tardy  and  Tu[7]  have  studied  interdiffusion  and  formation  of  1^3  in  Ihin  filin 
couples  of  Ti/Al  and  Ti/Al-0.6wt%Cu.  Eadi  metal  had  an  initial  thichness  of 
200nm,  and  a  temperature  range  of  360-600'  C  was  investigated.  The  gro^ 
kinetics  were  measured  by  the  RBS  technique.  For  extraction  of  the  mtannsic  dif¬ 
fusion  coefficients  of  Ti  and  Al  from  the  growth  data,  tungsten  markers  Krere 
plffnoH  at  the  interface  in  the  form  of  discontinuous  films  of  Inm  thickness.  In 
2(a  b  and  c)  RBS  spectra  of  the  two  kinds  of  thin  film  couples  are  shown  with  or 
wifeoiit  W  markers.  The  thickness  "x"  of  the  TiAla  layer  showed  square-ro^- 
time  dependence  during  growth  firom  which  chemical  interdiffusion  coefficients 
were  computed  as  function  of  temperature: 


x2=4D,t,  (W 

where  x  is  the  thickness  of  the  TiAla  film  formed  at  time  t,  D,  is  the  Aemicrf  d^ 
coefficient  and  t  is  the  time  for  annealing.  The  chemical  diffosivity  is  related 
to  the  ipfa-iwif.  difibskm  of  Ti  and  Al  as: 


*> 
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D.=D|j/0  +  l)  +  pD^(P  +  l), 


(2) 


where  p  is  the  atomic  ndo  equal  to  3  in  TiAls,  and  Df;  and  are  the  intringif 
difiusion  coefficients  for  Ti  and  Al,  respectively  in  TiAlg.  In  Fig.  2c,  W  mariner 
displacements  are  seen  clearly  at  400*  C  for  annealing  periods  of  30, 180  and  GOO 


Fig.  2  Butherford  Back  Scattering 
Spectra:  (a)  of  Al-Ti  bilayer 
films  after  several  annealing 
periods  at  400  *  C,  (b)  of 
Al/lnm  W/  Ti  structure 
where  slowing  of  the  growth 
of  TiAl3  occurred,  and  (c) 
hi^  energy  part  of  spectra 
G>)  showing  displacements 
in  W  peaks  upon  annealing 
at  400  *  C  (  Tardy  and  Tu 
Ref.  7) 


minutes.  Unequal  intriiuic  difiusion  of  Ti  and  Al  species  is  respmisible  for  the 
marker  shift.  They  are  related  as: 


dJ,  ^  ’ 


(3) 


where  x^,  Z2  and  Xn  are  the  positions  of  IVTiAls,  Al/RAls  interfaces  and  W  markm, 
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respectively.  These  positions  are  referred  to  the  free  surfoce.  Tardy  and  Tu  solved 
Eqs.  1,  2  and  3  and  obtained  values  of  intrinsic  diffusion  coefficients  for  the  Ti  and 
A1  species  in  TiAi3  as  a  function  of  temperature.  Corrections  were  made  for  the 
drag  effect  by  the  W  film  on  the  reaction  kintics.  In  Fig.3,  the  intrinsic  diffiisimi 
coefficients  for  Ti  and  A1  in  the  TiAls  reaction  are  shown  wiffi  or  without  Cu. 
Addition  of  0.6wt.%Cu  to  the  TiAlg  films  resulted  in  slowing  of  the  kinetics  with 
the  activation  energy  for  Ti  intrinsic  diffusion  increase  from  1.68  to  2.17eV.  The 
change  in  the  A1  intrinsic  diffusion  was,  however,  relatively  small  and  periiaps 
n^ligible. 


496  407  305  eSI*C 


HKg.  s  Grain  boundary  diffusion  of 
^Cu  tracer  in  evaporated 
TiAl3(0.5wt%Cu)  films 
shown  by  •  and  compared 
with  the  intrinsic  diffijsion 
coefficients  of  Ti  and  A1  ob¬ 
tained  finm  the  growth 
kinetics  of  TiAls  and 
TiAl30.6wt.%Cu  films 
(after  Tardy  and  Tu  Ref.  7) 


Pig.  4  Rutherford  Back  Scattering 
spectra  of  three-level 
TLAl3(0.6wt%Cu)  evaporated 
films  used  in  *^Ca  tracer 
diffusiim  study,  solid  line  — 
as  deposited,  broken  line 
—  annealed  at  400  *  C  for 
a  total  of  40  hours  in  fena- 
inggas. 
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As  earlier,  spatial  variation  of  Cu  concentration  in  the  multilevel 

metallization  is  detrimental  for  electromigraticm  resistance.  Hmice,  difliision  of  Cu 
was  studied  in  pre-reacted  TiAl3(0.5wt%Cu)  films  using  ^Cu  radiotracer  and  se¬ 
rial  microsectianing  techniques. 

For  the  Cu  difiusion  studies,  three-lajmred  evaporations  were  made  consisting 
of  450nm  Al(0.5wt.%CuV131nm  Ti/lOOnm  Al(0.6wt%Cu)  films  on  oxidized  Si  wa¬ 
fers  in  a  vacuum  of  SxlO-^  Torr  at  room  temperature.  The  details  of  the  deposition 
have  been  desciibed  earlier  by  Rodbell  et.  al  [8]  Following  depositimi,  the  com¬ 
posite  films  were  annealed  initially  for  1  hour  at  400'  C  and  later  for  39  hours  at 
450'  C.  Moisture  free  90  NyiOH2  gas  mixture  was  used  for  ambient  in  both  cases. 
In  Fig.  4,  the  RBS  spectra  for  the  as  deposited  and  annealed  TiAl3(0.5wt%Cu)  films 
are  shown.  The  resulting  films  were  further  characterized  by  x-ray 
diffiractionCXRD),  selected  area  diffiraction(SAD)  and  cross-section  and  plan-view 
transmission  electron  microscopyfTEM).  In  Fig.  5(a,  b,  and  c),  SAD  patterns, 
plan-view  and  cross-section  TEM  micrographs  are  shown.  From  the  SAD  patterns, 
a  dominant  presence  of  TiAl3  phase  was  inferred,  and  the  extra  rings  were  indexed 
for  the  long-period  superlattice  Ti3Al23  phase.  In  the  plan-view  and  cross-section 
TEM  micn^raphs  well  formed  columnar  grains  of  TiAl3  phase  are  seen  which  are 
firee  from  the  presence  of  a  secondary  phase  such  as  CUAI2  or  a  hi^  density  of 
dislocations. 

The  radiotracer  diffusion  techniques  and  the  subsequent  microprofiling  of  the 
diffused  tracer  into  the  thin  film  specimens  have  been  described  earlier(9]  and  will 
not  be  repeated  here.  In  Fig.  6,  several  plots  of  the  log  of  the  firactional  specific 
activity  of  the  ^'^Cu  tracer  versus  the  penetration  distance  to  the  power  6/5  are 
shown  for  typical  diffusion  measurements  in  the  251-407'  C  range.  It  is  seen  that 
these  plots  have  linear  regions  indicating  that  a  grain  boundary  diffusion  process 
is  opertive.  The  penetration  profiles  were  therefore  analyzed  using  the 
Whipple[10]  and  Suzuoka(ll]  asymtotic  solution: 

where  Db  and  Di  are  the  grain  boundary  and  lattice  diffusion  coefficients  req)ec- 
tively,  C  is  the  specific  activity  of  the  *^Cu  radiotracer  at  distance  y  into  the  sample 
at  time  t,  t  is  the  time  fin*  diffusion  and  6  is  the  efifective  width  of  the  grain 
boundary.  To  be  able  to  extract  the  product  SDb,  values  of  D|  are  required  at  the 
temporaturee  of  measuranent  but  these  data  are  not  available  for  the  llAls  idiaae. 
In  their  absence,  the  activation  energy  Qi  for  lattice  diffusion  was  eetimaM  finm 
the  empirical  relationship  Qi  -  SdTmfcalAnole),  where  Tg,  is  the  mdting  tmper- 
ature  of  TiAlsdfildK}  and  a  value  for  the  Doi  of  1  em^foec  was  assumed.  Further¬ 
more,  the  grain  boundary  width  8  was  assumed  to  be  lO-?  cm. 
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Characteristics  of  the  evap¬ 
orated  TiAls  (0.5wt%Cu)' 
films  grown  at  400“  C  for  at 
total  of  40  hours  in  forming 
gna-  (a)  Transmission 
electron  diffraction  patterns, 
(b)  TEM  plan-view  and  (c) 
TEM  cross-section.  Note  co¬ 
lumnar  equiaxed  grains  of 
TiAls  phase  and  absence  of 
CuAl2(6)  particles. 


Typical  diffusion  profiles  of 
the  *^Cu  tracer  in 
TiAl3(0.5wt%Cu)  films.  The 
slopes  firom  the  linear  re¬ 
gions  to  the  ri^t  of  arrows 
in  these  plots  of  the  specific 
activity  versus  6/5  power  of 
penetration  distance  were 
used  in  Eq.  4  for  computa¬ 
tion  of  5Db  values  listed  in 
Table  I. 
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The  grain  boundary  diffusion  coefficients  for  Cu  in  the  TiAl3(0.5wt%Cu)  flinm 
evaluated  using  the  above  procedure  are  listed  in  Table  I  and  displayed  in  Fig.  3. 
It  is  seen  that  these  data  are  not  too  different  from  those  obtained  by  Tardy  and 
Tu(7).  The  Cu  diffusion  parameters  in  the  grain  boundaries  of  TiAl3(0.5wt%Cu) 
films  are  described  by  Qb(Cu)  =  1.46eV  and  DobCCu)  =  1.37x10^  ea?/  see.  The 
parameters  for  intrinsic  diffusion  of  Ti  and  A1  in  Cu-fiee  TiAls  filmn  measured 
Tardy  and  Tu  are  Qia(Ti)  =  1.68eV,  Qi„(Al)  =  l.SleV,  IWTi)  =  2xl(H  cm^Vsec  and 
DinoCAl)  =  0.14  cm^/sec  respectively.  The  intrinsic  diffusion  parameters  for  Ti  in  the 
TiAls  films  containing  O.fiwMfcCu,  however,  changed  to  ^  =  2.17eV  and  DmoCTi) 
=  IS  cm^/sec.  while  those  for  A1  renrained  imaffected. 


Table  I.  Grain  Boundary  Diffusion  Data  of  ^Cu  Tracer  in  TiAl3(0.5wt%Cu)  Filins. 


T/»C 

t  /  min 

3tocldx*i* 

SDt  1  emV' 

D,/cm»s-«  +» 

251 

15529 

36346 

6.23xl0-'s 

2.24X10-" 

2a4xl(i'’ 

1044332 

6.23xl0-» 

3.80x10-" 

3.«0xlfr'* 

305 

10157 

198987 

9.20xl0-'« 

8.98xlfr" 

*.9«xlfr“ 

407 

3890 

471171 

5.55xl0-'J 

1.27x10-" 

1.27xlfr'« 

332368 

5.55xl0-'2 

2.26x10-" 

2.26xl0-'« 

♦>  assuming  Q;=  2.46cV  and  Dw=  IcmV  using  an  empirical  approximation. 
*)  <5=  lO-’cm,  Q*=  1.46eVand<5D»=  l.37xl0-'» emV. 


Discussion 

In  t.hia  section  we  discuss;  (a)  the  nature  of  the  intrinsic  (Ti  and  Al)  and  impu- 
ri^  (Cu)  diffusion  in  the  polycrystalline  TIAI3  films  with  or  without  -O.SwttfcCu, 
and  (b)  the  characteristics  of  the  TiAl3(0.6wt%Cu)  films  as  diffusion  barriers  and 
their  application  for  enhancement  of  the  electromigration  resistance. 

(a)  Intrinsic  diffusion  of  Ti  and  Al  and  impurity  diflusiop  of  Cu  in  TiAla  fillM 

Intrinsic  diffusion  coefficients  of  Al  in  the  TiAls  films  with  or  without  Cu  are 
higher  compared  to  Ti(  Fig.3).  This  difference  is  inherent  in  the  diffusion  mech¬ 
anism  in  ordered  alloys  such  as  TiAlg  and  has  been  discussed  by  Tardy  and 
Tu[7].  In  their  model,  diffiision  of  both  species  was  assumed  to  take  place  via  a 
vacancy  mechanism.  It  is  to  be  noted  in  the  TLAlg  lattice,  shown  in  Fig.  7,  that 
there  are  three  kinds  of  planes  where  the  atomic  arrangements  of  the  Ti  and  Al 
-  atoms  are  distinctly  different.  In  the  basal  (0  0  0)  plane,  Ti  atoms  occupy  the  cor- 
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Fig.  7 


TiAls  Unit  cell;  Tetragiimal 
(14^nmin)  a  =  b  =  3.8537A, 
c  =  8.6839A  with  Ti  at  (0  0 
0),  A]<i,  at  (  0  0  1/2)  and 
A1(2)  at  (0  1/2  yA). 


ners  of  the  tetragonal  odl  and  an  A1  atom  resides  in  the  face  center,  in  the  (0  0 
1/2)  plane  the  arrangement  of  the  Ti  and  A1  atoms  is  reversed,  but  still  they  re¬ 
main  near  nei^bors.  These  A1  atoms  are  denoted  by  Al(i)  in  Fig.  7.  Finally, 
sandwiched  between  these  two  planes  is  the  (0  1/2  1/4)  plane  where  only  A1  atoms 
reside,  let  us  denote  them  by  Al(2).  the  Al<2)  atoms  diffuse  without  any  interference 
firom  Ti  atoms  but  Al<i)  atoms  have  to  undergo  hi^y  correlated  motion  to  preserve 
long  range  order  with  Ti  atoms,  and  consequently  they  are  substantially  slower. 
Thus,  the  Al(i)  and  Al(2)  atoms  together  diffuse  at  a  mudi  &ster  rate  than  the  Ti 
atoms  since  they  too  must  maintain  long  range  order  with  A1  atoms,  but  a  plane 
wholly  occupied  by  Ti  atoms  is  lathing.  Broadly  speaking,  in  ordered  lattices  hav¬ 
ing  imequal  population  of  the  two  kinds  of  atoms,  the  majority  species  diffuses 
faster  than  the  minority  spedes  since  the  latter  is  caged.  This  is  sometimes  known 
as  the  AgB  rule,  and  has  been  discussed  by  dUeurle  in  these  symposia  pro¬ 
ceedings.  Also,  several  articles  in  these  proceedings  cover  the  topic  of  correlation 
effects  in  ordered  alloys.  Consequently,  the  diffusion  mechanisms  in  the  TiAls 
lattice  will  not  be  discussed  further. 

In  the  TiAls  films  containing  Cu,  Cu  has  been  considered  by  Tardy  and  Tu  to 
substitute  for  the  A1  atoms,  and  its  diffusion  also  occurs  by  vacancies.  In  Fig.  3, 
the  activation  energy  for  Ti  intrinsic  diffusim  is  seen  to  be  enhanced  by  the  pres¬ 
ence  of  Cu,  but  that  for  A1  atoms  remains  unaffected.  Hus  difference  has  been  at¬ 
tributed  to  the  strong  binding  between  A1  and  Ti  atoms,  and  relatively  weak 
binding  between  A1  and  Cu  atoms.  In  the  evaporated  films,  the  long-period 
TifAlss  compound  also  forms  along  with  the  TiAls  ihase.  A  priori,  diffuakm  proc¬ 
esses  in  tile  long-period  TisAlgs  compound  are  also  soqiected  to  have  constraints 
similar  to  the  TiAls  phase  rinoe  the  local  atomic  arrangenwnts  in  both  remains 
essentially  the  same. 
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Difiusion  of  Cu  impurity  in  TiAl3(0.5wt%Cu)  films  is  important  because  of  its 
role  in  electromigration  resistance  which  will  be  discussed  in  the  following  section. 
As  mentioned  in  the  preceding  section,  combined  parameters  SDb  were  first  com¬ 
puted  according  to  Eq.  4  from  the  linear  s^ments  of  the  ^Cu  profiles  shown  in 
Fig.  6.  The  reduced  grain  boundary  difiusion  coefficients,  after  taking  out  the  grain 
boundary  width  parameter,  5,  were  then  obtained  and  are  compared  with  the  in¬ 
trinsic  difiusion  coefficients  of  Ti  and  A1  in  TiAls  phase  in  Fig.  3.  Hie  grain 
boundary  difiusion  coefficienta  are  seen  to  be,  on  average,  an  order  of  magnitude 
hitter  tbao  the  intrinsic  difiusion  of  Ti  and  Al.  This  is  contrary  to  general  findings 
in  most  metals  and  alloys  where  grain  boundary  diffiision  coefficients  are  typically 
4-6  orders  of  magnitude  hij^er  than  in  the  lattice.  Hiere  are  two  possible  expla¬ 
nations  for  this  observation.  (1)  The  intrinsic  difiusion  of  Ti  and  Al  in  the  TlAls 
phase  is  already  hi^er  due  to  the  presence  of  extra  vacancies  needed  to  balance 
small  departures  finm  the  stoichiometry  which  may  occur  in  these  films.  The  extra 
vacancies  have  been  known  to  elevate  difiusion  coefficients  by  several  orders  of 
magnitude  in  many  ordered  alloys  such  as  NiAl,  NisAl,  AuZn,  AuCd[12].  Alterna¬ 
tively,  (2)  the  grain  boundaries  in  the  TiAls  phase  as  well  may  be  considered  to 
have  special  or  ordered  structure  so  that  difiusion  in  them  would  be  slower  com¬ 
pared  to  more  open  grain  boundaries  commonly  found  in  other  metals  and  alloys. 
It  is  not  yet  possible  to  single  out  one  or  the  other  possibilities.  However,  the 
similarity  between  the  grain  boundary  difiusion  and  intrinsic  difiusion  of  Ti  and 
Al  in  TiAls  does  have  important  implications  in  the  enhanced  electromigration 
lifetimes  of  the  metallizaticm  structures  containing  TiAl3  (shown  in  Fig.  1)  and  will 
be  discussed  in  the  following  section. 

(b)  Diffusion  hm-^oT'  chapiriMriati^f  «f  films  and  their  role  in  en- 

hangmg  thg  gtwtrogdgratiwi 

As  seen  in  Fig.  1,  Ti  films  have  found  application  in  IBM  bipolar  transistors  and 
512Kb  CMOS  SRAMS.  In  the  Ti-Al(Cu)-'n  sandwich  structures  with  via  contacts 
filled  with  Al(Cu),  the  electromigration  performance  exceeded  the  emlier 
Al(Cu)-Hf-Al(Cu)  metallization  by  a  factor  of  almost  100(6).  Furthermore,  they 
appear  to  have  more  immunity  to  void  formation  under  thermal  stresses.  Full 
understanding  of  this  remarkable  gain  in  the  electromigration  performance  is  not 
yet  possible.  Before  we  discuss  the  difiusion  data  in  the  TiAl3(0.5wt%Cu)  films, 
we  will  briefly  summarize  the  factors  which  may  be  responsible  for 
electromigration  foilures. 

In  the  older  fdanar  technology,  electromigration  failures  occurred  as  a  result  of 
atomic  flux  divergences  at  the  grain  boundaries,  notably  triple  points  and  mixed 
grain  regions.  Incorporation  of  4wt%  Cu  to  Al  films  was  finind  to  reduce 
electromigratimi  by  a  complex  process  which  involved  reductimi  of  grain 
boundary  difiusion  of  Al  by  Cu.  The  Cu  is  readily  available  from  the  CuAljlG) 
predpitatea  which  acted  lilu  reservoirsiS).  It  is  noteworthy  that  Cu  atoms  th^- 
selves  electromigrate.  It  was  later  discovered  that  the  reservoirs  were  not  infinite 
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and  with  time  the  supply  of  Cu  atoms  was  depleted  as  the  CUAI2  phase  dissolved. 
At  that  point,  electromigration  of  A1  atoms  accelerated  again  and  led  to  failnraA 
In  the  new  technology  consisting  of  multilevel  conductors  with  stacked  via  wmtarty 
shown  in  Fig.  1,  the  AKCuVW  inter£Eu»  provides  an  additimial  source  of  flux  di¬ 
vergence  which  has  been  recently  investigated  by  Hu  et.  al[13]  limy  found  an  in- 
cubatitm  time  before  degradation  commenced  at  the  atomic  flux  divergence  site, 
which  was  correlated  with  the  dissolution  of  the  CUAI2  precipitates  and  was  ac¬ 
companied  by  void  formation  close  to  the  cathode  and  growths  at  the  anode.  Due 
to  the  unavailability  of  Cu  atoms  at  the  depleted  sites,  A1  started  to  migrate  more 
rapidly  until  another  CUAI2  particle  was  encountered  which  blocked  the  migration. 
It  was  this  acceleration  and  retardaticm  of  Ae  A1  migration  which  resulted  in 
extrusions  and  hillocks.  The  presence  of  W  via  contacts  results  in  an  interruption 
of  the  Cu  supply.  All  the  CUAI2  precipitates  were  swept  away  in  the  Al(Cu)  above 
the  W  via  in  120  hours,  thereby  causing  electromigration  failures.  In  the  case  of 
Al(Cu)  vias,  which  also  contained  the  TiAl3(0.5wt%Cu)  films,  no  such  problem  was 
encountered.  Obviously,  continuity  of  the  Cu  migration  needs  to  be  maintained 
throu^out  the  structure. 

We  now  discuss  the  diffusion  data  in  the  HAlsCO.Swt^Cu)  films  (Fig.  3)  in  the 
context  of  their  use  as  diffusion  barriers  and  as  electromigration  resistant  layers. 
The  A1  and  Ti  intrinsic  diffusion  in  the  TiAls  films  with  or  without  Cu  is  very  slow 
compared  to  the  electromigration  kinetics.  The  activation  energies  for  these  two 
elements,  in  the  1.68-2.17eV  ran^,  are  much  larger  than  the  the  activation  ener¬ 
gies  for  electromigration  in  A1  and  A1  alloys  films  (commonly  in  the  0.5  •  l.OOeV 
range[6]).  Furthermore,  the  activation  energy  for  interdiffiision  in  Al/Cu  films  is 
1.0eV(14].  Hence,  TiAl3(0.6wt%Cu)  films  can  be  omsidered  diffusion  barriers 
against  the  migration  of  A1  atoms,  contingmrt  on  the  film  continuity  and  adequate 
thickness.  Althou^  TiAl3(0.5wt%Cu)  films  may  retard  migration  of  Cu  atoms 
compared  to  the  Al(Cu)  films,  Cu  migration  still  remains  substantu  1  compared  to 
that  in  CVD  W  films  which  has  been  recently  reported(15].  Hence  it  is  not  sur¬ 
prising  that  Al(Cu)  stacked  vias  perform  better  in  comparison  with  the  W  stacked 
vias. 

The  electromigration  behavior  of  films  containing  TiAls  hirers  has  been  found 
to  be  superior  to  films  which  contain  TiyAl^g  [8].  The  formation  of  these  latter 
superlattice  structures  in  the  Ti  -  A1  system  results  in  Ti-rich  unit  cells,  i.e.  A1 
deficient  structures.  Such  intennetallics  tend  to  form  large  unit  cells  due  to  sli^t 
shifts  in  the  atomic  positions  of  the  Ti  and  A1  atoms  firom  (he  symmetric  positions 
found  in  the  closely-related  line  compounds,  e.g.  TiAls,  see  Fig.  7.  A  larger  pcdnt 
defect  density,  which  more  readily  allows  for  atomic  difiusi<m,  would  also  be  ex¬ 
pected  in  Ti  -  A1  superlattioes  than  in  ’nAl3  stmdiiometric  compounds.  This  would 
result  in  faster  difihsion  of  A1  throu^  the  superlattice  redundant  layers  than 
throu^  similar  TiAls  layers  resulting  in  inferior  efectromigration  performance. 
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'Hiiji  filiTiB  of  TiAls  intermetallic  compound  have  been  employed  in  the  multi¬ 
level  interconnection  metallization  of  IBM  bipolar  translators  and  612Kb  CMOS 
SRAMs.  In  these  applications,  significant  enhancements  in  the  electromigration 
performance  have  been  reported.  Implications  of  the  diffusion  kinetics  of  the  vari¬ 
ous  atomic  species  involved  in  the  llAls  {foase  are  examined  in  this  artide. 

The  diffusion  parameters,  the  activation  energy  and  the  pre-eqxmential  foctors, 
for  intrinsic  diffusion  of  Ti  and  Al[71  are:  Qm  =  1.68ev,  DiQ„(Ti)  =  2zlff3  cmVaec; 
Qin(Al)  =  l.SleV,  and  DjnoCAl)  =  0.14  cm^/sec.  Incorporation  of  0.6wt%Cu  in  the 
TiAls  films  resulted  in  slowing  of  the  intrinsic  diffusion  of  Ti  aitd  its  diffusion  pa¬ 
rameters  diange  to:  Qin(Ti TiAl30.6wt%Cu)  =  2.17eV  and 

Dino(Ti  -♦  TiAl30.6wt%Cu)  =  16  cm^/sec. 

Grain  boundary  diffusion  of  Cu  in  TiAl3(0.6wt%Cu)  films  has  also  been  meas¬ 
ured  and  the  parameters  are:  Qb(Cu TiAl3(0.6wt%Cu))  =  1.46eV  and 
Dob(Cu  ->  TiAl3(0.6wt%Cu))  =  1.37x10^  cm^/sec.  Grain  boundary  diffusion  of  Cu 
in  TiAl3(0.5wt%Cu)  has  been  found  to  be  unexpectedly  slow  and  may,  perh^M,  be 
atttributed  to  the  presence  of  special  grain  boundaries  in  this  class  of  ordered 
intermetallic  compounds. 

Several  factors  may  be  responsible  for  the  remarkable  improvements  in  the 
electroinigrati<m  performance  of  the  interconnection  metallization  containing 
TiAl3(0.6wt%Cu)  in  the  devices  mentioned  above.  Diffusion  kinetics  of  all  the  con¬ 
stituent  atomic  spedes  of  the  TiAl3(0.5wt;%Cu)  metallization  are  slower  than  the 
electromigratiim  kinetics  reported  in  the  pure  A1  or  AKCu)  alloy  structures.  Slower 
diffusion  kinetics  are  also  expected  to  retard  electromigration  damage.  Along  with 
TiAls,  B  long-period  superlattice  phase,  TioAlgs,  co-exists  in  the  evaporated 
TiAl3(0.6wt%Cu)  which  contains,  a  high  density  of  point  defects.  The 
TiAl3(0.6wt%Cu)  layers  are  also  expected  to  provide  redundancy  for  current  flow 
when  the  underlying  Al(Cu)  conductor  becomes  discontinuous  during 
electromigration. 
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